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Nickel-base  superalloys: 
current  status  and  potential 

By  M.  McLean 

Department  of  Materials^  Imperial  College  of  Science,  Technology  and  Medicine, 
Prince  Consort  Road,  London  SW7  2BP,  UK 

The  evolution  of  nickel-base  superalloys  has  occurred  over  about  50  years  through 
a  combination  of  alloy  and  processing  developments  to  satisfy  quite  different 
service  requirements  of  various  components  of  the  gas  turbine.  There  is  now  a 
good  general  understanding  of  the  mechanisms  leading  to  the  unusual  mechani¬ 
cal  properties  of  these  precipitation  strengthened  materials.  Although  the  scope 
for  further  significant  improvements  in  the  behaviour  of  nickel-base  superalloys 
appears  to  be  limited,  it  is  unlikely  that  their  full  potential  is  yet  being  achieved 
in  engineering  applications.  Progress  towards  the  development  and  validation  of 
constitutive  laws  describing  fully  anisotropic  deformation  is  described. 


1.  Introduction 

The  development  of  nickel-base  superalloys  has,  almost  entirely,  been  motivated 
by  the  requirement  to  improve  the  efficiency,  reliability  and  operating  life  of  gas 
turbines.  There  have  been  other  peripheral  applications  but,  at  present  about 
90%  of  superalloys  produced  are  used  in  gas  turbines  for  a  range  of  applications, 
including  aerospace,  electricity  generation,  gas/oil  pumping  and  marine  propul¬ 
sion.  The  differing  requirements  in  specific  parts  of  the  engine  and  the  different 
operating  conditions  of  the  various  types  of  gas  turbine  have  led  to  the  develop¬ 
ment  of  a  wide  range  of  nickel-base  superalloys  with  individual  balances  of  high- 
temperature  creep  resistance,  corrosion  resistance,  yield  strength  and  fracture 
toughness.  However,  all  of  these  materials  have  evolved  from  the  Ni-Al-Ti-Cr 
precipitation  strengthened  alloy,  Nimonic  80A,  developed  by  Pfeill  and  his  col¬ 
leagues  at  the  Mond  Nickel  Company  around  1940  in  response  to  Whittle’s  need 
for  a  suitable  turbine  blade  material  for  the  first  British  gas  turbine  for  aircraft 
propulsion  (Betteridge  &  Shaw  1987;  Sims  1984). 

The  principal  characteristics  of  nickel-base  superalloys  largely  derive  from  the 
precipitation  of  an  LI2  ordered  intermetallic  phase,  7'  Ni3(Al,Ti),  that  is  coher¬ 
ent  with  the  face-centred-cubic  7-nickel  solid  solution  matrix  (Stoloff  1987).  The 
development  of  viable  superalloys  has  been  achieved  by  a  combination  of  com¬ 
positional  modifications  that  control  aspects  of  the  7/7'  relationship  (7'  volume 
fraction,  7'  solvus,  7/7'  lattice  mismatch),  the  use  of  more  conventional  alloy¬ 
ing  approaches  to  solid  solution  strengthening  and  corrosion  resistance,  and  the 
introduction  of  a  range  of  novel  processing  techniques  (directional  solidification, 
single  crystal  technology,  powder  processing,  mechanical  alloying,  HIPping,  etc.). 
A  full  review  of  superalloy  technology  is  beyond  the  scope  of  this  paper  which 
will  present  a  personal  view  relating  to  the  most  important  recent  developments 
and  future  requirements. 
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2.  Historical  trends 


The  efficiency  of  operation  of  the  gas  turbine  is  largely  determined  by  the  com¬ 
bination  of  the  temperature  and  pressure/ volume  of  gas  passing  from  the  com¬ 
bustion  chamber  to  the  external  environment  to  provide  propulsion,  or  power 
to  motivate  other  machinery.  The  materials  available  to  be  used  in  the  turbine, 
particularly  as  turbine  blades  and  discs,  have  to  a  large  extent  determined  the  op¬ 
erating  conditions  of  gas  turbines.  The  progressive  improvement  in  the  efficiencies 
of  gas  turbines  has  paralleled  the  increased  temperature  capabilities  and  strengths 
of  successive  generations  of  superalloys  that  have  been  specifically  developed  for 
these  critical  components,  in  particular  turbine  blades  and  discs.  Indeed,  much 
of  the  drive  for  superalloy  substitutes,  which  is  the  major  theme  of  the  present 
meeting,  derives  from  the  same  continuing  requirement.  We  consider  briefly  the 
evolution  of  materials  for  turbine  blade  and  turbine  disc  applications. 

(a)  Turbine  blades 

Materials  for  high-pressure  turbine  blades  must  be  able  to  operate  in  the  high- 
temperature  gases  emerging  from  the  combustion  chamber;  they  experience  a 
combination  of  high  temperatures  and  relatively  low  gas-bending  and  centrifu¬ 
gal  stresses.  In  the  half  century  since  the  development  of  the  first  precipitation 
strengthened  superalloy  (Nimonic  80)  the  temperature  capability  of  nickel-base 
superalloys,  as  measured  by  the  temperature  at  which  a  creep  rupture  life  of 
1000  h  can  be  achieved  with  a  tensile  stress  of  150  MPa,  has  progressively  in¬ 
creased  by  about  7K  per  year  (figure  la).  The  increase  in  the  gas  operating 
temperature  has  been  much  greater  than  this  due  to  engineering  innovations, 
such  as  blade  and  thermal  barrier  coatings,  that  allow  the  blades  to  operate  in 
an  environment  in  which  the  gas  temperature  exceeds  the  melting  point  of  the 
alloys  from  which  the  blade  is  produced. 

The  strategies  adopted  in  the  development  of  turbine  blade  materials  have 
depended  on  the  service  cycles  for  which  specific  engines  were  designed  and  where 
different  failure  mechanisms  determine  component  life.  However,  there  have  been 
some  common  threads  to  this  alloy  development: 
increasing  7'  volume  fraction  (Al,  Ti); 
increasing  7'  solution  temperature  (Co); 
minimization  of  the  7/7'  lattice  parameter  mismatch; 
solid  solution  strengthening  (W,  Mo,  Ta,  Re); 
ductilizing  additions  (Hf,  B). 

Alloys  with  high  chromium  contents  have  been  developed  to  give  the  enhanced 
oxidation/corrosion  behaviour  required  for  marine  and  industrial  applications, 
but  this  has  usually  been  achieved  at  the  expense  of  mechanical  performance.  The 
development  of  reliable  corrosion  resistant  coatings  is  rendering  less  important 
the  need  for  alloys  that  are  inherently  oxidation/corrosion  resistant. 

As  the  alloys  have  evolved  to  give  increased  high- temperature  strength,  it  has 
been  necessary  to  develop  new  processing  techniques  to  produce  the  turbine 
blades  to  acceptable  tolerances  and  to  maintain  the  required  levels  of  ductility. 
The  principal  stages  in  this  development  can  be  summarized  as  follows. 

(i)  Forged  blades  were  produced,  and  still  are  from  some  alloys,  while  there  was 
a  sufficiently  wide  heat  treatment  window,  between  the  7'-solvus  and  liquidus 
temperatures  to  allow  reliable  thermo-mechanical  processing. 
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Year  of  development 


Figure  1.  Trend  in  the  improvement  in  superalloys  for  turbine  blade  and  disc  applications  as  a 
function  of  the  year  of  introduction  of  the  alloy,  (a)  Blade  alloys  temperature  for  1000  h  rupture 
life  with  150  MPa  stress.  (6)  Disc  alloys.  Yield  stress  at  850  °C. 

(ii)  Investment  casting  was  introduced  for  alloys  where  forging  was  impracti¬ 
cable  and  where  adequate  ductility  could  be  achieved.  However,  as  the  7'  volume 
fraction  increased  beyond  about  50%,  the  ductilities  became  unacceptably  low 
due  to  premature  fracture  at  transverse  grain  boundaries. 

(iii)  Directional  solidification,  first  used  by  Ver  Snyder  and  co-workers  by  a 
modification  of  the  investment  casting  process  (see,  for  example,  Ver  Snyder  et 
al  1966),  produced  an  elongated  grain  structure  and  a  (001)  crystal  texture 
parallel  to  the  solidification  direction.  The  result  has  been  an  increase  in  creep 
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ductility  from  less  than  1%  to  more  than  25%  and  considerable  enhancement  of 
the  thermal  fatigue  resistance  for  alloys  such  as  MarM  200. 

(iv)  Single  crystal  superalloys  result  from  a  fairly  simple  variant  of  the  direc¬ 
tional  solidification  process  and  is  now  state-of-the-art  for  advanced  aerospace 
applications  and  is  also  being  considered  for  large  electricity  generating  plant. 

It  should  be  noted  that  processing  changes  have  not  always  been  in  response 
to  alloy  development.  Rather,  alloy  chemistry  has  often  been  adjusted  to  produce 
alloys  tailored  to  the  available  processing  technology.  For  example,  the  introduc¬ 
tion  of  hafnium  was  to  reduce  the  occurrence  decohesion  of  longitudinal  grain 
boundaries  during  directional  solidification  (Lund  1972).  There  is  little  or  no  in¬ 
herent  advantage  of  single  crystal  versions  of  the  alloys  produced  by  directional 
solidification;  indeed,  Piearcey  et  al  (1970)  studied  single  crystal  superalloys  over 
twenty  years  ago.  However,  Cell  et  al  (1980)  showed  that  by  stripping  the  el¬ 
ements  intended  to  modify  the  grain  boundaries  (C,  B,  Hf)  it  was  possible  to 
increase  the  liquidus  temperature  and  allow  more  effective  control  of  the  7'  mor¬ 
phology  through  heat  treatment.  A  wide  range  of  superalloys  specifically  intended 
for  use  in  the  single  crystal  form  has  been  and  continues  to  be  developed. 

The  most  advanced  single- crystal  superalloy  turbine  blades  are  now  operating 
at  a  homologous  temperature  T/T^  >  0.85.  Although  further  developments  will 
certainly  take  place,  the  melting  point  of  nickel  provides  a  natural  ceiling  for  the 
temperature  capability  of  nickel-base  superalloys.  Consequently,  there  is  limited 
scope  for  further  large  increments  in  temperature  capability  of  this  class  of  alloys. 

(b)  Turbine  disc  alloys 

The  turbine  disc  operates  at  considerably  lower  temperatures  than  do  the 
blades  (about  850  °C  compared  to  1150  °C  for  blades  in  current  aero-engines). 
Consequently  creep  deformation  is  relatively  insignificant.  The  principal  design 
requirements,  to  reduce  engine  weight  and  increase  rotational  speed,  both  lead 
to  high  stresses  on  the  disc  and  alloy  development  has  been  designed  to  increase 
the  yield  strength  and  to  inhibit  crack  initiation  and  growth,  particularly  in  fa¬ 
tigue  conditions.  Figure  16  indicates  the  progressive  increase  in  yield  strength 
and  fatigue  resistance  of  this  class  of  alloy. 

With  increasing  yield  strength  there  has  been  an  associated  decrease  in  fracture 
toughness.  Some  amelioration  of  this  effect  has  been  obtained  through  control  of 
grain  size;  attempts  at  producing  duplex  grain  morphologies  {necklace  grain  struc¬ 
tures)  appear  to  have  been  abandoned  as  being  impractical  (Jeal  1986).  However, 
in  current  advanced  disc  alloys  the  critical  defect  size  for  brittle  fracture  at  ser¬ 
vice  stresses  is  about  30  |im  (Sczercenie  &  Maurer  1987).  Since  various  inclusions 
or  clusters  of  precipitate  particles  can  constitute  such  a  critical  defect  this  places 
demands  on  non-destructive  examination  that  are  currently  unattainable.  The 
consequences  of  disc  failure,  particularly  in  aero-engines,  require  a  viable  quality 
assurance  procedure. 

Turbine  discs  are  currently  produced  either  by  forging  or  by  powder  processing, 
although  the  former  is  more  extensively  used.  In  both  cases  quality  is  maintained 
through  careful  control  of  alloy  cleanness  at  each  stage  of  the  process.  The  use 
of  different  secondary  melting  processes,  on  bar-stock  initially  produced  by  vac¬ 
uum  induction  melting,  is  now  standard  procedure  to  control  inclusion  content. 
Vacuum  arc  refining  (var),  electro-slag  refining  (esr),  electron  beam  cold  hearth 
refining  (ebchr)  are  all  currently  available  as  commercial  processes  producing 
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Figure  2.  Size  distribution  of  various  types  of  inclusions  found  by  analysis  of  the  concentrated  in¬ 
clusions  produced  by  electron  beam  button  melting  of  the  turbine  blade  alloy  IN738LC  (Chakra- 
vorty  et  al.  1987). 

double,  or  triple,  melted  alloy  (Patel  &  Siddal  1994).  Because  of  the  impracti¬ 
cability  of  characterizing  the  very  low  inclusion  contents  in  these  materials  by 
conventional  metallographic  procedures  or  by  mechanical  tests  on  small  speci¬ 
mens,  novel  approaches  to  evaluating  very  clean  alloys  are  being  developed.  One 
such  example  is  the  electron  beam  button  melting  approach  used  by  Quested  & 
Hayes  (1993)  at  the  National  Physical  Laboratory  which  allows  inclusions  from 
1  kg  of  alloy  to  be  concentrated,  identified  and  their  size  distributions  determined 
(figure  2).  A  code-of- practice  for  use  of  the  NPL  approach  to  cleanness  evaluation 
has  been  agreed  by  the  leading  UK  producers  of  turbine  disc  materials  (Quested, 
personal  communication) . 

If  replacement  materials  for  superalloys  are  developed  that  allow  a  significant 
increment  in  turbine  operating  temperature,  there  will  be  a  corresponding  in¬ 
crease  in  the  service  temperature  of  the  disc.  This  will  require  new  disc  alloys. 
There  is  certainly  scope  for  the  further  development  of  superalloys  for  this  pur¬ 
pose.  However,  alternative  materials,  such  as  structural  intermetallics,  could  well 
supersede  superalloys  because  of  the  attractions  of  weight  savings  through  re¬ 
duced  density.  Superalloys  for  discs  are  at  a  less  mature  stage  of  development 
than  are  those  for  blade  applications. 

3.  Fundamentals  of  mechanical  behaviour 

There  can  be  no  doubt  that  the  attractive  mechanical  properties  of  nickel-base 
superalloys  derive  directly  from  the  disposition  of  a  high  volume  fraction  of  the 
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Figure  3.  Comparison  of  the  creep  behaviour  of  (a)  solid  solution  Ni-Cr  alloys,  (6)  7' 
Ni3(Al,Ti)  intermetallic  compounds  and  (c)  7/7^  nickel-base  superalloys. 


coherently  dispersed  7'  precipitate  (up  to  70%  by  volume)  in  the  7-nickel  matrix. 
However,  in  spite  of  extensive  fundamental  studies  there  is  still  no  clear  consensus 
on  the  mechanisms  controlling  the  engineering  performance  in  service  conditions. 
Here  we  focus  on  a  limited  number  of  aspects  of  the  mechanical  behaviour  of 
these  materials  that  have  been  thought  to  be  of  particular  importance. 

Superalloys  with  high  volume  fractions  of  7'  show  a  similar  anomalous  rise 
in  yield  strength  with  increasing  temperature  as  is  exhibited  by  the  monolithic 
LI2  intermetallic  phase  (Stoloff  1987).  Detailed  analysis  of  this  phenomenon  has 
been  carried  out  by  a  large  number  of  authors,  notably  Paidar  et  al  (1984), 
and  there  is  now  a  general  consensus  that  it  a  consequence  of  thermally  activated 
cross-slip  onto  cube  planes  that  produces  sessile  dislocation  segments  that  inhibit 
dislocation  glide  on  octahedral  planes.  Hirsch  (1992)  has  recently  considered  the 
detailed  dislocation  interaction  that  are  occurring.  Such  considerations  are  likely 
to  be  important  in  service  conditions  where  the  yield  stress  is  attained,  or  at 
least  approached.  However,  design  stresses  will  almost  invariably  be  below  the 
threshold  for  time-independent  yield  and  7'  cutting  is  unlikely  to  be  a  significant 
factor  during  service. 

In  the  sub-yield  creep  regime,  relevant  to  turbine  blades,  it  is  clear  that  the 
creep  performance  of  the  duplex  7/7'  alloys  is  significantly  superior  either  to 
(Ni,Cr)  solid  solution  matrix  or  to  the  7'  Ni3(Al,Ti)  precipitated  phase  (figure  3). 
Consequently,  the  7'  behaviour  cannot  be  taken  as  a  limit  to  the  alloy  perfor¬ 
mance.  Rather,  the  coexistence  of  the  two  phases  requires  the  operation  of  a 
radically  different  deformation  mechanism  than  would  occur  in  either  individual 
phase.  Indeed  at  stress  levels  below  those  required  for  7'  shearing  it  is  likely  that 
dislocation  activity  is  largely  restricted  to  the  7  matrix  and  this  is  supported 
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Figure  4.  Comparison  of  the  creep  behaviour  of  the  single  crystal  superalloy  CMSX4  in  two 
microstructural  forms:  (a)  regular  7'  morphology  produced  by  commercial  solution  and  ageing 
heat  treatment  and  (b)  rafted  7'  morphology  produced  by  heat  treatment  under  stress  (Kondo 
et  al.  1994). 

by  transmission  electron  microscopy  of  creep  deformed  material  (Henderson  & 
McLean  1983).  Dyson,  McLean  and  co-workers  (e.g.  Ion  et  al  1986;  Dyson  & 
McLean  1990)  have  developed  a  model  of  creep  deformation  that  considers  the 
dispersed  particles  to  inhibit  glide  in  the  matrix:  deformation  occurs  at  a  rate 
largely  determined  by  dislocation  climb  and  dislocations  generated  are  mostly  mo¬ 
bile  leading  to  an  increase  in  creep  rate  with  accumulated  plastic  strain  instead 
of  the  normal  work-hardening  exhibited  by  single-phase  metals.  This  successfully 
accounts  for  a  range  of  observations  relating  to  the  creep  behaviour  of  superalloys 
that  are  not  compatible  with  earlier  models: 

(i)  Creep  in  both  tension  and  compression  exhibits  a  progressively  increasing 
creep  rate,  rather  than  a  steady  state  deformation  rate. 

(ii)  Plastic  prestrain  of  superalloys  increases  the  creep  rate  relative  to  the 
unstrained  material,  rather  than  leading  to  strain  hardening. 

(iii)  There  is  little  difference  in  creep  curves  of  superalloys  produced  under 
constant  load  and  constant  stress  conditions,  indicating  the  dominance  of  an 
intrinsic  strain  softening  mechanism  over  the  effect  of  increased  stress  due  to 
reduction  in  cross-sectional  area  during  tensile  deformation. 

(a)  Microstructural  influences  on  mechanical  behaviour 

An  interesting  microstructural  feature  of  single  crystal  superalloys  is  the  direc¬ 
tional  coarsening  of  the  7'  particles  that  occurs  during  high- temperature  ageing 
(greater  than  1000  °C)  in  the  presence  of  a  small  stress  (Tien  &  Copely  1971). 
Plausible  explanations  have  been  given  of  the  effect  due  to  stress  gradients  gen¬ 
erated  as  a  result  of  differences  in  elastic  and  lattice  constants  of  the  7  and  7' 
phases.  The  rafted  microstructures  that  develop  in  most  commercial  single  crystal 
superalloys  under  tensile  stresses  have  often  been  cited  as  the  reason  for  their  un- 
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Figure  5,  Variation  in  low  cycle  fatigue  life  with  increasing  volume  fraction  of  inclusions  in 

Rene  95  (Shamblen  1983). 

expectedly  good  creep  performance  at  temperatures  in  excess  of  about  1000  °C. 
However,  it  is  now  quite  clear  that  the  rafted  7'  morphology  is  quite  detrimen¬ 
tal  to  the  low  and  intermediate  temperature  creep  behaviour  (Caron  et  al  1988; 
Kondo  1994).  Figure  4,  from  the  work  of  Kondo  et  al.  (1994)  clearly  indicate  that 
pre-rafting  of  the  7'  reduces  the  rupture  life  relative  to  both  the  original  material 
and  that  subject  to  conventional  heat  treatment.  The  benefits  of  a  rafted  7'  is  now 
open  to  question  particularly  in  the  variable  stress  and  temperature  conditions 
likely  to  be  experienced  in  service. 

The  importance  of  inclusions  in  controlling  the  low- cycle- fatigue  life  of  tur¬ 
bine  disc  alloys  has  been  demonstrated  unambiguously  in  a  number  of  studies. 
Shamblen  (1993)  for  example,  has  deliberately  added  inclusions  of  known  size 
and  concentration  to  the  alloy  RENE95  and  has  shown  a  progressive  decrease 
in  cycles  to  failure  with  increasing  inclusion  volume  fraction  (figure  5).  Pineau 
(1990)  has  paid  particular  attention  to  the  problems  of  characterizing  the  frac¬ 
ture  behaviour  of  materials  with  very  low  concentrations  of  defects.  Mechanical 
testing  of  such  materials  must  be  carried  out  on  a  sufficiently  large  volume  of 
material  to  ensure  a  high  probability  of  the  occurrence  of  defects  characteristic 
of  the  component  of  interest. 


4.  Engineering  considerations 

The  implementation  of  computer-aided  design  methods,  to  replace  the  tradi¬ 
tional  design  codes,  depends  on  there  being  a  sufficiently  sophisticated  represen¬ 
tation  of  the  material  behaviour.  Whereas  previous  designs  of  gas  turbine  blades 
were  based  on  simple  measures  of  material  performance,  such  as  stress  rupture 
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life  and  minimum  creep  rate,  in  the  future  attempts  will  be  made  to  numeri¬ 
cally  simulate  the  performance  of  a  component  in  likely  service  cycles  that  will 
inevitably  involve  multiaxial  stresses  and  variable  stresses  and  temperatures.  It 
is  unrealistic  to  collect  an  experimental  database  to  cover  all  possible  options, 
particularly  in  the  case  of  anisotropic  materials  such  as  single  crystal  superalloys. 
It  is  necessary  to  devise  a  reliable  approach  to  the  extrapolation/interpolation 
of  a  restricted  database  through  the  use  of  appropriate  constitutive  equations 
that  can  be  incorporated  in  the  design  calculations.  Several  empirical  approaches 
(Graham  &  Walles  1955;  Evans  &  Wilshire  1987)  have  been  successful  in  repre¬ 
senting  uniaxial  creep  databases,  but  these  are  difficult  to  extend  to  variable  and 
multiaxial  loading  conditions. 

The  mechanisms  of  creep  deformation  of  superalloys,  described  in  the  previ¬ 
ous  section,  have  been  translated  into  such  a  set  of  constitutive  equations  us¬ 
ing  the  general  formalism  of  continuum  damage  mechanics.  Here,  the  uniaxial 
creep  rate  e  is  expressed  as  a  function  of  state  variables  (or  damage  parameters) 
that  represent  the  current  condition  of  the  material,  in  particular  of  the  struc¬ 
tural  and  microstructural  features  that  control  the  strength  of  the  alloy.  For  the 
isotropic  form  of  the  model  appropriate  to  superalloys,  an  acceptable  fit  of  creep 
data  can  be  obtained  by  using  two  state  variables;  5  is  a  dimensionless  internal 
stress  that  increases  to  a  steady-state  value  of  Sss  leading  to  primary  creep  and 
cj  =  (p  —  pi)//?i  represents  the  increasing  density  of  mobile  dislocations  p  {p\  is  the 
initial  value).  The  isotropic  creep  behaviour  is  represented  by  the  following  set  of 
three  equations  involving  the  two  variables  5,  u  and  four  constants  ei,  where  e 
has  dimensions  of  s~^  and  H,  Sss,  C  are  all  dimensionless  (Ion  et  al  1986;  Dyson 
&  McLean  1990): 

e  =  6i(l  -  5)(1  +  a;),  S  =  He, {I  -  S/Sss),  uj  =  Ce.  (4.1) 

The  model  has  been  extended  by  Ghosh  et  al  (1990)  to  represent  anisotropic 
creep  of  single  crystals  by  considering  creep  deformation  to  be  restricted  to  spe¬ 
cific  slip  systems  and  computing  the  total  strain  resulting  from  each  shear  dis¬ 
placement.  A  set  of  equations  equivalent  to  equations  (4.1),  but  expressed  in 
terms  of  shear,  rather  than  tensile,  strains  7^  is  required  for  each  family  of  slip 
systems.  Then  the  total  displacement  from  all  N  components  of  shear  on  the 
allowed  system  (nin2ns) {bib2bs)  is  given  by 

=  (4.2) 

k=l 

Here  z,  j  represent  the  cube  directions  and  k  identifies  one  of  the  slip  systems 
being  considered:  7^  is  the  amount  of  shear  on  that  system.  An  arbitrary  crystal 
direction  x  will  transform  to  a  new  orientation  X,  with  a  strain  in  that  direction 
of  {X  —  ^)/^,  where 

Xi  1  +  eii  ei2  6x3  Xi 

X2  ^21  1  +  ^22  ^23  ^2  •  (4-^) 

X3  €31  e32  1  +  633  X3 

In  the  analysis  dislocation  activity  is  taken  to  occur  on  two  families  of  slip  systems, 
{111}(I10)  and  {100}{011).  There  is  considerable  evidence  of  the  occurrence  of 
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octahedral  slip  during  creep,  but  only  occasional  observations  of  cube  slip  (Caron 
et  al.  1988).  However,  elements  of  octahedral  to  cube  cross-slip  are  also  thought 
to  occur. 

For  the  simple  axial  orientations  that  are  symmetrically  disposed  to  the  active 
slip  systems  there  is  no  change  in  orientation  during  deformation  and  the  tensile 
and  shear  formulations  are  totally  equivalent  being  two  different  mathemetical 
representations  of  the  same  physical  model.  The  model  can  accurately  represent 
individual  creep  curves,  as  can  other  more  empirical  approaches.  However,  the 
anisotropic  model  is  also  capable  of  representing  (i)  change  in  magnitude  and 
order  of  creep  anisotropy  with  stress  and/or  temperature;  (ii)  crystal  rotations 
during  creep;  (iii)  strain  in  any  direction;  (iv)  change  in  material  shape  during 
deformation. 

When  combined  with  a  representation  of  elastic  anisotropy,  a  wide  range  of 
strain  and  load  controlled  types  of  deformation,  such  as  stress  relaxation  and  low 
cycle  fatigue  can  also  be  simulated  (Pan  et  al  1993). 

The  success  of  such  a  model  can  only  be  assessed  through  searching  validation 
and,  as  has  been  indicated  above,  comparison  of  measured  and  model- calculated 
creep  curves  does  not  constitute  an  adequate  test.  Here  we  indicate  three  quite 
different  experimental  validations  of  the  predictions  of  the  model. 

(a)  Low  cycle  fatigue 

Figure  6  shows  successive  stress-strain  loops  for  a  strain  controlled  low-cycle 
fatigue  test  on  SRR99  at  950  °C  with  a  fixed  tensile  strain  range  between  0  and 
0.75%.  Here  the  loading  is  axial  along  the  (001)  direction.  Model  simulation  has 
been  carried  out  assuming  that  creep,  as  descrilDed  by  the  parameters  derived  by 
analysis  of  a  database  of  constant  stress  creep  tests,  is  the  dominant  deformation 
mechanism;  the  only  additional  information  required  is  the  value  of  Young’s  mod¬ 
ulus  at  the  deformation  temperature  in  order  to  account  for  elements  of  stress 
relaxation.  Both  measured  and  calculated  behaviour  show  that  individual  cycles 
exhibit  essentially  elastic  response,  but  there  is  a  progressive  shakedown  due  to 
stress  relaxation  with  the  maximum  tensile  stress  decreasing  from  about  700  to 
360  MPa  and  a  compressive  stress  developing  from  0  to  about  300  MPa.  Bearing 
in  mind  the  relatively  high  stresses  and  strain  rates  in  the  LCF  compared  with 
those  in  the  creep  database,  the  prediction  is  remarkably  accurate  (Pan  et  al 
1994). 


(6)  Shape  changes 

A  series  of  creep  specimens  of  SRR99  tested  to  fracture  with  tensile  loads 
along  complex  crystallographic  directions  have  been  examined  to  characterize 
the  change  in  cross-sectional  shape  that  develops  along  the  necked  portion  of  the 
fractured  test  pieces  which  were  originally  cylindrical:  these  measurements  have 
been  compared  with  computer  simulations  particular  attention  being  paid  to  the 
crystallographic  directions  along  which  the  maximum  and  minimum  diameters 
develop  (Pan  et  al  1994).  Figure  7  shows  the  different  predictions  of  the  shape 
development  that  would  occur  due  either  to  octahedral  or  to  cube  shear  defor¬ 
mation  occurring  alone;  the  experimental  measurements  for  the  example  shown 
are  clearly  consistent  with  cube  slip  being  dominant  for  that  particular  orienta¬ 
tion.  As  expected  from  Schmid  factor  considerations  orientations  close  to  (001) 
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Figure  6.  Simulated  and  measured  low  cycle  fatigue  behaviour  for  strain  controlled  cycling 
between  0  and  0.75%  uniaxial  tensile  strain  at  950  °C  for  (001)  SRR99.  (a)  Simulated  and  (6) 
measured  stress-strain  curves  for  selected  cycles,  and  (c)  comparison  of  predicted  and  measured 
maximum  and  minimum  stresses  as  a  function  of  cycle  number.  (Pan  et  al  1994.) 


and  (111)  exhibit  octahedral  and  cube  slip  dominance  respectively,  and  give  good 
agreement  with  the  model  predictions. 

(c)  Orientation  changes 

The  same  specimens  used  in  the  shape  change  measurements  have  been  sec¬ 
tioned  and  the  changes  in  orientation  along  the  specimen  length  have  been  de¬ 
termined  by  using  electron  backscatter  patterns  produced  in  scanning  electron 
microscopy  (Dingley  1984),  This  technique  has  a  high  spatial  resolution  allowing 
local  orientations  to  be  determined  on  a  scale  of  less  than  1  pm.  The  results  show 
an  average  drift  of  orientation  that  is  largely  consistent  with  the  model  simu¬ 
lation  (figure  8)  indicating  dominant  octahedral  and  cube  shear  near  (001)  and 
(111)  orientations  respectively,  as  was  observed  in  the  shape  change  experiments. 
However,  deformation  is  highly  heterogeneous  leading  to  a  growing  spread  of  ori¬ 
entations,  on  a  scale  of  a  few  micrometres,  with  increasing  creep  strain.  High 
deformation  is  particularly  associated  with  defects  such  as  solidification  porosity 
which  in  SRR99  aligns  along  the  (001)  solidification  direction. 

The  design  of  discs  using  material  with  low  fracture  toughness  is  subject  to 
the  quite  different  problem  of  accounting  for  the  possible  presence  of  defects 
that  can  constitute,  or  grow  to,  a  critical  crack  leading  to  brittle  failure.  Here,  a 
probabilistic  approach  must  be  taken  when,  as  is  projected  to  be  the  case  in  the 
next  generation  of  disc  alloys,  there  is  a  sparse  distribution  of  inclusions.  Pineau 
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Figure  7.  Comparison  of  the  measured  and  predicted  creep  specimen  cross-sections,  shown  as 
two  halves  of  the  same  polar  plot,  at  various  values  of  reduction  in  area  for  a  specimen  of  SRR99 
of  complex  orientation  after  creep  testing  to  fracture  at  850  ° C/450  MPa.  (a)  Octahedral  slip 
and  (6)  cube  slip.  (Pan  et  al  1995.) 


Ill 


Measured 

Figure  8.  Change  in  orientation  with  creep  strain  for  a  specimen  of  SRR99  after  tensile  deforma¬ 
tion  at  950  ° C/300  MPa  showing  model  predictions  and  measurements  using  electron  backscatter 
patterns. 


(1990)  has  considered  this  problem  in  some  detail  showing  the  effect  of  component 
size  on  the  design  performance  using  such  materials.  The  practical  difficulty  is  in 
determining  the  probability  distribution  of  defects  when  they  are  too  dilute  to 
be  characterized  by  metallographic  or  conventional  NDT  techniques.  Advanced 
methods,  such  as  the  ebbm  approach  developed  at  NPL,  can  be  useful  in  providing 
a  ranking  of  the  general  cleanness  of  various  materials,  but  they  can  only  sample 
a  small  fraction  of  the  alloys  from  which  components  are  manufactured. 

Because  of  the  catastrophic  implications  of  a  disc  failure,  it  is  essential  to  de¬ 
velop  a  quality  assurance  and  design  strategy  that  will  guarantee  the  component 
integrity.  Since  the  resolution  of  available  techniques  for  non-destructive  eval¬ 
uation  is  inadequate,  attention  has  been  focused  on  assuring  material  quality 
through  control  of  the  entire  processing  cycle.  This  has  led  to  growing  interest 
in  modelling  the  critical  parts  of  the  process,  such  as  VAR,  ESR  and  ebbm,  to 
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identify  the  optimum  values  of  the  process  parameters  required  to  achieve  the 
desired  microstructure. 


5.  Conclusions 

The  development  of  nickel-base  superalloys  has  been  one  of  the  major  successes 
of  modern  metallurgy.  Over  a  period  of  50  years  or  so  very  significant  improve¬ 
ments  have  been  achieved  by  a  combination  of  alloy  and  process  development,  and 
these  have  rapidly  been  introduced  into  service.  However,  the  scope  for  further 
substantial  improvements  in  material  properties,  particularly  for  turbine  blade 
alloys,  is  limited;  here  the  most  advanced  materials  are  used  in  single  crystal 
form  at  greater  than  0.8Tm. 

By  contrast,  full  exploitation  of  these  materials  has  not  yet  been  achieved. 
Two  particular  areas  have  been  identified  where  substantial  improvements  in 
the  engineering  applications  can  be  expected  and  which  are  at  an  early  stage  of 
development: 

(i)  Design  procedures  will  be  developed  to  make  use  of  the  constitutive  laws 
accounting  for  the  anisotropic  mechanical  behaviour  single  crystal  superalloys. 
These  should  be  capable  of  simulating  component  performance  in  realistic  service 
conditions  incorporating  multiaxial  stresses  and  variable  loading  conditions. 

(ii)  Control  of  the  defect  density  in  turbine  disc  alloys  is  required  in  order  to 
achieve  the  loading  conditions  expected  in  future  gas  turbine  designs.  This  is 
most  likely  to  be  achieved  through  process  control  informed  by  detailed  process 
modelling. 

Several  colleagues  have  contributed  significantly  to  the  work  reviewed  in  this  paper;  these  include 
Dr  M.  B.  Henderson,  Dr  R.  N.  Ghosh,  Dr  L.  M.  Pan  and  Dr  B.  A.  Shollock.  I  also  thank  the 
Defence  Research  Agency  for  support  of  much  of  the  work. 
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Discussion 

G,  A.  Webster  {Imperial  College,  London,  UK).  I  would  like  to  comment  on 
Professor  McLean’s  remarks  that  alloy  development  is  nearly  complete,  some 
process  development  is  possible  and  that  the  biggest  scope  is  for  engineering  ex¬ 
ploitation.  I  agree  with  these  views.  Single  crystals  are  being  used  for  turbine 
blade  applications  and  Professor  McLean  showed  how  behaviour  in  specific  crys¬ 
tallographic  orientations  could  be  predicted  for  uni-axial  stressing.  The  presence 
of  thermal  gradients  in  cooled  blades  will  introduce  a  multi-axial  stress  state  in 
these  components  and  thorough  understanding  of  the  response  of  single  crystals 
to  multi-axial  stress  is  needed  before  their  full  potential  can  be  exploited.  Also, 
there  may  be  scope  for  deliberately  introducing  compressive  residual  stresses  in 
engine  discs  to  reduce  the  infiuence  of  small  critical  effects  in  high  strength  disc 
alloys. 

M.  McLean.  I  fully  agree  with  Professor  Webster’s  initial  remarks.  Too  much 
emphasis  has  been  given  in  the  past  on  the  problems  of  extrapolating  short¬ 
term  data  to  long  times;  this  is  not  a  serious  problem  for  aerospace  applications. 
Rather,  there  is  a  need  to  predict  multi-axial  and  cyclic  loading  responses  from 
uniaxial  data.  I  believe  that  the  state- variable  approach  is  beginning  to  allow  us  to 
do  so.  I  am  less  sure  of  the  viability  of  deliberately  imposing  compressive  residual 
stresses;  I  would  be  concerned  that  they  would  relax  during  high-temperature 
service. 

F.  R.  N.  Nabarro  {CSIR,  Pretoria,  South  Africa).  To  use  an  analogy  introduced 
by  our  chairman  many  years  ago,  the  dislocations  are  moving  in  narrow  channels, 
so  flow  is  lamellar  rather  than  turbulent.  Only  one  family  of  dislocations  is  active, 
and  these  do  not  obstruct  one  another. 

M.  McLean.  This  observation  must  be  basically  correct.  One  might  debate  if  a 
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single  set  of  dislocations  will  propagate  along  the  cube-oriented  channels  between 
7  particles;  perhaps  there  will  be  activity  on  two  octahedral  planes.  However, 
clearly  there  will  be  little  potential  for  work  hardening. 

A.  Cottrell  ( University  of  Cambrdige,  UK).  Professor  McLean  said  that  nickel 
is  near  its  limit  of  development  as  a  high-temperature  material.  This  must  be 
so,  since  the  working  temperature  of  the  nickel  superalloys  is  so  near  the  melt¬ 
ing  point  of  nickel.  As  well  as  its  excellent  mechanical  properties,  i.e.  high- 
temperature  creep  strength  and  high  fracture  toughness,  the  nickel  superalloy 
has  another  major  property  which  is  so  good  that  it  is  often  taken  for  granted 
and  overlooked:  its  excellent  oxidation  resistance.  I  think  that  there  is,  and  will 
be,  great  difficulty  in  moving  beyond  nickel  to  more  refractory  materials,  because 
so  few  of  them  have  good  oxidation  resistance  at  really  high  temperatures.  If 
it  were  not  for  this  we  might  now  be  using  niobium  or  molybdenum  blades  in 
advanced  gas  turbines.  The  same  problems  are  likely  to  apply  generally  to  inter- 
metallics  and  carbide  ceramics.  Probably  the  only  way  forward,  beyond  the  nickel 
superalloys,  for  the  very  highest  temperatures,  is  to  develop  refractory  oxides  into 
useful  engineering  materials. 

M.  McLean.  In  terms  of  oxidation  resistance,  there  is  a  compromise  course  of 
coating  the  nickel-base  superalloys  and  this  is  already  extensively  used  in  prac¬ 
tice.  Ceramic  coatings  are  used  for  their  thermal-barrier  qualities,  as  well  as  for 
oxidation  resistance.  I  agree  that  oxide  ceramics  offer  the  potential  of  intrinsic 
strength  and  oxidation  resistance.  If  their  toughness  can  be  improved  to  a  suffi¬ 
cient  level  they  will  certainly  find  an  application.  It  must  also  be  borne  in  mind 
that  ceramic  turbine  blades  are  unlikely  to  be  cooled,  as  are  nickel  superalloy 
blades.  Consequently,  the  comparison  must  be  between  the  material  operating 
temperature  in  the  case  of  the  ceramic,  with  gas  temperature  for  the  superalloy, 
which  may  be  about  300  K  in  excess  of  the  metal  temperature. 
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Materials  requirements  for  high-temperature 
structures  in  the  21st  century 

By  James  C.  Williams 
GE  Aircraft  Engines,  Cincinnati,  OH  45215,  USA 


The  continued  improvement  in  efficiency  of  high-temperature  structures  depends 
on  improved  materials  and  on  designs  that  utilize  these  materials  more  effectively. 
This  paper  discusses  the  possibilities  available  to  achieve  these  improvements. 
While  the  results  are  applicable  to  any  high- temperature  structure,  the  discussion 
focuses  on  gas  turbine  engines.  This  is  because  some  of  the  most  demanding 
requirements  correspond  to  this  application  and  the  author  is  more  familiar  with 
this  area. 

Possible  materials  can  be  separated  into  distinct  classes:  evolutionary  and  rev¬ 
olutionary  materials.  The  former  represent  incrementally  improved  materials, 
mostly  metals.  The  latter  represent  intermetallic  compounds,  and  metal,  polymer 
and  ceramic  composites.  An  attempt  is  made  to  estimate  the  extent  of  improve¬ 
ments  that  can  be  realized  from  each  class  of  material.  In  addition,  the  barriers 
to  realization  of  the  gains  are  outlined.  Where  possible,  next  steps  in  overcoming 
these  are  described. 

Finally,  non-technical  issues  such  as  material  cost  and  availability  are  addressed 
and  the  growing  importance  of  these  factors  is  discussed. 


1.  Introduction 

High- temperature  structures  operate  under  additional  design  constraints,  com¬ 
pared  to  those  intended  for  service  at  or  near  room  temperature.  Examples  of 
these  constraints  are  time  dependent  inelastic  strain  (creep),  thermally  induced 
stresses  and  environmental  degradation  of  material  properties.  The  efficiency  of 
high-temperature  structures  depends  on  the  ability  of  the  designer  to  compensate 
for  these  and  other  effects  of  operating  temperature.  Detailed  knowledge  of  the 
service  domain  and  materials  behaviour  helps  minimize  the  complications  due  to 
elevated  temperature  service.  This  knowledge  is  also  helpful  in  minimizing  the 
amount  of  conservatism  that  needs  to  be  incorporated  into  designs  to  compen¬ 
sate  for  service  environment  uncertainty  and  unanticipated  time  dependence  of 
materials  behaviour.  There  are  ultimate  service  temperature  limits  imposed  by 
expected  structural  life  and  by  the  capability  of  the  materials  used  in  the  struc¬ 
ture.  These  limits  also  are  determined  by  the  consequence  of  structural  failure  if 
the  service  life  is  not  achieved.  Clearly,  when  the  consequences  of  premature  fail¬ 
ure  are  economic,  the  implications  are  quite  different  than  when  there  are  possible 
safety  related  issues.  The  level  of  design  conservatism  reflects  these  differences. 
Among  the  most  demanding  structural  applications  for  high-temperature  mate¬ 
rials  are  those  in  aircraft  engines.  The  basis  for  this  statement  is  a  combination 
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of  several  factors:  the  operating  temperatures  are  high,  the  expected  structural 
lifetimes  are  long,  the  consequence  of  structural  failure  is  extreme,  and  the  weight 
critical  nature  of  the  product  forces  the  design  margins  to  be  as  small  as  possible, 
consistent  with  product  safety. 

Despite  these  significant  constraints,  there  has  been  a  steady  improvement  in 
the  capability  of  aircraft  engines  with  each  successive  product  generation.  There 
are  several  quantitative  parameters  that  can  be  used  as  measures  of  performance 
of  aircraft  gas  turbine  engines.  Perhaps  the  most  important  of  these  are  thrust 
normalized  by  weight  (thrust-to- weight  ratio  or  T/W)  and  thrust-normalized  fuel 
consumption  (specific  fuel  consumption  (SFC)).  This  paper  summarizes  the  gains 
made  in  these  performance  indices  over  the  past  40  years  or  so  and  examines  the 
prospects  for  continued  improvements.  The  past  increases  in  materials  capabil¬ 
ity  are  based  on  multiple  generations  of  improved  metallic  alloys  and  on  major 
improvements  in  processing  technology.  The  future  opportunities  for  continued 
improvements  are  much  more  limited  and  the  rate  of  progress,  going  forward, 
cannot  be  sustained  by  improvements  only  in  metals.  The  alternatives  to  metals 
have  many  other  uncertainties  and  associated  questions.  Among  these  are  cost 
and  the  existence  of  an  industrial  base  capable  of  making  materials  such  as  ce¬ 
ramic  and  metal  matrix  composites  in  production  quantities,  assuming  they  can 
be  made  to  work  technically. 

Today,  as  a  combined  result  of  the  overcapacity  for  producing  aircraft  engines 
and  their  natural  maturation  as  a  product,  these  high  technology  machines  have 
assumed  many  of  the  characteristics  of  a  commodity.  That  is,  they  are  selected 
by  customers  who  assign  a  large  weight  to  price  in  the  decision  process.  The  effect 
of  this  recent  change  in  the  market  place  is  the  further  slowing  of  introduction 
of  new  technology  and  a  greater  focus  on  cost.  This  has  the  effect  of  restraining 
R&D  budgets  and  dramatically  reduces  the  ease  with  which  new  materials  can  be 
introduced  into  production  engines.  This  is  not  to  imply  that  no  new  technology  is 
being  developed  or  introduced  into  new  or  derivative  engines.  It  is  clear,  however, 
that  cost  plays  a  much  greater  role  in  the  early  decision  process  regarding  areas 
selected  for  investment  in  materials  technology  development. 

The  intent  of  this  paper  also  is  to  describe  the  current  environment  for  new 
technology  introduction  and  discuss  the  effects  it  has  on  the  future  directions 
for  engine  materials  technology.  Some  specific  actions  can  be  taken  to  increase 
the  affordability  of  materials  technology  development.  Included  are  the  earlier 
use  of  cost  models  to  estimate  affordability  and  more  productive  pre-competitive 
cooperation  between  traditional  competitors  that  have  common  needs.  More  dis¬ 
cussion  of  this  will  follow. 

2.  Past  materials  developments  and  gas  turbine  engine  performance 

characteristics 

In  addition  to  T/W  and  SFC,  there  are  several  other  metrics  that  are  useful 
to  assess  the  performance  of  an  aircraft  engine.  These  metrics  include  the  com¬ 
pressor  exit  temperature  (T3)  and  the  turbine  inlet  temperature  (T41).  These 
temperatures  are  related  thermodynamically  to  the  overall  pressure  ratio  of  the 
engine  cycle.  Cycles  with  higher  overall  pressure  ratios  are  more  efficient  and  thus 
desirable  in  modern  turbofan  engines.  Another  metric  is  the  mass  of  air  that  the 
fan  moves  relative  to  that  which  passes  through  the  engine  core  (the  compres- 
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Table  1*  Representative  gas  turbine  characteristics  as  a  function  of  time 


service  date 

Ts/^C  (°F) 

r4i/°c  (°F) 

overall  pressure  ratio 

by-pass  ratio 

1955 

379  (715) 

871  (1600) 

10 

<2 

1965 

427  (800) 

938  (1720) 

12-13 

2-3 

1975 

593  (1100) 

1343  (2450) 

14-16 

5-6 

1995 

693  (1280) 

1427  (2600) 

35-40 

8-9 

2015  (est.) 

816  (1500) 

1760  (3200) 

65-75 

12-15 

sor,  combustor  and  turbine).  This  metric  is  another  indicator  of  the  propulsive 
efficiency  of  the  engine.  This  measure  is  called  the  by-pass  ratio.  Table  1  summa¬ 
rizes  the  changes  in  these  parameters  over  the  past  40  years  as  new  generations 
of  products  have  been  developed. 

The  steady  increases  in  and  T41  shown  in  table  1  have  been  possible  be¬ 
cause  of  the  availability  of  higher-temperature  alloys  for  the  rotating  machinery 
in  the  compressor  and  the  turbine  section  of  the  engine.  In  the  case  of  turbine 
airfoils,  these  increases  have  been  partly  due  to  improved  alloys  and  partly  due 
to  new  processing  methods.  The  transition  first  from  conventionally  cast  Ni  base 
superalloys  with  equiaxed  grain  structures  to  directionally  solidified  superalloys 
with  only  longitudinal  grain  boundaries  and  then  to  monocrystals  with  no  large 
angle  grain  boundaries  is  the  result  of  processing  capability  improvements.  These 
transitions  in  structure  allowed  by  processing  advances  also  have  enabled  alloy 
chemistries  to  be  modified  to  delete  grain  boundary  strengthening  elements  such 
as  Hf  and  B.  These  elements  had  been  necessary  to  impart  the  required  ductil¬ 
ity,  but  they  reduced  the  melting  point  of  the  alloy  and  thus  reduced  the  creep 
strength.  The  variation  with  time  of  the  temperature  capability  of  turbine  blade 
materials,  including  the  effects  of  processing  is  shown  in  figure  1. 

In  the  case  of  discs,  the  higher-temperature  alloys  have  a  higher  volume  frac¬ 
tion  of  the  7'  strengthening  precipitate  and  also  contain  higher  concentrations 
of  refractory  metal  additions,  both  of  which  increase  the  creep  strength.  The 
most  recent  generation  of  alloys  also  are  made  with  powder  metallurgy  methods 
because  this  is  the  surest  means  of  obtaining  segregation-free,  large  forgings.  In 
some  cases  special  processing  has  been  used  to  create  larger  than  normal  grain 
sizes  to  further  enhance  the  creep  strength.  Such  changes  also  affect  other  prop¬ 
erties  such  as  static  strength,  low-cycle  fatigue  strength  and  fatigue  crack  growth 
resistance.  The  key  has  been  to  obtain  a  balance  of  these  properties  that  enhances 
the  overall  structural  efficiency  of  the  discs.  This  has  been  successfully  done  and 
powder  metallurgy  discs  with  controlled  grain  diameters  of  the  order  of  45-90  pm 
diameter  are  regularly  used  today. 

Other  improvements  in  processing  such  as  the  use  of  clean  melting  technology 
also  has  improved  the  performance  of  disc  alloys  by  eliminating  inclusions  that 
can  be  the  source  of  early  fatigue  crack  initiation.  As  a  result,  the  stress  levels 
at  which  the  clean-melted  alloys  can  be  used  with  high  confidence  is  increased 
and  the  rotor  weight  can  be  reduced  accordingly.  Concurrently,  the  cost  of  these 
improved  materials  has  been  held  in  check,  relative  to  the  level  of  performance, 
by  the  use  of  improved  processes.  These  processes  have  higher  yields  and  greater 
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Figure  1.  Bar  chart  showing  the  changes  in  temperature  capability  of  cast  turbine  blade  alloys 
as  a  function  of  time.  The  first  three  alloys  in  the  series  are  equiaxed,  conventional  cast.  The 
next  one  is  a  monocrystal  alloy.  The  next  is  a  directionally  solidified  alloy  with  comparable 
performance  at  lower  cost.  The  last  two  are  monocrystal  alloys. 


reliability  as  the  result  of  the  use  of  process  modelling.  Through  improved  process 
controls,  made  possible  by  concentrating  on  the  critical  process  variables  iden¬ 
tified  with  modelling,  the  product  of  the  process  exhibits  less  variation  and  the 
occurrence  of  ‘special  cause’  events  is  minimized.  Finally,  the  increased  use  of  net 
shape  processing  techniques  such  as  casting  and  precision  forging  has  reduced 
the  cost  of  manufacturing  components  from  these  improved  alloys.  Without  the 
improvements  in  processing  capability,  the  cost  of  the  improved  materials  would 
be  much  higher  and  their  use  would  be  much  more  limited. 


3.  Future  generation  metallic  materials 

The  above  summary  describes,  in  general  terms,  the  engine  performance  im¬ 
provements  that  have  been  made  and  the  role  of  materials  as  a  key  enabling 
technology.  An  important  question  with  regard  to  expectations  of  future  improve¬ 
ments  is,  ‘How  much  more  performance  can  be  expected  from  metals?’  Clearly, 
the  rate  of  improvement  is  slowing  and  it  is  possible  that  the  point  of  diminish¬ 
ing  returns  for  metals  is  approaching.  The  more  realistic  challenges  beyond  the 
next  one  or  two  generations  of  metallic  alloys  may  be  the  gains  obtainable  by 
tailoring  existing  alloys  for  particular  application  regimes  and  improving  the  life 
capability  of  existing  materials.  Schematically,  this  is  depicted  in  figure  2,  from 
which  the  concept  of  a  performance  asymptote  or  limit  can  be  inferred.  In  this 
figure  an  index  of  material  performance,  e.g.  creep  strength,  is  shown  as  a  time 
series.  Clearly,  the  use  of  a  smooth  curve  is  only  schematically  correct,  since  the 
performance  increments  are  achieved  on  a  generation  by  generation  basis.  The 
more  important  point,  however,  is  that  the  cost  of  each  increment  of  performance 
is  roughly  the  same,  so  the  benefit /cost  ratio  is  decreasing  as  the  asymptote  is  ap¬ 
proached.  Barring  a  major  (unlikely)  breakthrough  in  high-temperature  metallic 
alloy  concepts,  this  asymptote  is  essentially  fixed  by  material  melting  tempera¬ 
ture.  The  time  may  be  at  hand  that  a  logical  and  appropriate  economic  decision 
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Figure  2.  Schematic  plot  of  evolutionary  material  capability  as  a  function  of  time.  The  overall 
capability  is  approaching  an  asymptotic  value,  but  each  generation  of  material  cost  about  the 
same  to  develop,  making  the  benefit  for  unit  cost  less. 


would  be  to  concentrate  future  R&D  efforts  on  adapting  existing  materials  to 
serve  well-defined  niche  applications. 

One  such  application  is  the  emerging  high  speed  civil  transport  (hsct)  en¬ 
gine  currently  under  development  in  the  US.  The  operating  temperatures  for  the 
turbomachinery  in  this  engine  are  not  much  higher  than  that  of  current  genera¬ 
tion  subsonic  engines.  The  times  at  maximum  temperature,  however,  are  many 
times  longer.  The  long  time  at  high  power  levels,  and  therefore  high  tempera¬ 
tures,  is  required  in  the  HSCT  engine  to  sustain  supersonic  cruising  speeds.  These 
time-temperature  combinations  greatly  exceed  any  experience  that  exists  in  the 
aircraft  engine  industry.  Schematic  time-temperature  profiles  for  subsonic  and 
HSCT  engines  are  shown  in  figure  3.  This  application  introduces  time- dependence 
issues  in  materials  performance  that  have  not  been  addressed  previously.  These 
issues  will  require  special  attention  from  a  materials  standpoint  but  the  maximum 
temperature  capability  requirement  is  not  significantly  increased  in  comparison 
to  the  recent  subsonic  transport  engines  (see  table  1).  The  rotor  materials  for  the 
HSCT  engine  thus  will  require  tailoring  of  the  properties  to  meet  these  require¬ 
ments,  but  the  upper  boundary  of  the  operating  temperature  domain  need  not 
be  extended.  These  requirements,  while  challenging,  do  not  call  the  asymptote 
(at  least  on  a  temperature  axis)  into  question  and  there  is  a  basis  for  optimism 
that  the  requirement  can  be  met. 

The  asymptote  suggestion  also  implies  the  following  question:  What  can  still 
be  done  to  improve  metals?  This  question  is  causing  the  engine  materials  com¬ 
munity  to  more  aggressively  examine  the  viability  of  new  classes  of  materials 
that  have  the  capability  of  defeating  the  metals  temperature  barrier.  These  fu¬ 
ture  materials  have  been  separated  into  two  classes,  according  to  the  magnitude 
of  the  potential  performance  increment.  The  classes  are  called  evolutionary  and 
revolutionary,  respectively.  High- temperature  evolutionary  materials  are  metals, 
almost  by  definition.  Facing  the  evolutionary  materials  asymptote  question  be¬ 
comes  more  pressing  as  the  limits  of  metals  are  actually  approaching  and  as 
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Figure  3.  Schematic  plots  of  turbomachinery  temperature  at  various  points  in  a  flight  cycle  for 
typical  subsonic  transport  engine  and  the  proposed  HSCT  engine.  Note  the  long  exposures  at 
high  temperatures  during  cruise  for  the  HSCT. 


resources  to  explore  alternatives  become  more  limited.  In  the  end,  the  decision 
will  be  one  of  comparing  more  certain  modest  gains  obtainable  from  at  least 
one  more  generation  of  evolutionary  materials  with  the  possibility  of  much  larger 
gains  obtainable  from  revolutionary  materials  but  with  higher  risk.  This  question 
will  be  examined  in  more  detail  in  the  next  section,  but  it  is  relevant  to  raise  it 
here  because  these  other  materials  are  widely  viewed  as  an  apparent  alternative  to 
next  generation  metals.  This  is  in  part  because  of  the  diminishing  benefit  relative 
to  cost  that  can  be  obtained  from  another  generation  of  evolutionary  metals. 

Against  this  background,  it  is  useful  to  examine  the  prospect  for  next-gene¬ 
ration  metallic  engine  components  such  as  rotors  (discs)  and  turbine  blades.  It 
appears  that  there  is  at  least  one  more  generation  of  turbine  blade  alloys  that 
can  be  identified,  developed  and  put  into  service.  These  will  be  investment  cast 
monocrystal  blades.  The  temperature  capability  and  durability  of  this  next  alloy 
and  of  earlier  generation  alloys  also  can  be  enhanced  through  the  use  of  ceramic 
thermal  barrier  coatings  (tbcs).  Between  these  two  technologies,  it  appears  that 
the  gas  temperature  in  the  high-pressure  turbine  can  be  increased  by  about  100- 
125  °C  in  the  foreseeable  future  while  maintaining  a  constant  cooling  air  flow. 
Conversely,  the  use  of  TBCs  at  a  constant  gas  temperature  allows  the  cooling 
flow  to  be  reduced  for  improvement  in  SPC  without  raising  the  metal  tempera¬ 
ture.  The  impediment  to  development  of  TBCs  is  improving  their  current  level  of 
durability.  If  the  temperature  advantage  that  can  be  obtained  through  their  use  is 
incorporated  into  an  airfoil  design  either  through  lower  cooling  air  flows  or  higher 
gas  temperatures,  a  breach  in  the  coating  due  to  spallation,  either  from  impact 
or  loss  of  adherence,  will  have  serious  consequences  in  airfoil  life.  The  current 
generation  of  TBCs  are  durable  enough  to  provide  significant  life  extensions,  but 
their  use  to  accommodate  increases  in  T^i  is  a  higher  risk  proposition  at  present. 
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Regarding  discs,  the  current  T3  limitations  are  mainly  related  to  compressor 
rotor  capability  since  these  rotors  are  not  cooled.  The  limitation  for  commercial 
transport  applications  is  more  closely  related  to  the  effects  of  dwell  or  hold  time  on 
fatigue  crack  growth  (htcg)  than  it  is  to  creep  strength.  Fortunately,  the  effects 
of  coarser  grain  size  has  a  common  benefit  for  both  properties,  so  the  use  of  pro¬ 
cessing  methods  that  result  in  grain  sizes  in  the  ASTM  4--6  range  improves  both 
HTCG  and  creep  strength.  Low  cycle  fatigue  (lcf)  strength  is  reduced  with  in¬ 
creased  grain  size,  but  the  limiting  properties  for  most  long-life  commercial  engine 
discs  is  fatigue  crack  growth  or  HTCG,  not  LCF.  As  increases  in  next-generation 
high-thrust  commercial  engines,  creep  may  become  a  factor,  but  it  is  unlikely  that 
LCF  will  be  a  life-limiting  consideration.  Thus  alloys  and  processing  methods  that 
improve  creep  and  HTCG  will  be  the  focus  of  most  future  disc  development  activi¬ 
ties.  It  is  likely  that  all  next  generation  alloys  that  meet  the  strength  requirements 
will  be  too  solute  rich  to  be  producible  by  ingot  metallurgy  (also  called  cast  and 
wrought)  methods.  This  mainly  is  because  of  the  difficulty  in  producing  large, 
good  quality  ingots  of  these  richer  alloys.  Thus  powder  metallurgy  (pm),  or  its 
equivalent,  will  be  the  basic  production  method  upon  which  higher  temperature 
disc  processing  is  built.  This  is  an  inherently  more  costly  method  which  immedi¬ 
ately  raises  questions  in  light  of  the  new  cost/performance  paradigm.  However, 
on  the  positive  side,  once  the  transition  from  cast  and  wrought  to  PM  processing 
is  a  fait  accompli,  the  incremental  cost  of  special  processing  to  achieve  coarser 
grain  size  is  small.  There  are  several  possibilities  for  higher  temperature  discs  for 
use  above  730  °C.  The  first  is  dual  heat  treatment  (dht)  where  the  disc  rim  is 
selectively  heat  treated  to  have  coarser  grains  than  the  bore.  This  yields  better 
creep  and  HTCG  in  the  hottest  regions  of  the  disc  with  minimal  impact  on  LCF  and 
tensile  strength  of  the  bore.  The  second  method  is  a  dual  alloy  disc  (dad)  where 
the  bore  is  made  of  a  higher  tensile  strength,  less  creep-  and  HTCG-resistant  alloy 
and  the  rim  is  made  of  a  different  alloy  that  has  much  better  creep  and  HTCG 
resistance.  Processes  that  prove  technical  feasibility  of  both  of  these  approaches 
have  been  adequately  demonstrated,  but  reduction  to  full  scale  production  prac¬ 
tice  remains  to  be  done.  Both  of  these  options  raise  the  cost  of  discs.  The  DHT  disc 
will  cost  less  but  will  give  a  smaller  increase  in  temperature  capability  than  the 
DAD  approach.  Evaluating  the  trade-off  of  cost  increment  against  performance 
improvement  cannot  be  done  in  isolation.  The  author  believes  it  is  not  likely  that 
many  applications  will  emerge  where  performance  is  so  important  that  large  cost 
increments  will  be  acceptable.  The  question  is  whether,  in  the  light  of  the  newly 
recognized  absolute  cost  constraints,  there  will  ever  be  an  application  for  dad 
technology.  Only  the  market  place  will  answer  this  question. 

Some  actions  that  can  be  taken  to  reduce  the  barriers  to  implementing  the  next 
generation  materials  have  been  mentioned  in  the  Introduction.  Some  of  these  are 
directly  related  to  mitigation  of  cost  barriers,  others  are  more  closely  related  to 
technical  barriers,  although  this  separation  is  somewhat  artificial. 

The  first  of  these  is  the  need  to  do  a  better  job  of  pre-selecting  the  most  likely 
materials  and  process  candidates  before  initiating  development.  This  implies  that 
some  rudimentary  affordability  analysis  needs  to  be  conducted  before  any  tech¬ 
nical  work  is  initiated.  Technologists  of  an  earlier  generation  will  not  willingly 
accept  this  requirement,  but  this  is  a  management  issue  that  simply  needs  to  be 
embedded  in  the  organizational  culture  (it  is  an  element  of  the  new  cost-driven  re¬ 
alities).  The  net  result  of  implementing  this  cost  conscious  practice  is  that  fewer. 
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more  promising  technologies  will  be  under  development  at  any  one  time.  This 
permits  more  resources  to  be  focused  on  the  most  likely  candidate  technologies, 
with  the  likelihood  of  early  realization  in  practice  being  significantly  increased.  It 
also  is  important  to  remain  alert  to  opportunities  to  introduce  new  materials  in 
low  risk  or  limited  use  as  early  as  possible  to  raise  the  awareness  of  their  existence 
and  potential.  Even  limited,  but  real,  service  experience  has  a  disproportionately 
beneficial  effect  on  the  confidence  designers  have  in  a  new  material.  Another  way 
to  reduce  the  cost  of  developing  a  new  material  is  to  engage  in  joint  development 
projects  with  other  companies  that  have  common  requirements.  In  earlier  times, 
many  companies  viewed  this  approach  with  disdain  because  of  perceived  loss  of 
competitive  advantage.  In  reality,  there  is  a  great  deal  of  development  activity 
that  can  be  done  jointly  even  by  direct  competitors  without  compromising  any 
potential  advantage.  More  cooperation  is  emerging,  but  there  is  room  for  much 
more. 

The  technical  barriers  to  higher  temperature  materials  implementation  include 
the  need  for  a  better  fundamental  understanding  of  time  dependent  materials  be¬ 
haviour,  especially  HTCG.  If  the  understanding  is  based  on  principles  instead  of 
empirical  data  and  information,  the  time- dependent  behaviour  of  a  range  of  alloys 
can  be  compared  and  contrasted  without  the  need  to  generate  large  quantities 
of  empirical  test  data  for  each  alloy  being  examined.  Another  area  for  continued 
improvement,  which  is  technical  in  nature,  but  which  has  potential  for  major  cost 
impact  is  the  development  and  use  of  realistic  process  models.  Better  models  per¬ 
mit  definition  of  processes  that  improve  product  quality  and  uniformity.  Included 
are  both  materials  and  components  such  as  forgings  and  castings. 

The  point  of  this  discussion  is  to  make  it  clear  that  new  technology,  both  in 
materials  and  in  processing,  will  be  introduced  into  a  future  generation  of  new 
and  derivative  engines,  but  cost  will  play  a  more  central  role  in  the  decision 
process.  Just  as  this  cost  focus  represents  new  thinking,  there  is  new  thinking 
that  needs  to  be  done  to  make  new  technology  more  affordable  so  as  to  prevent 
stagnation  of  product  improvement.  Product  improvement  driven  by  technology 
has  been  the  characteristic  that  has  differentiated  the  aircraft  engine  industry 
from,  for  example,  the  auto  industry.  Thus  it  appears  that  finding  innovative 
ways  of  sustaining  continued  product  improvements  in  a  more  cost  conscious 
environment  will  be  a  key  challenge  for  the  industry. 


4.  The  future  of  revolutionary  materials 

As  mentioned  earlier,  a  revolutionary  material  is  one  that  has  a  large  change 
(step  function)  in  any  particular  property  of  interest.  These  materials  have  cap¬ 
tured  a  great  deal  of  interest  among  structural  designers  because  of  their  potential 
for  large  gains  in  structural  efficiency.  Over  the  past  10-15  years  a  lot  of  effort 
has  been  devoted  to  reducing  revolutionary  materials  to  practice  for  inclusion  in 
high-performance  production  military  and  commercial  systems.  It  is  fair  to  say 
that  progress  in  reaching  this  objective  has  been  slow.  Today  the  only  examples 
of  these  materials  in  significant  use  are  polymer  matrix  composites.  Other  candi¬ 
date  classes  of  revolutionary  materials  are  metal  and  ceramic  matrix  composites, 
and  intermetallic  compounds.  The  balance  of  this  section  will  examine  the  status 
of  each  of  these  material  classes  and  outline  the  prospects  and  timing  for  reducing 
them  to  practice. 
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{a)  Polymer  matrix  composites  (PMCs) 

These  materials  are  in  use  in  a  number  of  production  systems,  both  in  the  air¬ 
frame  structure  and  the  engine.  The  largest  volume  of  PMCs  are  used  at  or  just 
above  ambient  temperature  (less  than  100  °C).  There  is  a  moderate  amount  of 
polyimide  matrix,  carbon  fibre  composite  material  (PMR-15)  in  use  at  temper¬ 
atures  up  to  about  275  °C,  but  this  is  small  in  an  overall  sense.  Thus  PMCs  are 
not  a  mainstream  topic  of  this  article  since  they  are  not  truly  a  high-temperature 
material.  Nevertheless,  a  brief  summary  of  the  benefits  and  issues  associated  with 
the  use  of  PMCs  seems  appropriate  since  this  is  the  most  mature  class  of  revo¬ 
lutionary  materials.  Pmcs  are  attractive  because  they  provide  major  weight  and 
durability  advantages.  They  have  specific  stiffness  and  strength  values  of  not  less 
than  twice  that  of  metallic  structures.  They  also  have  similar  advantages  in  fa¬ 
tigue  strength.  They  are  considerably  more  costly  to  fabricate  into  components, 
compared  to  A1  or  Ti,  and  this  has  limited  the  extent  of  their  use.  Until  quite 
recently,  design  methods  to  fully  realize  the  benefits  of  PMCs  have  not  been  widely 
available.  This  deficiency  has  further  limited  their  use  in  complex  shaped  struc¬ 
tures.  Compared  to  monolithic  metals  (as  opposed  fabricated  metallic  structures 
such  as  honeycomb  core,  metal  face  sheet),  PMC  structure  is  difficult  and  costly 
to  repair.  These  two  cost  related  factors  are  the  subject  of  development  effort 
and  in  time  will  be  less  troublesome.  Today,  however,  these  remain  as  issues  that 
reduce  the  usage  of  pmcs.  The  industrial  base  for  making  PMC  raw  materials  is 
reasonably  mature,  but  the  overcapacity,  due  in  part  to  previous  over-optimistic 
estimates  of  use  levels,  currently  is  creating  major  financial  pressures  for  the  ma¬ 
terials  suppliers.  As  a  result  there  will  be  a  shake-out  in  the  supplier  base,  but 
the  remaining  companies  should  emerge  healthier  than  they  have  been  in  several 
years. 


(6)  Metal  matrix  composites  (MMCs) 

Metal  matrix  composites  have  been  in  existence  as  a  material  concept  for  over 
20  years.  Laboratory  quantities  of  these  materials  have  been  available  for  nearly 
as  long.  Today  there  are  several  distinct  classes  of  MMCs.  These  can  be  distin¬ 
guished  by  the  nature  of  the  reinforcement:  continuous  fibre,  discontinuous  fibre 
or  particulate  reinforced  composites.  There  are  markets  identified  for  each  of  these 
classes  of  MMC,  but  the  only  class  that  will  be  discussed  here  are  Ti  matrix  com¬ 
posites  reinforced  with  continuous  SiC  fibres  (known  as  TMCs).  These  composites 
have  been  shown  to  have  very  attractive  properties  as  can  be  seen  in  table  2. 
These  properties  represent  a  two-fold  increase  in  structural  efficiency  when  com¬ 
pared  to  high  strength  Ti  alloys.  The  reproducibility  of  the  properties  shown  in 
table  2  has  also  been  thoroughly  demonstrated  and  TMCs  are  widely  accepted 
as  a  technically  feasible  material  system.  These  properties  are  very  anisotropic, 
but  this  characteristic  can  be  managed  through  better  design  methods  that  are 
available  (but  not  widely  used).  The  issue  that  has  been  restricting  TMC  use  is 
cost  and  at  present  this  barrier  is  great  enough  that  these  materials  are  not  in 
use  in  any  production  system. 

The  principal  issue  that  is  impeding  extensive  use  of  TMCs  in  addition  to  cost 
is  the  lack  of  a  production  scale  and  style  source  of  supply.  In  some  regards  this 
can  be  viewed  as  a  chicken  and  egg  situation.  This  epitomizes  the  dilemma  that 
has  plagued  the  reduction  to  practice  of  revolutionary  materials.  That  is,  the 
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Table  2.  One  example  of  reproducible,  longitudinal- orientation  MMC  properties 
(Material  system:  Ti  6A1  2Sn  4Zr  2Mo  +  Si,  wt%;  ca.  150  |im  SiC  fibres.) 


ultimate  tensile  strength  1.9  X  10^  MPa  (276  ksi) 

Young’s  modulus  226  x  10^  MPa  (32.8  msi) 

fracture  strain  0.95% 

density  (equivalent  to  Ti  alloys)  4.43  g  cm“^  (0.16  lb  in”^) 


cost  becomes  less  as  the  usage  volume  increases,  but  there  are  few  applications 
that  are  so  performance  limited  that  the  early  higher  cost  during  the  low- volume 
phase  of  reduction  to  practice  can  be  justified.  Without  a  well-defined  market, 
capitalization  to  produce  the  materials  in  larger  (lower  cost)  volumes  typically 
is  not  available.  There  currently  is  a  large  cooperative  programme  in  the  US 
that  is  aimed  at  reducing  the  cost  of  tmcs.  There  are  several  aspects  of  this  cost- 
reduction  programme  that  make  the  outcome  encouraging.  Most  important  is  the 
agreement  among  the  users  to  focus  on  a  single,  lowest-cost  process  for  making 
tmcs.  This  lowest-cost  process  will  be  selected  after  a  careful  evaluation  phase. 
Further,  the  initial  applications  planned  for  production  introduction  are  ones 
limited  by  low  use  temperature  and  stiffness.  This  increases  the  chances  of  success 
because  it  is  less  likely  that  an  unforeseen  problem  will  occur  during  service 
introduction.  If  the  material  cost  targets  are  achieved,  TMCs  will  likely  see  initial 
service  in  real  products  within  the  next  four  years.  While  this  is  encouraging, 
the  overall  time  line  from  material  concept  to  actual  product  use  is  considerably 
longer  than  was  originally  forecast. 

(c)  Ceramic  matrix  composites  (CMCs) 

Cues  are  the  most  attractive  material  concept  for  defeating  the  metals  use 
temperature  asymptote  defined  by  melting  temperature.  The  fibre  toughening  of 
CMOS  avoids  many  of  the  well-known  brittleness  issues  associated  with  monolithic 
ceramics.  However,  it  is  essential  that  the  toughness  of  CMCs  that  is  derived  from 
fibre-dominated  behaviour  is  retained  after  long  term,  high-temperature  service. 
This  poses  a  potential  problem  that  is  still  under  evaluation  and  extensive  study. 
The  key  to  fibre  dominated  behaviour  is  retention  of  a  fibre  matrix  interface 
that  has  intermediate  strength.  It  is  common  for  reactions  to  occur  during  ele¬ 
vated  temperature  service  that  either  strengthen  or  weaken  the  interface,  thereby 
changing  the  toughening  behaviour.  As  service  temperatures  increase  above  the 
1300-1350  °C  range  this  matter  becomes  increasingly  difficult.  Today,  it  is  accu¬ 
rate  to  say  that  there  are  no  CMC  systems  that  have  the  service  capability  for 
thousands  of  hours  at  or  above  1300  °C.  Development  efforts  are  still  underway 
to  achieve  this  goal,  but  it  is  a  daunting  prospect.  There  are  other  issues  that 
must  be  resolved  before  CMCs  can  reach  their  full  potential  at  these  very  high 
temperatures.  One  is  the  availability  of  a  high- temperature  fibre  that  will  have 
adequate  creep  resistance  as  service  temperatures  are  raised.  This  limitation  is 
less  bothersome  than  the  loss  of  fibre  dominated  behaviour  because,  it  gradually 
reduces  the  load  bearing  capacity  of  CMCs  but  does  not  result  in  the  onset  of  po¬ 
tential  for  catastrophic  failure.  CMCs  also  have  a  limited  industrial  base  for  large 
scale  production,  although  the  situation  is  somewhat  better  than  for  TMCs.  As 
in  the  case  of  TMCs,  the  absence  of  applications  and  little  consensus  among  users 
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regarding  preferred  processing  methods  contributes  to  the  high  cost  of  CMCs. 
A  cooperative  programme  of  the  type  described  for  TMCs  would  be  useful  as  a 
means  of  cost  reduction.  There  is  growing  interest  in  CMCs  for  low-emission  en¬ 
gine  combustor  liners.  If  this  application  is  realized,  the  situation  could  change 
and  applications  in  real  products  could  develop  relatively  rapidly. 

{d)  Intermetallic  compounds 

Intermet allies  also  have  been  the  object  of  study  for  more  than  25  years  as  po¬ 
tential  replacements  for  high-temperature  alloys.  In  fact,  some  of  these  materials 
have  excellent  high- temperature  strength.  The  major  barrier  to  the  use  of  inter- 
metallics  has  been  the  inability  or  unwillingness,  in  a  risk  sense,  to  deal  with  the 
low  temperature  brittleness  of  literally  all  intermetallic  compounds.  Most  inter- 
metallics  become  more  ductile  at  elevated  temperature,  but  the  low  temperature 
brittleness  poses  severe  problems,  some  real  and  some  perceived.  An  additional 
attraction  of  intermetallics  is  their  low  density,  because  many  compounds  contain 
one  or  more  light  elements  such  as  A1  or  Si.  The  intent  of  this  section  is  not  to 
review  the  status  of  the  various  intermetallics  that  are  currently  the  subject  of 
a  large  number  of  development  programmes  around  the  world.  Rather,  it  is  to 
describe  the  barriers  to  implementation  that  a  component  made  from  an  inter¬ 
metallic  must  overcome  to  achieve  production  status.  Several  conferences  have 
been  held  on  intermetallics  and  the  proceedings  of  these  are  an  excellent  source 
of  detailed  technical  assessments  of  particular  compounds  (Darolia  et  al  1993). 

The  brittleness  of  intermetallics  makes  them  difficult  to  design  with  because  of 
increased  risk  of  unanticipated  fracture  in  service  and  increased  manufacturing 
losses  because  of  cracking  during  processing.  The  pay-off  from  these  low  density 
materials  justifies  coping  with  these  issues.  As  a  result,  there  are  several  inter¬ 
metallics  that  are  being  actively  studied.  Among  the  most  promising  and  widely 
studied  is  the  compound  based  on  TiAL  There  are  several  ternary  and  quater¬ 
nary  alloy  variants  of  this  compound  under  intense  evaluation.  At  GE  Aircraft 
Engines,  an  entire  last-stage  wheel  of  low  pressure  turbine  (lpt)  blades  has  been 
made  from  cast  Ti-48Al-2Cr-2Nb  and  run  in  a  factory  cyclic  endurance  test 
of  a  large  commercial  transport  engine.  The  blades  have  performed  perfectly, 
demonstrating  that  the  concern  about  low  ductility  is  not  performance  limiting. 
These  results  are  very  encouraging  and  provide  the  impetus  to  consider  a  field 
evaluation  of  lpt  blades.  This  is  expected  to  commence  in  1995.  The  TiAl  lpt 
blades  can  be  directly  substituted  for  cast  equiaxed  Ni  base  alloy  blades  at  about 
50%  weight  reduction.  Later,  if  this  evaluation  is  successful,  additional  weight 
savings  can  be  achieved  by  re-designing  the  disc  and  static  structures  because  of 
the  lighter  rotor  weight.  Still  the  practical  issue  with  TiAl  is  cost,  because  of  the 
higher  degree  of  difficulty  of  fabricating  components.  Casting  helps  reduce  the 
cost,  but  TiAl  castings  will  be  more  expensive  until  there  is  more  experience  in 
the  industry.  In  the  future,  TiAl  should  be  less  expensive  than  cast  Ni-base  alloys 
if  the  prices  of  Ni  and  Co  continue  to  escalate.  It  is  an  unusual  opportunity  to 
contemplate  a  simultaneous  reduction  in  weight  and  cost.  Many  issues  must  be 
resolved  before  this  is  realized,  but  there  is  good  reason  to  believe  that  this  will 
eventually  happen.  There  also  is  interest  in  forged  (wrought)  TiAl,  but  there  is 
little  reason  for  optimism  regarding  cost  of  this  processing  method.  Here,  the  low 
ductility  increases  the  number  of  forging  steps  and  reduces  the  yields  because  of 
cracking.  It  appears  that  the  first  production  application  of  TiAl,  if  it  occurs, 
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will  be  in  cast  form.  It  is  conceivable  that  the  first  production  introduction  of 
low-risk  cast  TiAl  components  could  occur  as  early  as  1997. 

5.  The  effect  of  business  climate  and  product  maturity  on  product 

development  trends 

The  current  business  climate  in  the  aircraft  engine  sector  only  sharpens  the  cost 
focus.  It  is  clear  that  the  prime  means  of  differentiating  a  product  in  this  market 
today  is  price,  not  performance.  This  is  because  of  the  maturation  of  subsonic 
engines  and  the  current  world  overcapacity  for  aircraft  engine  production.  Today, 
all  engines  in  a  given  thrust  class  have  comparable  (but  not  identical)  performance 
characteristics.  The  most  certain  means  of  increasing  market  share  is  to  offer  a 
competitive  product  at  a  lower  selling  price  than  that  of  the  competition.  This 
means  that  the  cost  of  producing  the  product  must  be  reduced  and  vigorously 
managed,  both  at  the  engine  factory  and  at  the  raw  materials  and  component 
suppliers  plants.  The  concept  of  cost  as  the  primary  consideration  represents 
a  new  paradigm  in  the  engine  industry.  Adapting  to  this  new  way  of  life  has 
produced  some  significant  changes  including  new  ways  of  working  and  significant 
reductions  in  work  force  size.  In  addition  to  competitive  cost  comparisons  between 
engine  makers,  there  has  recently  arrived  an  awareness  of  the  importance  of 
absolute  costs.  Several  major  airlines  have  recently  said  that  they  cannot  foresee 
a  realistic  means  of  obtaining  adequate  return  on  investment  from  any  aircraft 
that  costs  more  than  about  $200,000  per  seat  (in  1994  dollars).  The  basis  for  this 
is  the  analysis  of  anticipated  revenues  and  operating  costs  including  the  cost  of 
ownership.  The  significance  of  this  position  is  not  the  accuracy  of  the  $200,000 
figure,  but  the  recognition  of  an  absolute  cost  constraint  in  addition  to  a  relative 
one  that  is  the  result  of  competitive  analysis.  This  event  will  undoubtedly  affect 
the  rate  that  new  technology  can  be  introduced  into  future  generation  engines  and 
airframes.  In  turn,  this  will  influence  the  types  of  development  projects  that  the 
engine  manufacturers  undertake  and  the  rules  of  thumb  that  have  been  used  to 
assess  the  value  of  new  technology  that  enhances  product  performance.  External 
factors  such  as  large  increases  in  fuel  cost  may  change  this  matter,  but  for  current 
planning  purposes  such  increases  do  not  appear  likely. 

Even  the  market  analysis  of  the  hsct  assumes  very  modest  fare  premiums 
(about  10-15%)  in  three-class  service  to  make  the  market  size  large  enough  to 
allow  the  return  of  development  cost.  Such  modest  increases  will  not  buy  much 
technology  beyond  that  needed  to  meet  the  range  and  emissions  requirements. 
Thus  the  market  in  which  commercial  aircraft  and  engines  operate  appears  to 
have  permanently  changed.  The  new  competitive  realities  are  based  on  cost  ,  not 
technology.  It  is  time  that  technologists  recognize  these  realities  and  adjust  their 
thinking  and  approach  to  their  work. 

6.  Summary 

This  paper  has  described  the  development  of  aircraft  engines  as  products  of 
high  technology.  A  few  ideas  that  have  been  presented  are  worth  repeating  here 
in  capsule  form. 

1.  Materials  have  played  a  significant  role  in  the  performance  improvements  of 
aircraft  engines  during  the  past  40  years. 
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2.  The  temperature  limits  of  metals  are  being  approached,  but  the  alternatives 
to  metals  raise  several  different,  but  equally  difficult  questions. 

3.  The  development  and  implementation  cycle  for  new  materials  is  very  long 
and  needs  to  be  reduced.  This  will  reduce  development  cost  and  permit  more 
rapid  introduction  of  new  materials. 

4.  The  current  market  climate  places  an  unprecedented  emphasis  on  cost. 

5.  Performance  parity  with  cost  advantage  will  be  the  most  certain  way  to  win 
market  share  in  future  transactions. 

6.  The  ability  to  introduce  new  materials  will  be  paced  by  cost,  more  than 
anything  else. 
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Discussion 

M.  McLean  {Department  of  Materials,  Imperial  College,  London,  UK).  Doctor 
Williams  indicated  that  ceramic  matrix  composites  show  particular  promise  for 
aero-engine  applications.  Does  he  envisage  that  they  will  be  used  with  cooling? 
If  not,  what  material  temperature  advantage  is  required  over  existing  metallic 
materials  for  which  blade  cooling  is  likely  to  be  more  efficient? 

J.  C.  Williams.  Ceramic  matrix  composites  (cMc)  appear  to  be  attractive  for 
combustor  liners,  turbine  blades,  and  static  exhaust  structural  parts.  Clearly  the 
use  of  cooling  would  further  enhance  the  temperature  benefit  in  the  former  two 
cases.  Today,  there  is  no  proven  way  to  put  cooling  passages  in  CMCs.  There  at 
least  two  barriers.  First,  severing  the  fibre  reinforcement  would  reduce  the  struc¬ 
tural  efficiency  of  the  materials.  Second,  even  carbides  or  nitrides  have  much 
lower  thermal  conductivity  than  superalloys.  Consequently,  there  would  be  steep 
temperature  gradients  between  cooling  holes.  This  would  only  serve  to  exacer¬ 
bate  the  thermal  fatigue  problem  that  is  recognized  in  elastically  heterogeneous 
materials  such  as  CMCs. 

Calculation  of  the  increase  in  temperature  capability  to  make  an  uncooled  CMC 
part  comparable  to  a  current  cooled  superalloy  turbine  airfoil  is  not  straightfor¬ 
ward  because  of  the  differences  in  thermal  conductivity  and  the  anisotropy  in  this 
property  that  the  fibres  introduce.  In  superalloy  blades  cooling  can  provide  as 
much  as  500  °C  AT  between  the  metal  temperature  and  gas  temperature.  Using 
this  as  a  rough  approximation,  it  is  fair  to  say  that  there  are  no  CMC  systems 
today,  either  production  or  developmental,  that  offer  this  temperature.  Of  course, 
the  durability  required  or  expected  in  commercial  engines  today  is  an  additional 
question  mark  when  the  use  of  CMCs  is  contemplated. 

A.  Cottrell  {Department  of  Materials  Science,  University  of  Cambridge,  UK). 
As  befits  the  title  of  this  Discussion,  we  are  concentrating  on  the  problem  of 
raising  the  working  temperatures  of  materials.  But  in,  for  example,  gas  turbine 
engines  it  can  be  just  as  important  to  aim  at  reducing  the  weight,  the  pursuit  of 
which  would  lead  the  materials  research  in  a  quite  different  direction.  Would  Dr 
Williams  care  to  comment  on  these  possible  alternative  strategies? 
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J.  C.  Williams.  It  is  always  attractive  to  introduce  lower  density  materials,  or 
more  accurately,  materials  which  have  better  performance  on  a  density  corrected 
basis.  However,  the  overall  performance  benefits  of  significantly  reducing  the  op¬ 
erating  temperatures  in  the  hot  sections  of  a  turbine  engine  to  permit  use  of 
lower  density  materals  are  fewer  than  those  that  can  be  gained  by  increasing  the 
temperatures  through  incremental  improvement  of  the  currently  used  Ni-based 
alloys.  The  difficulty  lies  in  achieving  large  enough  reductions  in  the  operating 
temperature  to  permit  the  use  of  lower  density  alloys  based  on  Ti  or  even  Al, 
while  maintaining  acceptable  performance  characteristics  and  not  increasing  the 
risk  of  fire.  The  remaining  question  is  whether  there  are  lower  density  materials 
with  roughly  Ni-based  alloy  temperature  capability.  There  are  a  few,  including 
C-C  composites,  ceramic  composites  and  some  intermetallic  compounds  such  as 
NiAl  and  TiAl.  Each  of  these  classes  of  materials  present  several  durability  re¬ 
lated  questions  that  are  so  daunting  as  to  currently  preclude  their  use  in  any 
production  engines.  Engine  tests  have  shown  that  the  difficulty  in  applying  these 
materials  varies  by  material  class,  but  the  least  likely  appears  to  be  C-C  compos¬ 
ites  and  the  most  likely  is  TiAl,  at  least  for  rotating  components.  There  has  been 
considerable  work  expended  in  reducing  the  weight  of  static  structures,  with  the 
result  that  polymer  matrix  composites  and  cast  Ti  alloys  are  widespread  use  to¬ 
day.  Al  and  Mg  alloys  may  be  possible  for  the  cool,  front  end  but  these  materials 
are  not  widely  used  in  western  world  for  large  engines. 

The  greatest  performance  benefits  have  been  realized  through  incremental  im¬ 
provements  in  the  gas  temperatures  partly  made  possible  through  higher  tem¬ 
perature  materials  and  partly  through  the  use  of  improved  cooling  technology. 
Lighter  weight  structures  are  attractive,  but  as  a  complement  to  higher  temper¬ 
ature  rotors. 

M.  Harvey  {Department  of  Materials  Science  and  Metallurgy,  University  of 
Cambridge,  UK).  Ram  Darolia,  also  of  General  Electric,  has  published  some  in¬ 
teresting  results  with  regard  to  nickel  aluminide,  NiAl,  as  a  possible  replacement 
for  existing  superalloys  in  blade  applications.  What  is  the  current  state  of  research 
at  GE  concerning  this  particular  intermetallic? 

J.  C.  Williams.  There  has  been  a  lot  of  work  done  on  NiAl  at  GE  Aircraft 
Engines  over  the  last  six  years.  This  work  has  focused  on  several  aspects  of  this 
material  including  processing  to  make  large  monocrystals,  alloying  to  achieve 
better  creep  strength  and  ductility  improvements,  manufacturing  methods  for 
making  turbine  airfoils  and  design  methods  that  permit  the  use  of  limited  ductility 
materials  such  as  NiAl  in  turbine  components.  It  is  fair  to  say  this  work  has 
taught  us  a  lot  and  that  we  are  now  in  a  much  better  position  to  contemplate  a 
demonstrator  engine  test  of  this  material.  We  also  have  learned  how  much  more 
difficult,  compared  to  super  alloys,  it  would  be  to  reduce  NiAl  to  practice  in  a 
production  engine. 

We  have  an  engine  test  scheduled  for  mid- 1995  which  contains  a  turbine  nozzle 
with  NiAl  vanes.  Our  previous  effort  gives  us  reasonable  confidence  that  this  test 
will  be  successful,  but  the  next  steps  are  less  clear.  The  benefits  of  a  35%  less 
dense  alloy  with  several  fold  increased  thermal  conductivity  are  very  clear.  The 
cost  of  introducing  this  material  and  the  associated  durability  risk  are  much  less 
clear  and  need  to  be  resolved  before  a  production  commitment  could  be  made. 

T.  Khan  {Chatillon  Cedex,  France).  Which  type  of  materials  does  Dr  Williams 
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have  in  mind  while  projecting  Ts  (compressor  air  temperature)  temperature  of 
about  815  °C  in  advanced  subsonic  engines  of  the  future?  Could  he  give  an  in¬ 
dication  in  the  type  of  research  work  which  should  be  carried  out  to  meet  this 
goal. 

J.  C.  Williams.  First  let  me  re-emphasize  that,  currently,  there  are  no  known 
materials  solutions  to  permit  an  engine  to  operate  for  long  times  at  815  °C  Ts 
values.  The  best  candidates  for  somewhat  lower  temperatures  (up  to  760  °C) 
are  Ni-based  alloys  used  in  narrower  regimes  that  the  current  ‘one  size  fits  all’ 
approach.  By  this  I  mean  the  bore  of  a  very  high-temperature  rotor  could  be  made 
of  a  high  strength,  fatigue  resistant  alloy,  the  web  could  be  a  medium  strength, 
creep-resistant,  coarse-grained  alloy  and  the  rim  might  be  directionally  solidified 
or  even  monocrystal  pieces  made  from  airfoil  alloys  chosen  for  their  extreme  creep 
resistance,  but  low  tensile  and  fatigue  strength. 

There  has  been  discussion  of  W  wire  reinforced  structures  but  I,  personally, 
am  not  optimistic  about  the  ability  to  eliminate  reactions  between  the  Ni  alloy 
and  W  wire.  Clearly,  there  are  a  number  of  serious  technical  barriers  to  achieving 
an  815  °C  disc.  Even  if  these  can  be  overcome,  the  costs  of  such  a  disc  may  prove 
prohibitive.  The  gas  turbine  industry  has  provided  other  examples  of  technical 
successes  that  are  commercial  failures.  As  the  industry  matures,  these  must  be 
avoided  through  cost-conscious,  decision-making  processes  in  the  early  stages  of 
a  development  project. 
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A  design-led  procedure  is  developed  for  the  selection  of  materials  to  resist  creep, 
creep  fracture,  creep  relaxation  and  creep  buckling.  It  is  an  extension  of  a  suc¬ 
cessful  procedure  for  room  temperature  design  which  uses  performance  indices 
and  materials-selection  charts.  The  extension  requires  the  definition  of  a  ‘design 
strength’,  ctd,  which  characterizes  material  response  under  conditions  imposed  by 
the  design.  Materials  are  ranked  by  an  optimization  procedure  which  combines  (Jd 
with  other  properties  (such  as  density,  or  cost,  or  stiffness)  to  isolate  the  subset 
which  best  meet  the  design  specification. 


1.  Introduction 

How  are  materials  chosen  to  avoid  failure  by  creep  at  high  temperatures  (figure  1)? 
Very  largely  by  experience.  Polymers  can  be  used  at  room  temperature,  but,  with 
only  a  few  exceptions,  not  above  100  °C.  The  most  creep  resistant  of  aluminium 
alloys  are  good  to  about  200  °C;  titanium  alloys  to  600  °C;  stainless  steels  to 
850  °C,  and  so  on.  But  optimal  selection  requires  much  more  than  this.  The 
choice  depends  not  only  on  material  properties,  but  on  the  mode  of  loading 
(tension,  bending,  torsion,  internal  pressure),  on  the  failure  criterion  (excessive 
deflection,  fracture,  relaxation  of  stress,  bucking,  etc.)  and  on  the  optimization 
objective  (minimizing  weight,  or  cost,  or  maximizing  life).  A  designer,  not  himself 
a  specialist  on  creep,  has  no  easy  way  to  identify  the  subset  of  materials  best  suited 
to  his  needs,  or  to  predict  the  ways  in  which  a  change  in  the  design  might  influence 
the  choice.  In  short,  we  lack  a  systematic  procedure  for  selecting  materials  for 
use  at  high  temperatures. 

There  is  a  systematic  method  for  selecting  materials  for  mechanical  design  at 
room  temperature.  Could  it  be  extended  to  high?  To  answer  this,  we  first  examine 
how  the  method  works. 


2.  Material  selection  for  room  temperature  design 

The  method  uses  two  key  ideas:  performance  indices  and  material-property 
space. 

A  performance  index  is  a  group  of  material  properties  which  characterizes  some 
aspect  of  the  performance  of  a  component  (Crane  &  Charles  1984;  Ashby  1992). 
Selecting  a  material  with  the  largest  value  of  the  appropriate  index  maximizes 
this  aspect  of  performance.  The  indices  are  derived  from  models  of  the  function 
of  the  component.  The  best  materials  for  making  a  light  strong  tie  (a  tensile 
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Figure  1.  Creep  is  important  in  four  classes  of  design:  (a)  displacement-limited,  (6) 
failure-limited,  (c)  relaxation-limited  and  (d)  buckling- limited. 


member)  are  those  which  have  the  highest  value  of  the  specific  strength: 

Ml  =  ay/p,  (2.1) 

where  ay  is  the  yield  strength  and  p  is  the  density.  This  will  appear  obvious;  it 
could  have  been  guessed.  But  it  is  dangerous  to  guess  indices.  The  best  material 
for  a  light  strong  beam^  i.e.  a  component  loaded  in  bending  rather  than  tension, 
is  that  with  the  greatest  value  of 

M2  =  ay^/p,  (2.2) 

or,  if  the  width  of  the  beam  is  fixed  but  its  height  can  be  adjusted  (when  it  is 
called  a  panel),  that  with  the  greatest  value  of 

Ms  =  al^^/p.  (2.3) 

Material  indices  such  as  these  are  derived  from  models  which  describe  function, 
objective  and  constraints.  Equation  (2.2),  for  example,  is  derived  as  follows.  A 
material  is  required  for  a  light,  strong  beam.  The  beam  has  a  specified  length  L 
and  a  rectangular  cross  section  b  x  h  such  that  b  =  ah  {a  also  specified,  so  that 
the  shape  remains  constant)  as  shown  in  figure  2a.  Its  function  is  obvious:  it  is 
that  of  supporting  a  bending  moment.  The  objective  is  to  minimize  its  mass  m, 
given  by 

m  =  ALp,  (2.4) 

where  A  =  =  ah‘^  is  the  area  of  the  cross  section  and  p  is  the  density  of 

the  material  of  which  the  beam  is  made.  There  are  constraints:  first,  the  length 
L  and  the  proportions  a  are  specified,  and  second,  the  beam  must  not  collapse 
plastically  under  the  load  F.  Plasticity  starts  when  the  stress  in  the  surface  of  the 
beam  first  reaches  the  yield  strength  Gy  of  the  material;  plastic  collapse  occurs 
when  this  plasticity  penetrates  through  the  entire  section  to  give  a  plastic  hinge. 
The  load  F  which  will  just  cause  collapse  is 

F  =  Ciaybh^L, 
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Figure  2.  A  cantilever  beam  loaded  with  an  end  load  F.  (a)  At  room  temperature  a  plastic 
hinge  forms  where  the  bending  moment  is  highest,  {b)  At  high  temperature  creep  plasticity  is 
distributed,  (c)  Creep  fracture  starts  where  the  local  tensile  stress  is  highest. 


where  Ci  is  a  constant  which  depends  only  on  the  load  distribution;  for  the 
cantilever  of  figure  2,  Ci  =  |.  Other  supports  or  other  distributions  of  load  change 
Cl  but  nothing  else.  The  beam  can  be  made  lighter  by  reducing  the  area  A  of  the 
cross  section,  but  if  it  is  reduced  too  much  the  beam  will  collapse  under  the  load 
F]  we  are  free  to  choose  A  so  as  to  reduce  the  mass,  provided  the  constraint  is 
still  met.  Substituting  for  A  in  (2.4)  from  (2.5)  (and  using  bh?  =  and 

C-L  =  \)  gives 

m  =  pLa^l^{4.FL/ayY'\  (2.6) 

In  this  equation  the  quantities  T,  a  and  F  are  fixed  by  the  design.  The  mass  m  is 
minimized  by  minimizing  the  remaining  term  pjoy^.  It  is  convenient  to  restate 
this  as  a  quantity  to  be  maximized:  the  mass  of  the  beam  can  be  minimized  (and 
performance  maximized)  by  seeking  the  material  with  the  largest  value  of  the 
performance  index  of  (2.2).  Panels  (plates  of  fixed  width  loaded  in  bending)  gibe, 
by  a  similar  route,  (2.3). 

The  differences  in  the  exponents  that  appear  in  the  three  index  equations 
(1,  2/3,  and  1/2)  drastically  change  the  choice  of  materials.  This  is  where  the 
idea  of  material-property  space  enters:  a  multi-dimensional  space  with  values  of 
material  properties  as  axes.  Sections  though  this  space  can  be  charted  (‘material- 
selection  charts’)  and,  on  to  these,  the  material  indices  can  be  plotted.  In  the 
example  shown  as  figure  3,  the  axes  are  log(cry)  and  log(p).  When  data  for  a 
given  material  class  -  metals,  for  instance  -  are  plotted  on  these  axes,  it  is  found 
that  they  occupy  a  field  which  can  be  enclosed  in  a  ‘balloon’.  Ceramics  as  a  class 
occupy  a  characteristic  field,  and  so  do  polymers,  elastomers  and  composites.  The 
fields  may  overlap  but  are  nonetheless  distinct.  Individual  materials  or  subclasses 
(tungsten  in  the  class  of  metals,  or  poly  propylenes  in  the  class  of  polymers)  appear 
as  little  bubbles  within  each  class-balloon,  with  dimensions  defined  by  the  ranges 
of  their  properties. 


Phil.  Trans.  R.  Soc.  Land.  A  (1995) 


454 


M.  F.  Ashby  and  C.  A.  Abel 


density,  p  /  (Mg  m 

Figure  3.  A  selection  chart  for  strength-limited  design  showing  the  yield  strength  cry  plotted 
against  the  density  p  on  logarithmic  scales.  A  compilation  of  such  charts  for  room  temperature 
design  is  given  by  Ashby  (1992). 


Figure  4.  A  typical  creep  curve  showing  the  tensile  strain  e  plotted  against  time  t.  It  shows  the 
primary,  secondary  and  tertiary  stages,  and  the  quantities  Cgg,  ef  and  tf. 
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The  subset  of  materials  with  the  greatest  value  of  an  index  can  be  identified 
rapidly  using  such  charts.  Taking  logarithms  of  (2.2),  for  instance,  we  find 

log(o-y)  =  I  log(p)  +  I  log(M2).  (2.7) 

The  equation  defines  a  grid  of  lines  of  slope  3/2  on  the  chart,  one  for  each  value 
of  M2.  The  construction  is  illustrated  in  figure  3,  from  which  it  can  be  seen  that 
certain  fibre-reinforced  composites  and  ceramics  have  the  particularly  large  values 
of  M2  and  so  are  the  best  choice  for  a  light,  strong  beam.  The  index  Mi  plots  as 
a  line  of  slope  1;  M3  plots  as  a  line  of  slope  2;  they  identify  the  best  materials  for 
light  strong  ties  and  panels.  Plotting  these  on  figure  3  identifies  the  best  subset 
for  each  application.  The  chart  plus  the  indices  allow  optimal  selection  for  each 
combination  of  function,  constraint  and  objective. 

The  method  is  fully  developed  in  texts  and  software  (Ashby  1992;  Cebon  & 
Ashby  1992;  CMS  software  1994).  Multiple  selection  stages  are  possible  by  using 
different  slices  through  property  space,  and  the  shape  of  the  cross  section  (impor¬ 
tant  in  bending,  torsion  and  in  resisting  buckling)  can  be  included  in  the  indices. 
But  this  is  all  for  room  temperature.  We  return  to  our  earlier  question:  can  the 
method  be  extended  to  high  temperatures? 

3.  Material  indices  for  high  temperature,  creep-limited  design 

In  design  against  creep,  we  seek  the  material  and  the  shape  which  will  carry 
the  design  loads  without  failure,  for  the  design  life  at  the  design  temperature. 
The  meaning  of  ‘failure’  depends  on  the  application.  We  distinguish  four  types 
of  failure,  illustrated  in  figure  1. 

1.  Displacement-limited  applications,  in  which  precise  dimensions  or  small 
clearances  must  be  maintained  (as  in  the  discs  and  blades  of  turbines),  when 
design  is  based  on  creep  rates  e  or  displacement  rates  6. 

2.  Rupture-limited  applications,  in  which  dimensional  tolerance  is  relatively 
unimportant,  but  fracture  must  be  avoided  (as  in  pressure-piping),  when  design 
is  based  on  time- to- failure  tf. 

3.  Stress-relaxation-limited  applications  in  which  an  initial  tension  relaxes  with 
time  (as  in  the  pretensioning  of  cables  or  bolts)  when  design  is  based  on  a  char¬ 
acteristic  relaxation  time  t^. 

4.  Buckling-limited  applications,  in  which  slender  columns  or  panels  carry  com¬ 
pressive  loads  (as  in  the  upper  wing  skin  of  an  aircraft,  or  an  externally  pressurized 
tube),  when  design  is  based  on  critical  time-to- instability 

To  tackle  any  of  these  we  need  constitutive  equations  which  relate  the  strain 
rate  e  or  time-to-failure  U  for  a  material  to  the  stress  a  and  temperature  T  to 
which  it  is  exposed. 

(a)  Constitutive  equation  for  creep  deflection 

When  a  material  is  loaded  at  a  temperature  above  about  one  third  of  its  ab¬ 
solute  melting  point,  T^,  it  creeps.  Figure  4  shows  the  shape  of  the  tensile  creep 
curve  at  constant  stress,  a,  and  temperature  T.  A  primary  extension  is  followed 
by  a  stage  of  steady-state  creep,  which  ends  in  an  accelerating  tertiary  stage. 
The  important  parameters  are  marked:  the  steady-state  creep  rate  Cgs,  the  time 
to  fracture,  tf,  and  the  creep  ductility,  ef. 

The  characteristics  of  the  curve  and  the  way  it  changes  with  temperature  and 
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stress  are  described  mathematically  by  a  constitutive  equation  (Finnie  &  Heller 
1959;  Hult  1966;  Penny  &  Marriott  1971;  Gittus  1975;  Frost  &  Ashby  1972; 
Evans  &  Wilshire  1985).  Many  constitutive  equations  for  creep-rate  have  been 
suggested,  some  purely  empirical,  some  science-based;  most  are  a  mix  of  the  two. 
Those  most  widely  used  in  engineering  design  when  deflection  is  important  relate 
the  steady-state  strain  rate  Cgg  to  the  tensile  stress  a  and  the  temperature  T  thus: 

4s  =  (3.1) 

where  A  is  a  kinetic  constant,  Q  an  activation  energy,  R  the  gas  constant  and 
f{a)  means  ‘a  function  of  stress  (j\  The  function  f{a)  can  be  approximated,  over 
restricted  ranges  of  stress,  by  a  power  law  (an  approximation  associated  with  the 
name  of  Norton),  giving 

-(a"- 

where  the  constant  A,  the  activation  energy  Q,  the  exponent  ao  and  the  char¬ 
acteristic  strength  constant  (Jq  are  material  properties.  Considerable  experience 
has  accumulated  in  the  use  of  Norton’s  law,  which  has  the  appeal  that  it  allows 
analytical  solutions  to  a  wide  range  of  engineering  problems  (see,  for  instance, 
Finnie  &  Heller  1959;  Hult  1966;  Penny  &  Marriott  1971).  For  this  reason  we 
shall  use  it  even  though,  from  a  scientific  point  of  view,  it  lacks  a  completely 
respectable  pedigree. 

(b)  Constitutive  equation  for  creep  fracture 

When  fracture  rather  than  deflection  is  design-limiting,  creep  is  characterized 
instead  by  the  time  to  fracture,  tf.  It,  too,  can  be  described  by  a  constitutive 
equation  with  features  like  those  of  (3.1).  Here,  again,  a  power  law  gives  an 
adequate  description  over  a  restricted  range  of  a  and  T: 

=  =  (3,3) 

with  its  own  values  of  kinetic  constants  B,  activation  energy  Qf,  exponent  q  and 
characteristic  strength  cTf. 

(c)  Constitutive  equation  for  creep  relaxation 

Creep  relaxation  requires  a  constitutive  equation  which  combines  creep  and 
elastic  response.  For  tension,  and  neglecting  transient  creep,  it  takes  the  form: 

ajE  =  -4s  =  -4  (^)  .  (3.4) 

where  E  is  Young’s  modulus,  Cgg  is  given  by  (3.2)  and  d  is  the  rate  of  change  of 
stress  with  time.  For  the  bending  of  a  beam  (as  in  figure  2)  the  equation  becomes, 
instead 

F/S  =  Sc,  (3.5) 

where  F  is  the  rate  of  change  of  force  F,  5  is  the  bending  stiffness  and  Sc  is 
the  creep  deflection  rate  of  the  beam.  Similar  expressions  describe  torsion  and 
compression. 
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4.  Material  selection  in  the  creep  regime 

We  wish  to  derive  indices  which  parallel  those  of  §  2,  but  for  design  when  creep 
takes  place.  The  immediate  difficulty  is  that  the  ‘strength’  is  now  no  longer  a 
fixed  material  property,  but  depends  on  temperature  and  on  the  strain  rate.  The 
treatment  below  is  kept  as  brief  as  possible.  Fuller  details  can  be  found  elsewhere 
(Abel  &  Ashby  1994). 

(a)  Deflection-limited  design 

Consider  first  the  trivial  case  of  a  tensile  member  -  a  tie  -  of  minimum  weight, 
designed  to  carry  a  load  F  for  a  life  t  without  deflecting  more  than  ^  at  a  tem¬ 
perature  T.  If  the  tie  has  length  L,  the  steady  strain  rate  must  not  exceed 

e  =  6/Lt.  (4.1) 

Inserting  this  into  the  constitutive  (3.2)  for  tensile  creep  and  inverting  gives 

a  =  F/A  =  aoiS/eoLty^".  (4.2) 

The  objective  is  to  minimize  the  mass  of  the  tie.  Solving  for  A  and  substituting 

this  into  (2.4)  gives 

m  =  LpF/ar, 

with 

ctd  =  aoiS/eoLty^"^.  (4.3) 

Thus  the  lightest  tie  whic  meets  the  contraints  of  F,  T,  t  and  6  is  that  made  of 
the  material  with  the  largest  value  of 

M  =  (Td/p,  (4.4) 

This  is  just  (2.1)  with  ay  replaced  by  <jd,  defined  above;  it  contains  both  temper¬ 
ature  and  time. 

The  analysis  of  beams,  shafts,  pressure  vessels  (and  such  like)  is  a  little  more 
complex,  but  follows  the  same  pattern.  Consider,  as  an  illustration,  the  cantilever 
beam  of  figure  2b  carrying  a  load  F,  but  now  at  a  temperature  such  that  it  creeps. 
The  objective,  as  before,  is  to  make  the  beam  as  light  as  possible;  the  constraints 
(again  as  before)  are  that  its  length  L  and  the  proportions  a  of  its  cross  section 
are  fixed,  and  that  it  must  support  the  load  F  for  a  time  t  at  temperature  T 
without  deflecting  more  than  6.  The  design  specification  constrains  the  deflection 
rate,  6:  it  must  not  exceed  6/t.  The  deflection  rate  delta  for  a  cantelever  beam 
with  end  load  F,  creeping  according  to  the  constitutive  (3.2)  is 

.  2  .  .r4FF/2n  +  l\  1  1" 

n  +  2^°^  I  (Jo  I  2n  j  6/i(2"+i)/n  |  '  ^ 


^/^(2n+l)/n 


Eliminating  b  and  h  between  the  equations  (2.4)  and  (4.5),  using  b  =  ah,  gives 


=  pL(3n+3)/(3n+l)^(n+l)/(3n+l)  [  /  2n-|^\  4FL 

[V  2n  )  ud  . 


2n/(3n+l) 


with  (Jd,  which  we  call  the  design  strength^  given  by 

(n  +  2  6 

'^“(2  Leo) 
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Table  2.  Creep  fracture 

(Time  to  fracture  (‘life’)  =  tf ;  ?i  >  1.  To  minimize  cost,  replace  p  by  Cmp  in  the  expressions 
for  M;  to  minimize  energy  content,  replace  p  by  gmP*) 


mode  of  loading  geometry  design  strength  index 


tension;  centrifugal  loading 


any  h  and  h 


bending 


torsion 


b  =  ah 

<TD  =  <T,0 

M  =  a-^^/p 

b  fixed 

h  free 

M  = 

h  fixed 

b  free 

M  =  (t-d/P 

solid 

CTD  =  CTiO  \  —  ] 

M  = 

R  free 

\tf  J 

t  =  aR 

M  =  a-'^^/p 

t  fixed 

R  free 

M  = 

R  fixed 

t  free 

M  =  (ty)/p 

pressure  tubes  and  vessels 
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Equation  (4.6)  looks  messy,  but  it  is  not  as  bad  as  it  seems.  We  examine  first  the 
fully  plastic  limit,  found  by  setting  n  =  oo.  The  equation  now  simplifies  to 

m  =  pLo'^/^(4FL/crD),  (4.8) 

which  is  identical  with  (2.6)  if  cjd  is  replaced  by  ay.  The  design  strength  in  creep, 
then,  plays  the  same  role  as  the  yield  strength  in  room-temperature  plasticity.  In 
fact,  (4.8)  is  a  good  approximation  to  the  more  complex  result  of  (4.6)  over  the 
entire  range  of  values  of  the  exponent  n  (3  <  n  <  20)  normally  encountered  in 
metals  and  alloys.  Inspection  shows  that  the  mass  is  minimized  by  maximizing 
the  index  M2  given  earlier  (equation  (2.2))  with  replaced  by  (remember  that 
contains  temperature  and  deflection  rate). 

A  parallel  calculation  for  a  panel  (flat  plate  in  bending)  gives  (2.3),  again 
with  cTy  replaced  by  cjd,  appropriately  defined.  Similar  expressions  are  derived 
for  torsion  and  for  internal  pressure  (tables  1-3).  Selection  with  the  objective  of 
minimizing  cost  rather  than  weight  lead  to  identical  results  with  p  replaced  by 
CmP,  where  Cm  is  the  material  cost  per  kilogram;  and  the  objective  of  minimizing 
energy  content  is  achieved  by  replacing  this  by  where  is  the  energy  content 
per  kilogram. 


(6)  Fracture-limited  design 

Consider  next  an  application  in  which  fracture,  not  deflection  rate,  is  design 
limiting  (figure  16).  For  a  bending  beam  the  largest  stresses  appear,  and  creep 
fracture  starts,  in  the  outer  fibres  at  the  place  where  the  bending  moment  M  is 
greatest  (figure  2c).  The  time  t  to  the  onset  of  failure  of  the  cantilever,  using  the 
constitutive  relation  of  (3.3),  is 


/2g-hl  4FL 
V  2q  (jfo6/i2 


Q 


(4.9) 


Writing  6  =  ah,  solving  for  the  area  A  =  bh  and  substituting  in  (2.4)  gives 


m 


pLa^^^ 


4FL 

J 


-12/3 


(4.10) 


with  the  design  strength 

<7d  =  (4-11) 

The  parallel  with  deflection-limited  design  is  obvious;  and  once  again  the  result 
reduces  to  that  for  full  plasticity  in  the  limit  q  =  00.  The  mass  is  minimized,  as 
before,  by  maximizing  the  index  of  (2.2),  with  <jy  replaced  by  this  new,  fracture- 
related  (Jd  which  depends  on  design  life,  t,  and  on  temperature,  T.  Analagous 
calculations  for  ties  and  panels  give  (2.1)  and  (2.3)  again;  only  the  definition  of  ctd 
is  different.  Similar  expressions  describe  torsion  and  internal  pressure  (table  1), 
and  are  modified  for  cost  or  energy  content  by  replacing  p  by  CmP  or  q^p,  as 
before. 


(c)  Relaxation-limited  design 

A  tensile  cable  or  a  bolt,  pretensioned  to  provide  a  bearing  or  clamping  force 
F  at  an  elevated  temperature,  relaxes  with  time  by  creep.  The  calculation  is  a 
standard  one;  elastic  strain  a/E  is  replaced  over  time  by  creep  strain.  The  total 
change  in  strain  in  the  cable  or  bolt  is  zero,  since  its  ends  are  fixed.  The  governing 
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temperature,  T/K 


homologous  temp.  TIT 

Figure  5.  The  strength,  at  room  temperature,  is  measured  by  the  yield  strength  (jy,  which  has 
a  small  temperature  dependence  that  is  often  ignored.  At  high  temperatures,  the  strength  ctd 
depends  strongly  on  temperature  and  strain  rate. 

Figure  6.  A  turbine  blade. 


equation  for  the  stress  in  the  component  was  given  earlier  as  (3,4).  Integrating 
this  with  the  boundary  condition  cr  =  (jj  at  t  =  0,  gives 


(4.12) 


where  ai  is  the  stress  to  which  the  cable  or  bolt  was  originally  tightened,  and  a 
is  the  stress  to  which  it  has  relaxed  in  time  t.  In  this  case  a  constraint  is  specified 
by  defining  a  characteristic  relaxation  time,  as  the  time  required  for  the  stress 
to  relax  to  a  specified  fraction  of  its  initial  value.  Inverting  (4.12)  gives: 


(n  —  l)Eeoa'^~'^ 


(4.13) 


We  take  this  fraction  a/ai,  to  be  0.5,  for  the  purpose  of  illustrating  the  method. 
The  result  is  independent  of  the  choice  of  value.  For  n  >  3  the  term  in  square 
brackets  is  then  close  to  unity;  for  simplicity  we  shall  neglect  it.  The  design 
specifies  the  minimum  bearing  or  clamping  load  F.  Writing  a  —  FjA^  and  sub¬ 
stituting  for  A  in  (2.4),  gives  the  mass  of  the  cable  or  bolt  which  will  safely 
provide  a  clamping  load  greater  than  F  for  a  life  tr- 

m  =  LpF/a-Q  (4.14) 


with 


(4.15) 
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The  mass  is  minimized  by  selecting  the  material  with  the  greatest  value  of  ctd/P’, 
that  is,  the  material  index  is  once  more  that  of  (2.1)  with  ay  replaced  by  this  new 
ctd. 

Springs,  too,  relax  their  tension  with  time.  Most  are  loaded  in  bending,  when 
the  constitutive  behaviour  is  that  of  (3.5).  Taking  a  beam  of  length  L  as  an 
example,  we  write,  for  the  stiffness  S: 

S  =  C2EI/L\  (4,16) 


where  I  is  the  second  moment  of  its  area  and  C2  is  a  constant.  Integrating  with 
the  boundary  conditions  F  =  at  t  =  0  gives  a  result  with  the  form  of  (4.12). 
Proceeding  as  before,  we  find  for  the  minimum  weight  design  of  a  leaf  spring  (or 
any  spring  loaded  in  bending),  which  must  not  relax  its  restoring  force  in  time 
at  temperature  T,  the  index  M2  of  (2.2),  with  a^  (when  n  >  3)  given  by 


(4.17) 


Table  1  lists  results  for  other  modes  of  loading.  Similar  calculations  for  ties  and 
panels  give  (2.1)  and  (2.3)  again;  only  the  definition  of  cjd  is  different.  The  earlier 
adaptations  to  cost  or  energy  apply  here  too. 


5.  The  selection  procedure 

Expressions  for  the  indices  M  and  the  associated  design  strengths  are  sum¬ 
marized  in  table  1.  The  close  parallel  between  these  results  and  those  for  room 
temperature  plasticity  (equations  (2.1),  (2.2)  and  (2.3))  suggests  a  selection  pro¬ 
cedure.  The  design  temperature  T  and  acceptable  deflection  rate  (5,  or  life  t,  or 
relaxation  time  t^  are  identified.  Using  this  information,  values  for  the  appropriate 
(7d  are  calculated  from  a  database  of  creep  properties  for  materials  (it  is  neces¬ 
sary  to  cap  the  value  of  a^  at  the  value  ay  to  allow  for  the  change  of  deformation 
mechanism  to  yielding  at  low  temperatures).  These  are  used  to  construct  a  chart 
of  log(a'D)  against  log(p);  it  is  the  creep  equivalent  of  figure  3,  but  is  specific  to 
the  particular  temperature,  deflection  rate  or  life  required  by  the  design  since 
these  appear  in  the  definition  of  ar>  •  The  indices  Mi ,  M2  and  M3  can  be  plotted 
onto  it,  allowing  optimum  selection  for  each  application. 

The  easiest  way  to  see  how  all  this  works  is  through  examples.  Those  of  the  next 
section  are  deliberately  simplified  to  avoid  unnecessary  digression.  The  method 
remains  the  same  when  the  complexity  is  restored. 


6.  Specific  applications 

The  examples  below  illustrate  the  selection  of  materials  for  structures  loaded 
at  elevated  temperatures,  and  which  are  limited  by  deflection,  by  fracture  or  by 
stress  relaxation.  The  selection  is  based  on  a  single  criterion:  that  of  best  dealing 
with  one  or  other  of  these  creep- related  limits.  Many  other  considerations  enter 
the  selection  of  materials  for  high-temperature  use:  resistance  to  oxidation,  to 
thermal  shock,  and  so  on.  Here  we  consider  the  selection  for  the  initial  shortlist, 
to  which  these  other  considerations  can  then  be  applied. 
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Figure  7.  A  selection  chart  for  deflection-limited  design  at  400  °C  for  a  life  of  1000  h. 


(a)  Fan  and  turbine  blades  for  gas  turbines 

A  rotating  blade  of  an  aircraft  turbine  is  self-loaded  (figure  la  and  5);  the 
centrifugal  force  caused  by  its  own  mass  is  much  larger  than  that  exerted  by 
the  gases  which  propel  it.  Adiabatic  compression  of  the  intake  air  can  heat  the 
compressor- fan  blade  to  400  °C  or  more.  The  dominant  mode  of  steady  loading, 
therefore,  is  tensile,  and  proportional  (for  fixed  blade  proportions)  to  the  density 
of  the  material  of  which  the  blade  is  made.  It  could,  then,  be  anticipated  that  the 
appropriate  index  is  that  for  tensile  loading.  Mi  of  (2.1),  with  the  design  strength 
for  tensile  loading,  (4.3).  More  detailed  analyses  add  complexity,  but  confirm  this 
result  (Able  &  Ashby  1994).  The  turbine  blade  is  loaded  in  the  same  way,  but 
is  hotter:  designers  would  like  to  go  to  1000  °C.  Concepts  for  new  turbines  push 
this  temperature  to  1500  °C.  The  task  is  to  select  materials  to  maximize  the 
safe  angular  velocity  of  the  fan  or  turbine  blade,  designed  to  operate  for  a  life 
t  =  1000  h  without  extending  by  more  than  6,  which  is  required  to  be  1.0%  of 
its  length,  for  each  of  these  temperatures,  and  at  the  same  time  to  minimize  the 
weight. 

The  profile  and  section  are  determined  by  the  blade  design;  neither  is  free.  The 
mass  is  minimized  by  minimizing 
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Figure  8.  A  selection  chart  for  deflection-limited  design  at  1000  °C  for  a  life  of  1000  h. 


Table  4.  Materials  for  fan  blades  at  400  °C 


material 

comment 

Ti-matrix  composites  (Ti/SiCf) 

the  ultimate  in  performance,  but  very  expensive 

Ti  alloys  (e.g.  Ti  685,6242) 

high  creep  strength  and  low  density  makes  these 
the  best  choice 

Ni-based  superalloys  (e.g.  IN738) 

excellent  creep  strength,  but  both  indices 

Ml  and  M4  inferior  to  Ti  alloys 

iron-based  superalloys, 

less  good  than  nickel-based  alloys, 

stainless  steels 

but  cheaper 

ceramics  and  CMCs 

excellent  values  of  Mi  and  M4 
but  brittleness  is  a  problem 

Figures  6,  7  and  8  show  (Jd,  calculated  for  400  °C,  1000  °C  and  and  1500  °C, 
with  a  value  of  6/L  and  T  corresponding  to  the  design  specification,  plotted 
against  density,  p.  Selection  lines  plotting  the  appropriate  indices  are  shown.  The 
selections  are  listed  in  tables  4,  5  and  6. 
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density  /  (Mg  m 

Figure  9.  A  selection  chart  for  deflection-limited  design  at  1500  °C  for  a  life  of  1000  h. 


Table  5.  Materials  for  fan  blades  at  1000 


material 

comment 

Ni- based  superalloys 

among  metallic  alloys,  these  have  the 

highest  values  of  Mi ,  but  heavy 

refractory  metals 

W-Re  alloys  offer  high  Mi  but  very  heavy 

oxide  ceramics  and  silicon-based 

large  weight  saving  possible  if  design  can 

ceramics,  CMSs 

accommodate  brittleness 

7.  Summary  and  conclusions 

A  design-led  procedure  is  proposed  for  the  selection  of  materials  to  resist  creep 
deflection,  creep  fracture,  buckling  and  stress  relaxation.  It  is  an  extension  of 
a  successful  procedure  for  room  temperature  design  which  couples  performance 
indices  with  materials-selection  charts  to  identify  an  optimum  subset  of  candidate 
materials  for  a  given  design.  The  extension  requires  the  definition  of  a  ‘design 
strength’,  ctd,  which  characterizes  material  response  under  conditions  imposed  by 
the  design:  the  temperature,  and  the  acceptable  creep  defiection,  life  or  relaxation 
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Table  6.  Materials  for  fan  blades  at  1500  °C 


material 

comment 

oxide  and  silicon-based  ceramics 
(SiC,  AI2O3) 
refractory  metals 
ceramic  composites 
(SiC-SiC;  carbon-carbon) 

offer  high  values  of  Mi  and  M4  but  design 
must  accommodate  brittleness 

W-Re  creep  resistant,  but  heavy 

potential  for  gains  in  performance,  but  brittleness 

and  chemical  stability  require  attention 

time.  Materials  are  ranked  by  an  optimization  procedure  which  combines  with 
other  properties  (such  as  density,  or  cost,  or  stiffness)  to  isolate  the  subset  which 
best  meet  the  design  specification. 

The  paper  concludes  with  examples  of  the  application  of  the  method,  which, 
when  implemented  in  software,  gives  an  efficient  way  of  identifying  promising 
candidates  for  a  wide  range  of  creep-limited  application. 

This  work  was  supported  by  the  Defence  Advanced  Research  Project  Agency  through  the  Uni¬ 
versity  Research  Initiative  under  Office  of  Naval  Research  Contract  No.  N-00014-92-J-1808. 
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Discussion 

M.  J.  Goulette  {Rolls-Royce  pic,  Derby,  UK).  The  linkage  of  design  systems 
and  materials  selector  proposed  by  Professor  Ashby  may  not  be  useful  for  final 
designs  of  gas  turbines  because  the  choice  of  materials  for  a  specific  component  is 
very  limited  at  this  stage.  It  should  prove  to  be  useful,  however,  at  earlier  stages 
in  the  technology  aquisition  processes  when  choices  have  to  be  made  about  which 
competing  material  systems  will  be  scaled  up  and  fully  characterized.  At  this 
stage  the  design  linkage  is  vital  so  that  choices  which  are  correct  both  technically 
and  commercially  can  be  made. 
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M.  F.  Ashby.  I  agree;  the  procedure  outlined  here  helps  with  the  early  stages 
of  the  design  process. 

A.  Cottrell  {Department  of  Materials  Science,  University  of  Cambridge,  UK). 
It  seems  to  me  that  Professor  Ashby’s  excellent  system  for  inter-relating  material 
properties  with  engineering  design,  could  be  useful  particularly  for  the  designer 
who  is  aiming  at  revolutionary  new  engineering  systems,  as  for  example  when 
the  gas  turbine  was  introduced  in  place  of  the  piston  engine,  because  with  such 
radically  new  and  unexplored  engineering  it  will  be  important  to  know  what 
materials  might  be  most  useful  and  there  may  be  no  previous  experience  in  these 
cases  to  guide  the  design  engineer.  Professor  Ashby’s  logical  system  of  analysis 
would  be  a  good  way  of  making  initial  entries  into  such  pioneering  and  unexplored 
fields. 

G.  A.  Webster  {Department  of  Mechanical  Engineering,  Imperial  College,  Lon¬ 
don,  UK).  I  would  like  to  relate  Professor  Ashby’s  procedure  for  selecting  materi¬ 
als  to  resist  creep  deformation  and  failure  to  Professor  McLean’s  remarks  about 
there  being  significant  scope  for  engineering  exploitation  in  achieving  optimum 
high-temperature  designs.  Professor  Ashby  illustrated  the  procedure  using  com¬ 
ponents  of  fixed  dimensions.  It  may  be  possible  to  further  refine  materials  choice 
by  allowing  the  component  dimensions  to  be  altered.  For  example,  turbine  blades 
could  be  tapered  and  different  disc  profiles  examined.  Is  it  possible  to  incorporate 
these  features  into  the  selection  procedure? 

M.  F,  Ashby.  Coupled  selection  of  material  and  shape  is  possible:  see  Ashby 
(1992). 
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In  this  study  the  influence  of  R-curve  effects  on  reliability  are  investigated  as¬ 
suming  natural  flaws  as  being  peripherally  cracked  spherical  voids.  Various  ex¬ 
perimental  literature  as  well  as  own  results  are  presented,  including  AI2O3,  Si3N4, 
Zr02  and  A1  reinforced  AI2O3. 


1.  Introduction 

A  variety  of  engineering  ceramics  can  be  used  for  structural  applications  such 
as  silicon  carbide  for  heat  exchangers,  silicon  nitride  for  turbochargers,  zirconia 
for  extrusion  dies  and  alumina  for  cutting  tools.  For  their  commercial  use,  good 
mechanical  reliability  and  predictable  performance  is  required,  especially  when 
designed  for  engine  or  turbine  components  where  failure  of  a  part  may  cause  fatal 
damage  of  the  whole  device.  Although  numerous  extrinsic  and  intrinsic  reinforcing 
mechanisms  have  been  developed  to  diminish  the  brittleness  of  ceramic  materials 
the  fracture  toughness  of  most  ceramics  does  not  exceed  values  of  10  MP  am^/^. 
However,  the  application  of  sophisticated  processing  techniques,  limiting  typical 
flaw  sizes  and  inhomogenities  to  a  micrometre  scale,  allows  attainment  of  high 
flexural  strengths  up  in  the  GPa  range.  The  limited  resistance  to  crack  propaga¬ 
tion  imparts  a  sensitive  strength  dependence  of  ceramics  on  defect  population. 
Thus,  in  contrast  to  fracture  toughness,  strength  is  a  statistical  property  which  is 
mathematically  described  by  the  well-known  Weibull  distribution  function.  This 
article  examines  the  efficiency  of  various  reinforcing  mechanisms  in  enhancing  the 
reliability  of  structural  ceramics. 


2.  Fracture  mechanics  background 

(a)  Weibull  distribution  function 

Since  the  brittleness  of  ceramics  implies  that  stress  concentrations  can  not  be 
relieved  via  plastic  flow,  the  largest  flaw  is  the  failure  site  of  the  material.  In  this 
context,  the  fracture  is  induced  by  an  applied  stress  that  causes  a  stress  intensity 
factor  at  the  largest  flaw  higher  than  the  critical  value  (ATic)  of  the  material.  Thus 
the  most  appropriate  statistical  description  is  the  weakest  link  model,  from  which 
a  three  parametric  strength  distribution  function,  at  first  introduced  by  Weibull 
based  on  a  heuristic  approach  (Weibull  1951),  can  be  derived  (FYeudenthal  1968): 

P(cT)  =  l-exp{-(^)  }.  (2.1) 
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Figure  1.  Schematical  i2-curves  starting  at  two  different  penny-shaped  cracks  of  length  aX  and 

Ci2. 

The  probability  of  fracture  (P)  at  a  stress  level  (cr)  is  determined  by  the  threshold 
stress  ((Ju),  below  which  no  fracture  occurs,  a  scaling  parameter  (cjo)  and  a  shape 
parameter  (m).  cjo  is  usually  called  the  characteristic  stress  and  m  the  Weibull 
modulus.  In  nearly  all  practical  cases  can  be  set  to  zero  resulting  in  a  two 
parametric  distribution.  Various  numerical  techniques  can  be  applied  (Bergmann 
1986;  Dortmanns  k,  de  With  1991;  Steen  et  al.  1992)  determining  the  shape  and 
scaling  parameter  from  a  given  number  N  of  specimens  tested  with  the  maximum 
likelyhood  method  being  the  most  reliable  one.  As  an  estimator  {hi)  for  the 
failure  probability  of  zth  ranked  sample,  a  widely  used  and  efficient  expression  is 
(i- 0,5) /AT. 


(b)  Influence  of  R- curve  effects  on  strength  variability 

It  has  been  pointed  out  by  previous  authors  that  the  existence  of  a  rising 
crack-growth  resistance,  i.e.  P-curve  behaviour,  leads  to  a  narrowing  of  strength 
distribution  (Cook  k  Clarke  1988;  Shetty  k  Wang  1989).  The  basic  mechanism 
reducing  the  effect  of  flaw  size  in  P-curve  materials  is  due  to  stable  crack  growth 
before  fracture.  Crack  advancement  occurs  when  the  applied  stress  intensity  (Kf) 
equals  the  crack  tip  toughness  (Kq)  which  is  independent  on  initial  crack  length 
Ci.  However,  the  point  of  unstable  propagation  (PTins)?  where  the  crack  resistance 
of  the  material  (K^)  increases  less  than  with  further  crack  extension,  is  shifted 
higher  up  the  P-curve  with  increasing  q  (figure  1).  Thus  toughness  at  instability 
is  increased  with  rising  flaw  size  which  imparts  a  diminished  strength  sensitivity 
on  Cj.  The  impact  of  a  rising  crack  resistance  on  strength  distribution  becomes 
less  pronounced  if  the  extent  of  stable  crack  growth  is  limited  by  a  steep  initial 
slope  of  the  P-curve.  The  same  is  true  for  very  shallow  P-curves  that  reach 
their  plateau  value  at  extremely  large  crack  lengths,  which  are  far  beyond  the 
instability  point. 

Various  experimental  results  support  the  fact  that  materials  exhibiting  pro¬ 
nounced  P-curve  behaviour  reveal  a  narrow  strength  distribution.  Improved  flaw 
tolerability  has  been  reported  for  transformation  toughened  zirconia  (Kendall  et 
al  1987;  Ready  et  al  1993)  which  is  well  known  for  its  crack-growth  resistance. 
The  dependence  of  strength  distribution  on  P-curve  has  been  pointed  out  for 
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ceria-stabilized  zirconia  (Pross  et  al  1992)  as  well  as  magnesia-stabilized  zirco- 
nia  (Ramachandran  et  al  1993).  A  significant  reduction  of  Weibull  modulus  was 
observed  when  bend  tests  were  carried  out  above  the  transformation  tempera¬ 
ture.  A  decrease  of  m  from  92  down  to  a  value  of  9  was  reported  for  Ce-TZP 
when  tested  at  room  temperature  and  600  °C  respectively  (Hartsock  &  McLean 
1984)  and  a  reduction  of  a  value  of  20  in  Mg-PSZ  by  a  factor  of  2  when  tested  at 
400  °C  (Ramachandran  et  al  1993).  Other  examples  are  metal  infiltrated  ceram¬ 
ics  where  m  is  increased  by  a  factor  of  two  when  compared  to  the  porous  preform 
(cf.  ch.  4.4)  or  coarse-grained  silicon  nitride  that  exhibits  higher  m  values  when 
compared  to  the  fine-grained  material  (Dressier  1993). 

The  following  ceramic  materials  will  be  classified  with  respect  to  different  mech¬ 
anisms  of  strength  control  and  the  validity  of  these  above  mentioned  correlations 
will  be  critically  examined. 


3.  Theoretical  evaluations  and  predictions 


Determining  the  strength  of  a  composite  containing  flaws  requires  the  knowl¬ 
edge  of  flaw  geometry,  loading  configuration  and  the  stress-displacement  relation 
of  the  reinforcing  phase.  As  proposed  by  several  authors  (Evans  &  Davidge  1970; 
Rice  1984;  Uematsu  et  al  1993),  natural  flaws  can  be  assumed  as  being  spherical 
voids  of  radius  r  with  a  circumferential  crack  of  length  L  (figure  2).  For  this 
case  the  fracture  mechanical  weight  function  under  uniform  loading  conditions 
has  been  presented  in  the  literature  (Fett  1994).  Besides  the  fact  that  experimen¬ 
tal  data  can  be  reasonably  well  explained,  it  allows  the  accurate  description  of 
model  composites  containing  spherical  voids  (Chao  &  Shetty  1992),  Calculating 
the  R-curve  for  an  arbitrary  stress-displacement  relation  of  the  reinforcing  phase 
requires  the  knowledge  of  the  crack  opening  displacement.  This  can  be  obtained 
from  numerically  solving  an  integral  equation  (Uematsu  et  al  1993).  In  some  spe¬ 
cial  cases  these  integral  equations  exhibit  a  particularly  simple  form,  especially 
if  the  bridging  stresses  remain  constant  at  any  crack  length.  Then  an  analytical 
expression  for  the  crack  resistance  curve  K^{c)  can  be  derived: 


Kf,{c)  =  Ko  +PmBx0{c,r)J^(2y/{c-d)+OAO98^^l— — — +  0.1001’^*'  ^ 


TT 


+ 1.4142(1  -  P{c,r)) 


^[(c  +  df-id  +  r)^ 
v/(c  +  r) 


(3.1) 


j0(o,r)  =  (1  + c/r)  (3.2) 

where  Kq  is  the  crack  tip  toughness,  Pmax  the  closure  stress  and  d  the  mean 
distance  between  the  reinforcing  elements,  i.e.  the  crack  length  at  which  the  in¬ 
curve  starts  from  a  pore  of  radius  r.  Usually  the  length  of  the  circumferential 
crack  is  estimated  to  be  of  the  order  of  a  few  grains  (e.g.  10  pm). 

For  a  typical  monolithic  alumina  ceramic  with  a  mean  strength  and  fracture 
toughness  of  400  MPa  and  3.5  MP  am^''^  respectively,  the  application  of  Baratta’s 
solution  (Baratta  1981)  for  the  stress  intensity  factor  yields  a  value  of  20  pm  for 
r.  Figure  3  shows  resulting  iZ-curves  for  an  unbridged  crack  length  of  5  pm  in  a 
range  of  crack  lengths  relevant  for  strength  determination.  The  crack  resistance 
curves  were  calculated  for  two  bridging  stresses.  One  R-curve  is  shown  for  a  Pmax 
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Figure  2.  Natural  flaw  modelled  as  a  spherical  void  of  radius  r  and  circumferential  crack  of 

length  L. 


crack  length  /  pm 

Figure  3.  i?-curves  according  to  (3.2)  (solid  line)  and  (3.3)  (solid  line  with  rectangles)  starting 
from  a  flaw  as  shown  in  flgure  2  with  radius  of  20  pm  and  unbridged  crack  length  of  5  pm. 

of  100  MPa  which  corresponds  to  typical  bridging  stresses  exerted  by  interlock¬ 
ing  grains  in  alumina.  Another  crack  resistance  curve  is  shown  for  a  bridging 
stress  of  400  MPa,  which  results  in  a  crack-growth  resistance  similar  to  silicon 
nitride  (Schneider  Petzow  1994).  The  assumption  of  a  Dugdale  zone  (i.e.  con¬ 
stant  bridging  stresses)  implies  that  the  i7-curve  rises  monotonically  for  any  crack 
length.  This  can  be  used  as  a  reasonable  approximation,  since  some  jR-curve  ma¬ 
terials,  like  alumina,  attain  their  steady- state  toughness  at  a  crack  length  far 
beyond  the  instability  point.  However,  some  materials  such  as  silicon  nitride  can 
exhibit  i^-curves  with  very  short  bridging  lengths  where  the  plateau  toughness  is 
reached  in  the  100  pm  range  (Schneider  &  Petzow  1994).  To  take  this  fact  into 
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account,  a  hypothetical  i7-curve  was  designed  according  to: 

^hyp(c)  =  Ko  +  Kss  tanh  (- — $(c  -  Qn),  (3.3) 

where  Kgs  is  the  steady-state  toughness  at  the  plateau  of  the  R-cmve,  c^ax  a 
bridging  length  parameter,  Cjn  the  initial  flaw  size  and  $  the  Heavyside  step 
function,  which  equals  unity  for  positive  and  zero  for  negative  arguments.  The 
corresponding  i^-curves  of  (3.3)  with  plateau  toughness  of  2  and  7MP  am^/^  are 
shown  in  figure  3. 

For  the  monolithic  material  the  dependence  of  strength  on  flaw  size  c  is  given 
by  Griffith’s  equation: 

cTb  =  YKiJ^c,  (3.4) 

with  Kic  being  the  critical  stress  intensity  factor  and  Y  a  numerical  factor  de¬ 
pendent  on  flaw  geometry.  Assuming  strength  being  distributed  according  to  the 
two  parametric  Weibull  function  and  the  peripheral  crack  length  to  be  constant, 
the  distribution  of  sphere  sizes  can  be  expressed  as 

P(r)  =  l-exp[-(ro/r)-/^],  (3.5) 

with  ro  being  a  characteristic  radius.  The  numerical  solution  of  the  equations  for 
unstable  crack  propagation, 

=  (3.6) 

results  in  a  strength  distribution  as  depicted  in  figure  4,  where  the  i^-curves  of 
(3.2)  and  (3.3)  were  used  with  the  parameters  according  to  figure  3.  Included 
in  this  plot  is  the  strength  distribution  for  the  unreinforced  material.  In  the 
case  of  the  material  exhibiting  a  rising  crack  resistance  the  strength  distribution 
shows  a  rather  linear  relation  for  limited  R-cmve  effects,  but  deviation  from  the 
Weibull  distribution  becomes  more  pronounced  for  higher  crack  resistance.  From 
the  strength  distributions  for  a  set  of  25  samples  calculated  with  various  bridg¬ 
ing  stresses,  a  linear  regression  was  applied  to  obtain  m  and  (Tq-  The  result  of 
this  calculation  shows  an  increase  of  m  and  (Jq  with  increasing  bridging  stresses 
and  plateau  toughness  respectively  (figure  5a,  b).  The  R-cmye  for  constant  bridg¬ 
ing  stresses  (pmax)  exhibits  a  steeper  slope  at  short  crack  lengths  making  it  less 
efficient  in  increasing  reliability  at  low  Pmax-  However,  when  p^ax  Hses  above  a  cer¬ 
tain  value,  e.g.  600  MPa,  the  amount  of  stable  crack  growth  becomes  less  limited 
and  the  m  values  exceed  even  those  of  the  hypothetical  J7-curve.  In  that  regime 
the  deviation  from  the  Weibull  distribution  becomes  more  pronounced,  making 
its  applicability  questionable.  In  a  similar  manner,  the  characteristic  strength  of 
the  Dugdale  type  R-cnrve  is  lower  than  the  one  of  the  hypothetical  R-cmve  but 
experiences  a  higher  increase  with  closure  stresses  above  350  MPa.  It  should  be 
pointed  out  that  the  absolut  values  for  m  and  (Jq  depend  on  the  special  choice  of 
the  characteristic  sphere  radius  ro,  e.g,  the  Weibull  modulus  at  600  MPa  closure 
stresses  is  enhanced  by  roughly  a  factor  of  two  when  ro  is  increased  from  20  to 
30  pm,  whereas  the  characteristic  stress  is  reduced  by  30%. 

These  results,  which  involve  sample  numbers  common  in  testing  on  a  labora¬ 
tory  scale  may  be  insufficient  from  the  manufacturer’s  point  of  view.  Particularly 
in  cases  where  large  numbers  of  components  are  involved  the  probability  of  very 
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Figure  4.  Strength  distribution  calculated  for  a  sphere  size  distribution  according  to  (3.4) 
without  R-cmve  effects  (open  circles)  and  with  i?-curves  of  figure  3. 


large  flaw  sizes  increases.  For  these  large  flaws,  instability  occurs  at  large  crack 
lengths  where  the  R-cmve  flattens  and  does  not  lead  to  an  effective  strength  en¬ 
hancement.  A  calculation  for  fracture  probabilities  down  to  1  in  10^  demonstrates 
the  deviation  from  the  Weibull  distribution  (figure  6). 

The  fact  that  the  slope  of  the  strength  values  for  the  constant-bridging  stress 
case  is  increased  at  low  fracture  probability  is  due  to  two  facts.  One  is  that 
the  defect  model  of  a  peripherally  cracked  spherical  void  exhibits  the  deficiency 
that  strength  dependence  on  applied  load  is  diminished  asymptotically  at  high 
r/d  ratios,  i.e.  for  large  pore  radii  if  the  circumferential  crack  length  is  kept 
constant  (figure  7,  where  r^ax  corresponds  to  a  fracture  probability  of  10"'^).  The 
other  is  the  monotonic  increase  of  which  leads  to  unrealistic  crack  lengths  at 
instability. 


4.  Case  studies 

(a)  Alumina:  defect  controlled  reliability 

The  reliability  and  strength  of  monolithic  alumina  ceramics  can  be  effectively 
improved  with  a  large  variety  of  advanced  processing  techniques,  such  as  slip, 
pressure  and  centrifugal  casting  as  well  as  numerous  other  sophisticated  powder 
processing  techniques.  Due  to  mechanically  interlocked  grains,  alumina  exhibits 
rising  crack  resistance  that  increases  with  grain  size  (Chantikul  et  ah  1990)  and 
achieves  values  as  high  as  6  MP  am^/^  at  crack  extensions  of  several  millimetres 
(Steinbrech  et  ah  1990).  Nevertheless  no  significant  dependence  of  Weibull  mod- 
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Figure  5.  (a)  Weibull  moduli  calculated  for  a  set  of  25  samples  applying  i?-curves  according 
to  (3.2)  and  (3.3)  as  a  function  of  crack  resistance  values  at  200  pm  crack  length  and  closure 
stresses  respectively. 

ulus  on  grain  size  can  be  observed  (figure  8)  (Seidel  et  al.  1995).  The  i2-curve  of 
(3.2)  was  used  by  Seidel  et  al  to  model  the  experimental  results  with  reasonable 
agreement.  Due  to  the  moderate  bridging  stresses  present  in  alumina  (ranging 
between  30  and  120  MPa),  the  R-cmve  is  too  shallow  to  provide  a  significant 
narrowing  of  strength  distibution. 

{b)  Silicon  nitride:  defect/R- curve  controlled  reliability 

A  relatively  high  fracture  toughness  value  for  silicon  nitride  containing  rod¬ 
shaped  grains  was  reported  by  Lange  more  than  20  years  ago  (Lange  1973). 
i?-curve  measurements  on  silicon  nitride  using  radial  indentation  cracks  have 
demonstrated  that  the  toughness  rises  from  4.3  MP  am^/^  at  a  crack  length  of 
50  pm  to  9  MP  am^/^  at  600  pm  for  the  particular  material  investigated  (Li  et  al 
1992).  Since  fine-grained  silicon  nitride  has  a  fracture  toughness  of  1.8  MP  am^/^, 
it  was  speculated  that  the  crack  tip  toughness  for  the  R-cmve  material  may  still 
lie  well  below  4  MP  am^/^  (Rodel  1992),  which  would  necessitate  a  steeply  rising 
crack  resistance  for  the  regime  of  very  short  cracks.  Silicon  nitride  with  strong 
R-curve  should  therefore  be  a  prime  candidate  for  low  strength  variability  due  to 
stable  crack  growth. 

A  frequently  quoted  result  for  a  high  Weibull  modulus  is  described  by  Dressier 
(1993).  In  figure  9  the  strength  distribution  for  a  fine  grained  silicon  nitride  (sin- 
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at  C=200|am  (MPa 

Figure  5.  (6)  Characteristic  stresses  calculated  for  a  set  of  25  samples  applying  J?-curves  accord¬ 
ing  to  (3.2)  and  (3.3)  as  a  function  of  crack  resistance  values  at  2()0  pm  crack  length  and  closure 
stresses  respectively. 

tered  at  0.14  MPaN2  for  20  min  at  1780  °C  and  tempered  at  1835  °C  for  30  min 
at  10MPaN2)  is  compared  to  a  coarse-grained  silicon  nitride  (same  sintering 
conditions,  but  tempering  at  1900  °C  for  6  h  at  10MPaN2).  The  coarse-grained 
material  has  a  very  high  Weibull  modulus  (46),  but  a  comparatively  low  strength 
(902  MPa),  whereas  the  fine-grained  material  has  a  mean  strength  of  1134  MPa 
and  an  m  value  of  14.  The  Weibull  modulus  appears  to  be  a  result  of  a  gen¬ 
eral  weakening  of  the  material  with  the  strongest  specimen  seeing  a  compara¬ 
tively  high  strength  reduction.  This  supposition  is  supported  by  the  fact  that 
the  fracture  origin  in  the  fine-grained  Si3N4  shifted  from  pores  to  large  grains  in 
the  coarse-grained  material  (Dressier  1993),  While  an  increasing  grain  diameter 
leads  to  an  increase  in  steady-state  toughness  (Dressier  1993),  but  not  in  slope 
of  the  R-cuive,  we  suggest  that  this  increase  in  m  with  coarsening  treatment  is 
predominantly  due  to  a  change  in  defect  population  with  a  minor  contribution 
arising  from  the  change  of  R-cuwe  behavior  with  microstructural  scale. 

(c)  Zirconia:  plasticity /R- curve  controlled  reliability 

According  to  Swain  &  Rose  (1989),  transformation  toughened  zirconia  shows 
either  transformation  or  i7-curve  limited  strength  or  a  combination  of  both.  A  plot 
of  strength  versus  peak  toughness  exhibits  therefore  a  maximum  at  intermediate 
toughness  values  where  the  transformation  has  not  lead  to  premature  microcrack 
formation,  but  provides  a  strength  enhancing  steep  R-curve  (Swain  &  Rose  1989), 
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Figure  6.  Strength  distribution  for  a  large  set  of  samples  corresponding  to  fracture 

probabilities  down  to  10“^. 


void  radius  /  pm 

Figure  7.  Dependence  of  strength  on  void  diameter  at  a  constant  fracture  toughness  of 
3,5  MP  am^/^  and  circumferential  crack  length  of  10  pm. 


This  duality  can  be  followed  in  recent  evaluations  of  the  Weibull  modulus  for 
Ce-TZP  at  room  temperature  and  600  °C  (where  the  chemical  driving  force  for 
transformation  is  effectively  reduced)  as  provided  in  figure  10  (Pross  et  al  1992). 
In  this  case  it  is  speculated  that,  at  the  critical  transformation  stress,  microcrack 
formation  begins  and  subsequent  stable  crack  growth  up  the  i^-curve  leads  to 
high  strength  values  as  compared  to  the  result  obtained  at  600  ®C. 
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Figure  8.  Strength  distribution  of  alumina  with  various  grain  sizes. 
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Figure  9.  Strength  distribution  of  silicon  nitride  with  two  different  grain  sizes  (courtesy  of 

W.  Dressier). 


(c?)  Metal-reinforced  ceramics:  reduced  flaw  size/R-curve  controlled  reliability 

Various  methods  can  be  applied  to  fabricate  metal-reinforced  ceramics,  such 
as  squeeze  casting  (Lange  et  al  1990),  directed  melt  oxidation  (Newkirk  et  al 
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Figure  10,  Strength  distribution  of  Ce-stabilized  zirconia  at  room  temperature  and  600  °C 

(Pross  et  at  1992). 

1986)  and  infiltration  with  (Travitzky  k  Claussen  1992)  and  without  gas  pres¬ 
sure  (Toy  k  Scott  1990).  Gas-pressure  infiltration  is  successfully  applied  in  a 
variety  of  metal-ceramic  compositions  including  materials  for  high  temperature 
applications  like  Ni3Al-Al203  (Rodel  et  al  1995).  Porous  ceramic  preforms  are 
obtained  from  sintering  alumina  green  bodies  to  densities  between  60  and  90%  of 
theoretical  density.  The  mechanical  properties  of  the  infiltrated  composites  are 
governed  by  metal  content  as  well  as  microstructure  (Priellip  et  al  1995).  The 
distribution  of  strength  for  three  different  microstructures  (termed  small  (S), 
medium  (M)  and  coarse  (C))  of  an  AI-AI2O3  composite  at  a  metal  content  of 
25  vol%  is  depicted  in  figure  11,  another  for  the  medium  microstructure  at  three 
different  metal  contents  in  figure  12.  The  Weibull  moduli  exhibit  an  increase  by 
a  factor  of  two  when  compared  to  the  porous  preforms  for  all  cases  except  the 
one  of  the  fine  microstructure  at  25  vol%  metal  content  where  no  increase  of  m 
was  observed.  Due  to  the  very  small  pore  channel  size  of  the  preforms  (0.08  |xm), 
the  stress-displacement  relation  of  the  metal  ligaments  bridging  an  advancing 
crack,  reaches  high  closure  stresses  (Nohara  1982)  at  small  crack  openings,  but 
is  effective  only  up  to  an  opening  comparable  to  the  ligament  diameter  (Ashby 
et  al  1989).  Thus  the  resulting  R-curve  is  believed  to  exhibit  a  very  steep  slope, 
therefore  being  ineffective  in  narrowing  the  strength  distribution  of  the  S  com¬ 
posite.  In  contrast  the  coarse  composite  exhibits  a  mean  pore  channel  size  nearly 
an  order  of  magnitude  larger  (0.75  pm)  than  the  S  composite,  which  imparts  a 
more  shallow  R-curve  thus  resulting  in  reduced  strength  but  enhanced  reliability. 
Since  the  pore  channel  size  remains  essentially  constant  in  the  range  of  preform 
porosities  applied,  the  shape  of  the  crack  resistance  curve  can  be  considered  as 
being  invariant  of  metal  content.  However,  it  has  been  demonstrated  that  Kss  is 
increased  with  metal  content  for  a  given  microstructure,  thus  improving  strength 
and  narrowing  strength  distribution  (figure  12). 
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bend  strength  /  MPa 

Figure  12.  Strength  distribution  of  an  A1  infiltrated  AI2O3  with  medium  microstructure  for 
three  different  metal  contents.  The  values  in  parantheses  correspond  to  the  Weibull  moduli  of 
the  uninfiltrated  preforms. 


Normalizing  strength  and  toughness  of  all  composites  investigated  so  far  to 
the  data  of  the  unifiltrated  matrices  revealed  a  higher  increase  in  strength  than 
toughness  (Priellip  et  al.  1995).  Thus  a  diminished  flaw  size  in  the  infiltrated 
composites  has  to  be  taken  into  account.  Assuming  the  largest  pore  or  pore  ag¬ 
glomerate  being  the  fracture  origin,  this  effect  can  be  explained  by  the  fact  that 
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Figure  13.  Strength  of  an  AI-AI2O3  composite  containing  aluminium  spheres  of  various 
diameter,  acting  as  artificial  flaws. 

infiltrated  pores  act  as  single  bridging  elements.  A  further  proof  for  this  assump¬ 
tion  can  be  given  by  the  results  of  a  model  experiment,  where  bend  bars  with 
controlled  defects  were  prepared  incorporating  polysterene  spheres  in  the  green 
body.  The  polymer  was  burned  out  during  sintering  and  the  specimens  were  sub¬ 
sequently  infiltrated  with  metal.  Figure  13  depicts  the  equatorial  bend  strength 
of  an  AI-AI2O3  composite  where  failure  occured  from  the  aluminium  spheres  for 
different  metal  contents  and  sphere  diameters.  No  decrease  in  strength  with  in¬ 
creasing  sphere  diameter  can  be  observed  demonstrating  the  effectiveness  of  crack 
bridging.  A  more  detailed  analysis  of  strength  distribution  would  therefore  have 
to  incorporate  the  effect  of  a  rising  crack  resistance  as  well  as  the  inhomogeneous 
distribution  of  bridging  stresses. 

5.  Conclusions 

It  was  demonstrated  that  reliability  of  structural  ceramics  can  be  controlled  by 
at  least  four  mechanisms  with  different  degrees  of  efficiency,  such  as  the  distri¬ 
bution  of  defect  size,  R-cnrye  effects,  stress  induced  plasticity  and  reduced  flaw 
size. 

The  influence  of  R-curve  effects  on  strength  distribution  was  modelled  assuming 
natural  flaws  as  being  peripherally  cracked  spherical  voids.  For  closure  stresses 
in  the  range  between  100  and  600  MPa,  a  maximum  Weibull  modul  about  three 
times  higher  than  of  the  unreinforced  reference  case  was  predicted.  Therefore 
the  opportunity  arises  of  further  improving  reliability  through  a  combination  of 
effective  green  forming  techniques  that  narrow  flaw  size  distribution  with  suitable 
crack-growth  resistance  imparting  reinforcements. 

The  experimental  data  for  strength  and  strength  distribution  presented  were 
in  the  range  of  prediction  except  in  the  case  of  Ce-stabilized  zirconia. 
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K.  S.  Kumar  (Martin  Marietta  Laboratories,  Baltimore,  USA).  In  the  case- 
study  relating  to  the  intermetallic-infiltrated  composite,  NiaAl  was  selected  as 
the  intermetallic.  Would  it  not  be  better  to  select  a  Ni-base  superalloy  or  a 
refractory  metal  such  as  Nb  or  Ta  to  play  the  role  that  NisAl  is  expected  to,  and 
realize  significantly  better  improvements? 

J.  Rodel.  a  Ni-base  superalloy  will  provide  cavitation  sites  for  premature  cav¬ 
ity  formation  at  the  interface  between  intermetallic  and  ceramic  if  under  tensile 
stress.  Refractory  metals  will  increase  the  density  (as  in  Nb  or  Ta)  of  the  com¬ 
posite. 

R.  Cahn  (Cambridge  University,  UK).  With  regard  to  the  experiments  on  alu¬ 
mina  infiltrated  with  NisAl  minispheres,  since  weak  alloy-ceramic  interfaces  were 
found,  might  I  suggest  two  variants.  (1)  Try  one  of  Liu’s  ‘advanced  aluminides’, 
essentially  NisAl  heavily  alloyed  with  Cr,  creating  a  higly  oxidation-resistant  in¬ 
termetallic;  this  might  bond  better  to  alumina.  (2)  Try  NiAl,  which  forms  essen¬ 
tially  an  alumina  layer  on  the  surface  when  oxidized;  indeed,  it  might  be  effective 
if  it  were  to  be  preoxidized  before  infiltrating! 

J.  Rodel.  We  will  try  the  NisAl  with  Cr,  since  a  strong  bond  is  required  for  high 
strength.  Experiments  with  NiAl  are  also  planned,  but  of  course  we  need  a  higher 
infiltration  temperature  still,  which  may  technologically  be  not  straightforward. 
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SiC-SiC  coposites  exhibit  a  non-brittle  behaviour  when  the  fibre-matrix  bonding 
is  controlled  by  the  use  of  an  interphase  with  a  layered  structure  or  microstruc¬ 
ture,  such  as  pyrocarbon,  hex-BN  or  (SiC-PyC)^  multilayers.  The  best  mechan¬ 
ical  properties  are  achieved  when  there  is  a  balance  between  the  crack  deflection 
and  load  transfer  functions  of  the  interphase.  SiC-SiC  composites  are  sensitive 
to  oxidation  but  their  stability  in  oxidizing  atmospheres  can  be  improved  by 
tailoring  their  composition  and  microstructure. 


1.  Introduction 

Ceramic  matrix  composites  (CMCs),  which  consist  of  a  ceramic  matrix  reinforced 
with  ceramic  fibres,  are  potential  candidate  materials  for  structural  applications 
at  high  temperatures  owing  to  their  non-brittle  mechanical  behaviour  and  to  the 
well-established  thermal  stability  and  high  melting  points  of  most  ceramics.  The 
CMCs  which  have  been  the  most  studied  during  the  past  two  decades  are  the 
carbon-carbon  (C-C),  the  SiC-matrix  composites  (i.e.  the  C-SiC  or  SiC-SiC, 
where  the  nature  of  the  fibres  is  indicated  first)  and  the  oxide-matrix  composites 
(such  as  the  SiC-silica-based  glass-matrix  composites). 

C-C  composites  have  been  designed  initially  to  withstand  short  exposures  at 
extremely  high  temperatures  (e.g.  in  rocket  engines  or  re-entry  thermal  protec¬ 
tion),  during  which  part  of  the  material  is  usually  consumed.  More  recently,  their 
use  has  been  extended  to  applications  of  longer  duration  but  at  much  lower  tem¬ 
peratures  (e.g.  in  brake  discs).  Despite  several  outstanding  advantages,  the  C-C 
composites  suffer  from  a  high  sensitivity  to  oxidation  even  at  very  low  tempera¬ 
tures  (e.g.  500  °C).  Their  oxidation  resistance  has  been  improved  by  incorporating 
oxidation  inhibitors  to  the  matrix  or/and  adding  external  protective  coating  to 
the  composite.  However,  these  solutions  might  not  be  efficient  enough  for  very 
severe  use  conditions  (e.g.  repeated  load/temperature  cycling  under  oxidizing 
atmospheres) . 

The  best  choice  in  terms  of  long-duration  compatibility  with  chemically  aggres¬ 
sive  environments  would  be  all-oxide  composites.  However,  in  the  present  state 
of  knowledge  and  technology,  some  of  their  constituents,  namely,  the  fibres  and 
the  interphases  (used  to  bond  in  an  appropriate  manner  the  fibres  to  the  matrix, 
as  will  be  discussed  later),  have  not  been  yet  fully  identified.  Conversely,  various 
oxide  matrices  with  melting  points  close  to  or  higher  than  2000  °C  (e.g.  mullite, 
a- alumina,  yttria,  stabilized  zirconia)  have  already  been  studied  and  processing 
techniques  are  available. 
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SiC-matrix  composites  seem  to  be  an  acceptable  compromise  with  a  view  to 
medium-temperature  range  applications  (i.e.  at  1000-1500  °C)  in  oxidizing  atmo¬ 
spheres.  The  SiC-matrix  can  be  formed,  as  can  its  carbon  counterpart,  by  both 
gas  or  liquid  phase  routes.  High-performance  SiC  fibres  (in  terms  of  strength  and 
creep  resistance  at  1000-1500  °C)  are  already  studied  at  the  laboratory  scale. 
The  weak  point  of  the  SiC-SiC  composites  might  be  the  interphase  material 
(presently,  an  anisotropic  carbon).  However,  recent  research  results  suggest  that 
the  situation  could  be  significantly  improved. 

The  aim  of  the  present  contribution  is  to  show  the  potential  of  SiC-SiC  com¬ 
posites  as  high- temperature  structural  materials,  and  to  discuss  the  improvement 
which  has  been  achieved  during  the  past  few  years  as  well  as  the  weak  points 
which  still  limit  their  applications. 

2.  The  CMC  concept 

It  is  known  from  the  early  work  of  Aveston  et  al  (1971)  that  a  CMC  can  ex¬ 
hibit  non-brittle  mechanical  behaviour  (although  all  its  constituents  are  intrisi- 
cally  brittle) ,  provided  the  fibre  volume  fraction  is  high  enough  and  the  fibres  are 
not  too  strongly  bonded  to  the  matrix.  Under  such  conditions,  the  brittle  matrix 
(which  fails  first  since  its  failure  strain  is  much  lower  than  that  of  the  fibres,  typi¬ 
cally  0.1  and  1%  respectively,  for  a  SiC-SiC  composite)  undergoes  microcracking 
up  to  a  saturation  state  beyond  which  the  load  is  carried  by  the  fibres  alone.  In 
this  process,  each  matrix  microcrack  is  deflected  parallel  to  the  fibre  surface  by 
the  weak  interface  which  acts  thus  as  a  fuse  (protecting  the  fibre  from  an  early 
failure).  Conversely,  when  the  fibre-matrix  (fm)  bonding  is  too  weak,  the  fibre  is 
debonded  over  a  very  considerable  length  and  the  debonded  interface  no  longer 
exhibits  enough  load  transfer  ability.  Thus  there  should  be  a  balance  between 
the  crack  deflection  and  the  load  transfer  functions.  When  this  requirement  is 
fulfilled,  CMCs  exhibit  nonlinear  stress-strain  behaviour  under  tensile  loading  up 
to  failure  strains  close  to  that  of  the  fibres,  i.e.  typically  0.5-1%,  which  is  an 
outstanding  feature  for  a  ceramic  material. 

The  FM  bonding  mainly  stems  from  thermal  residual  stresses  (trs)  coupled  to 
fibre  surface  roughness  as  well  as  from  chemical  bonds.  The  residual  stresses  are 
generated,  during  cooling  from  processing-temperature  (typically,  about  1000  °C) 
to  ambient,  as  a  result  of  coefficient  of  thermal  expansion  (cte)  mismatch.  The 
TRS  are  compressive  when  (a^  being  the  matrix  CTE  and  the  radial 

CTE  of  the  fibre).  The  latter  result  from  interdiffusion  phenomena  occurring  at 
the  FM  interface  during  processing. 

To  control  the  FM  bonding,  an  interphase  (often  referred  to  as  the  third  con¬ 
stituent  of  the  CMCs)  is  generally  used.  The  interphase  consists  of  a  submicrome¬ 
tre  thin  film  of  a  compliant  material  with  a  low  shear  stress,  which  is  usually  de¬ 
posited  at  the  fibre  surface  before  composite  processing  (it  can  also  be  formed  in 
situ  during  processing).  The  interphase  has  several  key  functions.  First,  it  should 
properly  deflect  the  matrix  microcracks  while  providing  enough  load  transfer,  as 
previously  mentioned.  Second,  it  may  also  at  least  partly  absorb  the  TRS  (present 
when  am  7^  acting  as  a  buffer  and  requiring  a  minimum  thickness  of 

interphase  material.  Third,  the  interphase  may  play  the  role  of  a  diffusion  barrier 
when  the  FM  couple  is  very  reactive.  Finally,  the  interphase  should  be  compatible 
with  the  fibres,  the  matrix  and  the  environment. 
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Prom  the  present  status  of  knowledge  and  technology,  the  best  interphases  are 
those  with  a  layered  crystal  structure  or  microtexture  (e.g.  pyrocarbon,  hexagonal- 
BN  or  mica- type  oxides)  (Naslain  1993),  the  layers  being  oriented  parallel  to  the 
fibre  surface  and  weakly  bonded  to  one  another.  Other  interface/interphase  con¬ 
cepts  have  been  suggested  but  have  not  yielded  high-performance  CMCs,  up  to 
now  (Kerans  1993). 


3.  Fabrication  of  SiC-SiC  composites 

The  SiC-SiC  composites  considered  here  are  fabricated  from  continuous  SiC- 
based  fibres,  according  to  a  low-temperature/low-pressure  gas  phase  route,  the 
chemical  vapour  infiltration  (cvi)  process,  which  has  been  described  in  detail 
elsewhere  (Naslain  1992).  In  a  first  step,  the  interphase  material,  i.e.  pyrocarbon 
(PyC)  or  hex-BN,  is  deposited  within  the  fibre  preform,  from  gaseous  precursors 
(respectively,  a  hydrocarbon  or  a  BF3-NH3  mixture)  at  about  1000  °C  and  under 
a  pressure  of  a  few  kPa  or  10  kPa.  Interphase  thickness  ranges  from  0.1  to  1  pm. 
In  a  second  step,  the  SiC-matrix  is  infiltrated  according  to  a  similar  method, 
from  a  mixture  of  methyltrichlorosilane  CH3SiCl3  (MTS)  and  hydrogen  (Naslain 
&  Langlais  1986).  SiC-SiC  composites  processed  by  CVI  exhibit  some  residual 
open  porosity  (typically,  10-15%).  This  feature  has  both  some  advantages  and 
drawbacks.  On  the  one  hand,  the  residual  pores  which  are  regularly  distributed 
in  the  material,  act  as  crack  initiators  and  contribute  to  yield  homogeneous  mi¬ 
crocracking  of  the  intertow  SiC-matrix.  On  the  other  hand,  the  residual  pores, 
being  interconnected,  favour  the  in-depth  diffusion  of  oxygen  when  the  composite 
is  exposed  to  oxidizing  atmospheres.  For  this  reason,  an  external  coating  (con¬ 
sisting  of  a  glass-forming  material  such  as  SiC)  is  usually  deposited,  in  a  last 
step,  on  the  composite  surface  by  chemical  vapour  deposition  (cvd)  in  order  to 
seal  the  residual  pores.  Finally  it  is  worth  noting  that  the  SiC-matrix  deposited 
by  cvd/cvi  is  textured  (with  the  (111)  direction  of  the  cubic  SiC-crystals  per¬ 
pendicular  to  the  substrate)  and  contains  residual  stresses  due  to  crystal  growth 
defects  (Bobet  et  al  1993). 

4.  Mechanical  behaviour  and  effect  of  the  interphase  texture 

The  mechanical  behaviour  of  two-dimensional  SiC-SiC  composites,  e.g.  under 
tensile  loading  along  one  of  the  two  fibre  directions,  has  been  significantly  im¬ 
proved  over  time  as  the  processing  conditions,  the  texture  of  the  PyC-interphase 
and  the  FM  bonding,  came  to  be  better  controlled  (figure  1). 

The  first  two-dimensional  SiC-SiC  composites,  fabricated  from  Si-C-0  fibres 
(e.g.  Nicalon,  from  Nippon  Carbon)  with  no  pyrocarbon  coating,  were  essentially 
brittle,  owing  to  the  too  strong  FM  bonding  (Naslain  1993)  (composite  of  type  D, 
inset  in  figure  1).  Later,  the  use  of  a  pyrocarbon  coating  yielded  composites  ex¬ 
hibiting  some  nonlinear  stress-strain  behaviour  (composites  of  type  C).  However, 
the  poor  control  of  the  FM  interfacial  zone  in  terms  of  the  texture  of  the  PyC 
interphase  and  bonding  between  the  PyC  interphase  and  the  fibre,  resulted  in 
limited  matrix  microcracking  and  early  failure  of  the  fibres  and  composite  (with 
typically,  ~  180  MPa  and  ~  0.2%). 

The  role  played  by  the  PyC-interphase  has  been  clearly  established  in  more 
recent  materials,  namely  composites  of  type  A  and  B,  corresponding  respectively 
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Figure  1.  Tensile  curves  at  ambient  for  various  as-processed  two-dimensional  SiC-PyC-SiC 
composites  fabricated  by  CVI  from  Nicalon  fibres.  After  Cojean  (1991)  and  Naslain  (1993). 


to  a  weak  and  a  stronger  FM  bonding  (figure  1).  In  composite  A,  as  soon  as  matrix 
microcracking  starts,  the  fibres  are  debonded  over  long  distances  owing  to  the 
weak  FM  bonding  (figure  2a)  with  several  important  consequences:  (i)  a  strong 
decrease  in  the  load  transfer  capability  of  the  FM  interfacial  zone  (since  the  fibres 
are  rapidly  debonded  from  the  PyC-interphase)  at  the  beginning  of  the  nonlinear 
cr-e  domain  and  (ii)  a  rapidly  achieved  matrix  microcracking  saturation  state, 
the  microcracks  being  very  few,  limited  to  the  intertow  SiC  and  widely  spaced. 
These  features  are  responsible  for  the  ‘plateau-like’  aspect  of  the  a-e  tensile  curve 
(figure  1).  Beyond  microcrack  saturation,  the  applied  load  is  essentially  carried 
by  the  fibres  (almost  totally  debonded  from  matrix),  the  matrix  microcracks  be¬ 
coming  more  and  more  widely  opened.  Finally,  failure  occurs  at  a  high  strain 
(0.8-1%)  and  with  extensive  fibre  pull-out.  In  such  composites,  microcrack  de¬ 
flection  (the  fuse  function)  occurs  near  the  interface  between  the  Si-C-0  fibre 
and  the  PyC  interphase.  It  is  related  to  a  thin  bilayer  (thickness  of  a  few  10  nm) 
consisting  of  a  sublayer  of  a  silica-based  glass  on  the  fibre  side  and  a  sublayer 
of  strongly  anisotropic  pyrocarbon  (with  the  atomic  planes  parallel  to  the  fibre 
surface)  on  the  PyC  interphase  side  (Cojean  1991;  Droillard  1993).  It  is  generally 
accepted  that  the  silica  sublayer  results  from  a  surface  decomposition/ oxidation 
of  the  metastable  Si-C-0  fibres. 

The  mechanical  behaviour  of  composite  B  is  very  different,  owing  to  the  oc¬ 
currence  of  a  different  deflection  mode  of  the  matrix  microcracks  itself  related  to 
an  improved  structure  of  the  FM  interfacial  zone  and  to  better  processing  con¬ 
ditions  (figure  2b).  In  composite  B,  the  PyC  interphase  is  now  strongly  bonded 
to  the  fibre  (i.e.  the  fibre-PyC  interface  is  no  longer  the  weakest  link)  and  still 
consists  of  an  anisotropic  pyrocarbon  whose  atomic  layers  are  parallel  to  the  fi¬ 
bre  surface  without  being  continuous  (as  they  are  in  graphite).  A  key  difference 
between  composites  A  and  B  is  that  the  matrix  microcracks  are  deflected  within 
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Figure  2.  Microcrack  propagation  paths  (schematic)  near  the  fibre-matrix  interfacial  zone  in 
two-dimensional  SiC-PyC-SiC  composites  fabricated  by  CVI  from  Nicalon  fibres:  (a)  composites 
of  type  A  and  (b)  composites  of  type  B.  After  Droillard  (1993), 


the  PyC-interphase  (and  not  at  the  fibre  surface)  in  B.  Each  microcrack  is  de¬ 
flected  in  an  infinity  of  nanocracks  formed  between  the  carbon  atomic  planes, 
i.e.  it  is  here  the  whole  interphase  which  is  acting  as  a  fuse  (whereas  in  A  it  is 
a  weak  interface  at  the  fibre  surface)  (Droillard  1993).  This  new  crack  deflection 
mechanism  has  very  important  consequences:  (i)  the  FM  bonding  is  not  totally 
destroyed,  i.e.  as  the  matrix  microcracks  are  deflected  within  the  interphase,  the 
FM  interphase  zone  keeps  enough  load  transfer  ability,  thus  (ii)  matrix  microc¬ 
racking  can  proceed  further  (i.e.  it  occurs  both  within  the  SiC  intertow  matrix 
(as  in  A)  but  also  within  the  SiC-matrix  in  the  0°  tow),  the  saturation  state  be¬ 
ing  only  achieved  near  composite  failure,  the  cracks  being  numerous  and  weakly 
opened  (Aubard  1992).  Finally,  failure  occurs  at  a  high  failure  stress  (close  to 
400  MPa)  and  high  failure  strain  but  with  very  limited  fibre  pull-out  (since  the 
FM  bonding  is  stronger,  as  is  confirmed  by  the  narrow  unloading/reloading  loops 
and  by  fibre  push-out  data) . 

These  results  clearly  show  that  the  best  material  in  terms  of  mechanical  prop¬ 
erties  is  that,  composite  B,  corresponding  to  the  stronger  FM  bonding  (and  not, 
as  often  reported  in  the  literature,  that  with  the  weaker  FM  bonding  exhibiting 
extensive  fibre  pull-out)  in  which  an  appropriate  balance  between  the  crack  de¬ 
flection  and  load  transfer  functions  of  the  FM  interfacial  zone  has  been  achieved 
during  processing. 


5.  Effect  of  the  environment 

SiC  is  known  to  have  an  excellent  resistance  to  oxidation  up  to  about  1500  °C 
as  long  as  the  oxidation  regime  remains  passive  (i.e.  with  the  formation  of  a 
protective  scale  of  glassy  silica).  However,  even  under  such  conditions,  SiC-PyC- 
SiC  composites  have  at  present  two  weak  points:  (i)  the  fibres  which  do  not 
consist  entirely  of  SiC  (Nicalon- type  fibre  also  contains  some  free  carbon  and  a 
metastable  ternary  phase  Si02a;Ci-:c)  (Bodet  et  al  1995)  and  (ii)  the  pyrocarbon 
inter  phase. 
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( a )  Effect  of  an  inert  environment 

As  shown  in  figure  3,  two-dimensional  SiC-PyC-SiC  composites  (type  C),  fab¬ 
ricated  from  Si-C-0  fibres  (Nicalon-type)  and  aged  under  vacuum  or  argon, 
exhibit  a  decrease  in  their  mechanical  behaviour  at  ambient  temperature.  This 
decrease  is  observed  for  ageing  treatments  performed  beyond  about  1100  °C  and 
is  related  to  the  decomposition  of  the  fibres.  At  T  >  1100  °C,  the  Si02a:Ci_2; 
phase  decomposes  with  an  evolution  of  CO  and  SiO,  the  latter  reacting  with  the 
free  carbon  of  the  fibres  and  the  interphase,  with  two  important  consequences: 
(i)  grain  growth  of  the  SiC-nanocrystals  of  the  fibres  (since  they  are  no  longer 
separated  from  each  other  by  the  silicon  oxycarbide  amorphous  phase),  resulting 
in  a  weakening  of  the  fibres  and,  more  importantly,  (ii)  a  weakening  of  the  load 
transfer  capability  of  the  FM  interfacial  zone  (since  the  PyC-interphase  is  pro¬ 
gressively  consumed  and  replaced  by  a  void),  as  supported  by  tem  analysis  and 
push-out  data  (Labrugere  et  al  1993), 

The  thermal  stabiblity  of  two-dimensional  SiC-PyC-SiC  composites  in  vacuum 
or  inert  atmospheres  could  be  improved  in  two  ways.  First  and  as  mentioned  in 
§  3,  a  SiC  seal-coating  can  be  applied  to  the  composite.  Under  such  conditions,  the 
decomposition  of  Si02a:Ci_a;  is  slowed  down  by  an  internal  pressure  of  CO  and 
SiO.  However,  this  solution  might  become  ineffective  under  load  cycling  (with 
microcracking  of  the  seal-coating).  A  better  alternative  would  be  to  use  fibres 
which  no  longer  contain  the  Si02xCi_a;  phase,  such  as  the  Si-C  fibres  obtained 
by  an  electron  beam  curing/pyrolysis  process,  from  polycarbosilane  precursors. 
Such  fibres  (in  which  the  oxygen  content  is  only  0.5  wt%)  are  stable  up  to  about 
1500  °C  (Takeda  et  al  1992). 

( b )  Effect  of  an  oxidizing  environment 

In  an  oxidizing  atmosphere  (e.g.  the  air),  the  weak  point  of  SiC-PyC-SiC 
composites  is  the  pyrocarbon  interphase  (assuming  that  the  problem  related  to 
the  stability  of  the  fibres  has  been  solved,  as  discussed  in  §5  a).  However,  under 
specific  conditions,  SiC-PyC-SiC  composites  behave  as  self-healing  materials. 

When,  say,  a  rectangular  sample  of  one-dimensional  SiC-PyC-SiC  compos¬ 
ite  (with  a  SiC  seal-coating  on  the  four  faces  parallel  to  the  fibre  direction)  is 
submitted  to  an  oxidation  treatment,  chemical  reactions  occur  according  to  the 
following  overall  equations: 


C{s)  +  02(g)  C02(g), 

(1) 

+  2*^2(g)  ^  00(g), 

(1') 

+  202(g)  Si02(s)  +  C02(g), 

(2) 

+  |02(g)  Si02(s)  +  CO(g). 

(2') 

Since,  in  this  example,  the  oxidation  process  is  a  one-dimensional  phenomenon, 
an  annular  pore  is  formed  around  each  fibre  as  the  PyC-interphase  is  progres¬ 
sively  consumed  (equations  (1)  or/and  (!'))  (figure  4a).  Thus  oxygen  (and  in  the 
opposite  direction  CO  or/and  CO2)  has  to  diffuse  along  the  pore  to  react  with 
the  PyC-interphase.  During  this  diffusion,  oxygen  reacts  with  the  pore  wall  (i.e. 
the  fibre  and  the  matrix)  to  give  a  silica  scale  (equation  (2)  and  (2')).  All  these 
phenomena  can  be  modelled,  in  this  simple  case,  the  results  depending  mainly  on 
the  temperature  and  the  PyC  interphase  thickness.  An  example  of  a  simulation  is 
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Figure  3.  Effect  of  ageing  treatments  on  the  tensile  curve  at  ambient  of  two-dimensional 
SiC-PyC-SiC  composites  (type  C)  fabricated  by  CVI  from  Nicalon  fibres.  After  Labrugere  et  at 
(1993). 


t  =  40  min 


Figure  4.  Effect  of  an  oxidizing  atmosphere  on  one-dimensional  SiC-PyC-SiC  model  composites: 
(a)  elementary  phenomena  involved  (1:  diffusion  of  O2,  CO-CO2;  2:  oxidation  of  the  carbon 
interphase;  3,  4:  oxidation  of  the  fibre  surface  and  matrix),  (h)  simulation  of  the  oxidation 
phenomena  for  an  oxidation  performed  in  pure  oxygen  (P  =  100  kPa)  at  1200  °C.  After  Filipuzzi 
&  Naslain  (1994). 

shown  in  figure  46  (Filipuzzi  et  al  1994).  When  the  temperature  is  high  enough 
and  the  PyC  interphase  thin,  the  silica  scales  seal  the  pore  and  the  oxidation 
stops. 

The  effect  of  both  the  temperature  and  the  interphase  thickness  on  the  length 
of  carbon  which  is  consumed  as  a  function  of  time  is  shown  in  figure  5.  For 
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Figure  5.  Effect  of  temperature  (a)  and  interphase  thickness  (6)  on  the  kinetics  of  oxidation  of  the 
PyC  interphase  in  model  one-dimensional  SiC-PyC-SiC  composites,  as  derived  from  simulation. 
After  Filipuzzi  &:  Naslain  (1994). 


a  given  interphase  thickness,  oxidation  proceeds  in-depth  at  low  temperatures 
(since  the  formation  rate  of  silica  is  too  low)  and,  conversely,  it  is  limited  to  near 
the  external  surface  at  high  temperatures  (figure  5a).  A  similar  effect  is  observed 
at  constant  temperature  when  the  PyC-interphase  is  varied  (figure  5b). 

Thus  the  effect  of  an  oxidizing  atmosphere  on  SiC-PyC-SiC  composites  is  more 
dramatic  at  low  temperatures  (500  <  T  <  1000  °C)  than  at  higher  temperatures 
where  the  material  is  self-healing. 

The  compatibility  of  SiC-PyC-SiC  composites  with  oxidizing  atmospheres 
could  be  improved  at  least  in  two  directions.  One  way  is  to  replace  the  PyC  inter¬ 
phase  by,  for  instance,  a  multilayered  (SiC-PyC)n  interphase  where  the  thickness 
of  each  PyC  sublayer  is  reduced  to  a  few  nm  or  10  nm  (see  figure  56  and  6)  (Droil- 
lard  1993).  Another  way  is  to  replace  pyrocarbon  by  hex-BN  which  has  a  similar 
layered  crystal  structure  (and  thus  can  act  as  a  fuse)  but  exhibits  a  much  higher 
oxidation  resistance  (figure  7)  (Economy  &  Lin  1977).  The  oxidation  of  hex-BN 
starts  at  ca.  850  °C  (instead  of  ca.  450  °C  for  PyC)  and  yields  an  oxide,  B2O3, 
which  is  liquid  in  a  wide  temperature  range  (500  <T  <  1100  °C),  wets  SiC  and 
is  known  for  its  healing  properties.  SiC-BN-SiC  composites  have  been  prepared 
and  characterized.  However,  in  the  present  status  of  the  research,  their  mechan¬ 
ical  properties  are  not  yet  as  good  as  those  of  their  SiC-PyC-SiC  counterparts. 
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Figure  6.  tem  image  of  the  fibre-matrix  interfacial  zone  in  a  two-dimensional  SiC-SiC 
composite  with  a  multilayered  (PyC-SiC)n  interphase.  After  Droillard  (1993). 

Additionally,  very  little  is  known  about  their  mechanical  behaviour  in  oxidizing 
atmospheres  (Naslain  et  al  1991;  Prouhet  et  al  1994). 


6.  Conclusion 

SiC-SiC  composites  exhibit  a  non-brittle  mechanical  behaviour  when  the  fibre- 
matrix  bonding  has  been  properly  controlled  during  processing  via  the  use  of  an 
interphase.  Efficient  interphase  materials  are  those  with  a  layered  crystal  struc¬ 
ture  or/and  microtexture,  such  as  pyrocarbon,  hex-BN  or  (SiC-PyC)n  multilay¬ 
ers. 

The  nonlinear  mechanical  behaviour  and  the  high  toughness  of  SiC-SiC  com¬ 
posites  are  related  to  the  occurrence  of  damaging  phenomena  including  matrix 
microcracking.  The  best  mechanical  properties  (in  terms  of  failure  stress,  failure 
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Figure  7.  Oxidation  of  BN-fibres:  (a)  as  compared  to  that  of  carbon  fibre,  (6)  kinetics  of 
oxidation  for  various  temperatures.  After  Economy  Sz  Lin  (1977). 

strain,  energy  release  rate  and  fatigue  resistance)  are  achieved  for  rather  strong 
fibre-matrix  bonding  (i.e.  when  there  is  a  balance  between  the  crack  deflection 
and  load  transfer  functions  of  the  fibre-matrix  interfacial  zone).  Under  such  con¬ 
ditions,  failure  occurs  with  limited  fibre  pull-out. 

SiC-SiC  composites  are  still  sensitive  to  the  effect  of  the  environment  by  the 
fibres  (which  are  often  not  stable  enough  at  high  temperatures)  and  the  inter¬ 
phase  (particularly,  pyrocarbon).  The  use  of  more  stable  fibres  (e.g.  fibres  without 
oxygen  and  whose  composition  is  close  to  C/Si  =  1),  seal-coating  and  hex-BN 
interphase  would  undoubtedly  significantly  increase  the  compatibility  of  SiC-SiC 
composites  with  oxidizing  atmospheres  in  the  1000-1500  °C  temperature  range. 

Thi'i'  article  has  been  written  on  the  basis  of  the  research  performed  at  LOTS  during  the  past 
few  years  with  the  support  of  SEP.  The  author  acknowledges  the  contribution,  among  others,  of 
J.  L.imon,  A.  Guette,  X.  Bourrat,  G.  Camus,  C.  Robin-Brosse,  F.  Lamouroux  and  S.  Goujard. 
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Discussion 

T.  Khan  {Onera,  Chatillon,  France).  There  is  another  potentially  interesting 
class  of  CMCs,  i.e.  the  glass  matrix  composites.  Some  of  these  materials  seem  to 
have  a  temperature  capability  of  up  to  1200  °C.  Can  these  materials  be  compared 
with  the  SiC-SiC  in  terms  of  limitations,  advantages  and  cost? 

R.  R.  Naslain.  The  glass  (or  glass-ceramic)  matrix  composites  have  been  de¬ 
signed  for  long-duration  applications  at  medium  temperatures  (typically  600- 
1000  °C)  in  oxidizing  atmospheres.  Several  factors  seem  to  limit  the  high-temp- 
erature  capability  of  these  materials,  including  (i)  the  creep  of  the  matrix  (which 
still  contains  some  amorphous  and  viscous  phase  even  ceramization)  and  (ii) 
the  nature  of  the  in  situ  formed  interphase  (whose  main  constituent,  carbon, 
is  sensitive  to  oxidation  at  very  low  temperatures).  In  contrast,  the  SiC-matrix 
in  SiC-SiC  composites  is  more  resistant  to  creep  (it  is  fully  crystalline  and  SiC 
melts  with  decomposition  only  at  about  2500  °C).  Additionally,  the  interphase  in 
SiC-SiC  composites  is  not  formed  in  situ  as  the  result  of  a  fibre-matrix  chemical 
reaction.  It  is  deposited  on  the  fibre  before  the  infiltration  of  the  matrix.  Thus  it 
is  not  necessarily  carbon  (hex-BN  has  already  been  successfully  used  and  other 
interfacial  materials  and/or  concepts  are  presently  studied).  The  advantages  of 
glass-matrix  composites  may  be  in  (i)  the  rapidity  of  their  processing,  (ii)  the 
variety  of  composition  of  the  matrix,  and  (iii)  the  absence  of  significant  resid¬ 
ual  porosity  (they  are  gas  and  liquid  tight).  Very  large  structural  parts  (such  as 
those  used  for  the  thermal  protection  of  spacecraft)  can  be  fabricated  with  SiC- 
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SiC  composites  (in  the  2  m  size)  and  their  high-temperature  capability  seems  to 
be  much  higher.  Finally,  the  main  part  of  the  cost  of  both  composites  is  related  to 
the  fibres.  The  processing  time  of  SiC-SiC  composites  is  higher  but  a  very  large 
number  of  parts  can  be  treated  simultaneously  and  as  a  result  the  processing 
time  per  part  is  probably  of  the  same  order  not  to  say  lower.  It  is  noteworthy 
that  C-C  is  competitive  with  steel  in  brake  disks. 

M.  Steen  {Institute  of  Advanced  Materials,  Joint  Research  Centre,  European 
Commission,  Petten,  The  Netherlands).  How  may  thermal  cycling  affect  the  oxi¬ 
dation  resistance  of  SiC-SiC  composites?  Is  it  possible  to  integrate  the  isothermal 
oxidation  kinetics  over  the  temperature  range  of  interest  to  obtain  the  cyclic  ox¬ 
idation  rate,  or  is  there  an  acceleration  effect  to  be  considered? 

R.  R.  Naslain.  Two  factors  control  the  overall  oxidation  kinetics  of  SiC-SiC 
composites:  (i)  the  intrinsic  oxidation  kinetics  of  the  components  (the  fibres,  the 
interphase  and  the  matrix),  and  (ii)  the  rate  of  the  in-depth  diffusion  of  oxygen 
(and  in  the  opposite  direction,  that  of  the  carbon  oxides).  During  a  thermal 
cycling  test,  there  is  no  obvious  reason  that  could  justify  a  change  in  the  intrinsic 
oxidation  kinetics  of  the  constituents.  Conversely,  thermal  cycling  may  enhance 
the  microstructural  damage  stage  of  the  composite:  (i)  new  microcracks  could 
be  formed,  and  (ii)  the  pre-existing  microcracks  could  be  periodically  re-opened. 
As  a  result,  the  overall  oxidation  rate  can  be  accelerated  (remembering  that 
the  oxidation  of  SiC-SiC  composites  with  pyrocarbon  interphase  is  much  more 
severe  at  low  temperatures,  i.e.  400-700  ""C,  if  the  external  coating  undergoes 
microcracking,  since,  under  such  conditions,  the  rate  of  formation  of  the  silica 
protective  layer  is  extremely  slow).  The  effect  of  thermal  cycling  on  the  lifetime 
of  SiC-SiC  composites  in  air  is  indeed  an  issue,  on  which  a  large  effort  of  research 
is  currently  being  expended. 

Peter  Holmes  {ABB  Management  AG,  Baden-Ddttwil,  Switzerland).  Can  the 
model  of  oxidation  loss  of  the  carbon  interface  and  formation  of  a  silica  plug  be 
used  to  predict  the  length  of  fibre  interface  lost  before  the  plugging  occurs  at 
various  temperatures  of  exposure? 

R.  R.  Naslain.  Yes,  the  model  of  oxidation  loss  of  the  carbon  interphase  and 
formation  of  silica  plug  can  be  used  (and  has  already  been  used)  to  predict  the 
length  of  interphase  consumed  before  plugging  occurs,  in  SiC-PyC-SiC  unidi¬ 
rectional  composites,  at  various  temperatures,  for  PyC  interphases  of  different 
thicknesses  and  in  atmospheres  with  different  oxygen  partial  pressures.  For  more 
details  see  Filipuzzi  &  Naslain  (1994)  or  Filipuzzi  (1991). 

Additional  references 

Flipuzzi,  L.  1991  Ph.D.  thesis,  no.  593,  University  of  Bordeaux. 
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Multiphase  inter  met  allies 
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Department  of  Materials  Science  and  Metallurgy,  University  of  Cambridge, 
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Ordered  intermetallic  compounds,  notably  the  aluminides  of  nickel,  titanium,  iron 
and  niobium,  have  been  under  intensive  investigation  for  the  past  two  decades  as 
prospective  load-bearing  materials  for  high  temperatures,  with  special  emphasis 
on  aerospace  applications.  The  stronger  of  these  phases  are  all  catastrophically 
brittle  at  and  near  ambient  temperature  and  this  difficulty  has  proved  obdurate. 
A  promising  solution  appears  to  be  to  alloy  such  phases  in  such  a  way  that  the 
result  is  a  two-phase  or  multiphase  material.  The  extra  phases  may  be  disordered 
and  intrinsically  ductile:  the  presence  of  such  phases  lowers  the  high-temperature 
strength  but  is  apt  to  enhance  the  plastic  deformability  of  the  material  even 
at  ambient  temperature.  There  are  also  instances  of  multiphase  alloys  in  which 
all  the  phases  are  ordered  intermetallics,  some  stronger  and  more  brittle,  others 
weaker  and  more  ductile,  and  the  end- result  can  be  a  promising  combination  of 
strength  and  ductility,  as  well  as  good  creep  resistance. 


1.  Introduction 

An  intermetallic,  an  abbreviated  term  which  has  come  into  universal  use,  is  an 
ordered  compound  between  two  or  more  metals,  in  simple  numerical  atomic  pro¬ 
portions.  Intermetallics  fall  into  two  large  families:  weakly  ordered  (‘reversible’) 
ones  like  CusAu  or  CuZn  which  become  disordered  on  heating  before  they  melt, 
and  strongly  ordered  (‘permanent’)  ones  like  NiAl,  TiAl  or  NbsAl  which  remain 
ordered  up  to  the  melting  temperature.  The  physical  features  of  such  phases, 
and  the  ordering  transformation,  have  been  investigated  since  the  1930s,  but  me¬ 
chanical  properties  and  their  relation  to  microstructure  have  only  been  studied 
since  the  1950s;  at  first,  reversibly  ordered  phases  were  examined  so  that  ordered 
and  disordered  states  of  the  same  compound  could  be  compared,  then  atten¬ 
tion  shifted  to  permanently  ordered  ones,  the  aluminides  of  nickel,  titanium,  iron 
and  niobium  in  particular.  This  latter  kind  of  research  became  intensive  in  the 
mid-1970s  and  nowadays  is  probably  the  most  active  branch  of  physical  metal¬ 
lurgy.  The  motive  force  for  this  great  flood  of  research  has  been  the  hope  that 
certain  permanently  ordered  intermetallics  might  become  prime  contenders  for 
high- temperature  structural  applications,  in  jet  engines  in  particular,  with  a  view 
to  raising  service  temperatures  and  reducing  weight.  This  kind  of  application  is 
my  main  concern  in  this  paper:  it  requires  a  high  creep  resistance  at  tempera¬ 
tures  well  above  700  °C  with  reasonable  resistance  to  brittle  failure  at  ambient 
temperature. 

Westbrook  (1993),  who  has  worked  on  intermetallics  since  the  1950s,  has  pub¬ 
lished  a  systematic  account  of  the  history  of  these  researches  in  the  context  of 


Phil.  Trans.  R.  Soc.  Land.  A  (1995)  351,  497-509 
Printed  in  Great  Britain  497 


(c)  1995  The  Royal  Society 
Paper 


498 


R.  W.  Cahn 


their  times.  The  complex  crystal  chemistry  of  intermet allies  has  been  surveyed 
by  Ferro  &  Saccone  (1993).  A  good  account  of  the  early  studies  of  the  plastic  be¬ 
haviour  of  intermetallics  was  published  by  Lawley  (1967).  Among  the  numerous 
overviews  of  recent  researches  on  the  mechanical  behaviour  of  potentially  usable, 
permanently  ordered  intermetallics,  the  following  can  be  recommended  as  being 
particularly  informative:  the  single  articles  by  Fleischer  et  al  (1989),  Yamaguchi 
&  Umakoshi  (1990),  George  et  al  (1994)  and  Sauthoff  (1995);  the  multiauthor 
compilations  by  Liu  et  al  (1992)  and  Fleischer  &  Westbrook  (1994);  and  the 
conference  proceedings  in  which  Westbrook’s  (1993)  paper  appears.  Fleischer  & 
Westbrook’s  recent  two- volume  work  is  the  most  comprehensive,  while  Sauthoff ’s 
book  chapter  is  the  most  thorough  overview  by  a  single  author  or  group  of  au¬ 
thors.  All  of  these  treatments  cover  a  wide  range  of  intermetallics;  there  are  many 
others  that  focus  on  particular  families  of  compounds,  such  as  the  titanium  alu- 
minides,  and  there  are  also  numerous  conference  proceedings  from  1985  onwards, 
several  of  which  (e.g.  Whang  et  al  1990;  Izumi  1991)  contain  important  overview 
papers.  A  fine  critical  survey,  by  a  panel  of  experts,  of  current  scientific  issues  in 
connection  with  the  mechanical  behaviour  of  intermetallics  has  been  published 
by  Yoo  et  al  (1993). 

As  a  broad  generalization,  it  is  safe  to  say  that  the  strength  and  also  the  resis¬ 
tance  to  high- temperature  creep  of  intermetallics  increases  as  the  ordering  energy 
increases.  This  quantity  is  a  measure  of  the  energy  required  to  destroy  the  long- 
range  order  and  replace  it  by  a  random  distribution  of  atoms  on  the  lattice.  The 
reversible  intermetallics  all  ipso  facto  have  small  ordering  energies;  FeAl,  TisAl 
and  the  very  important  NiaAl  phase  have  intermediate  ordering  energies;  phases 
such  as  NiAl,  TiAl  and  NbsAl  have  high  ordering  energies.  At  the  same  time  (and 
subject  to  complications  arising  from  environmental  effects),  the  brittleness,  es¬ 
pecially  at  ambient  temperatures,  increases  in  line  with  the  ordering  energies, 
and  a  great  deal  of  recent  research  has  been  addressed  to  this  problem,  as  it  af¬ 
fects  NiAl  and  TiAl  in  particular.  This  paper  focuses  on  one  promising  approach 
for  moderating  the  brittleness  of  strongly  ordered  intermetallics,  which  is  the  re¬ 
placement  of  single-phase  (also  called  ‘monolithic’)  intermetallics  by  multiphase 
alloys. 


2.  Some  practically  important  intermetallic  phases 

I  shall  emphasize  two  phases:  Ni3Al  and  NiAl.  The  first  of  these  has  received 
more  attention  than  any  other  intermetallic,  though  its  intrinsic  importance  for 
aerospace  uses  is  now  seen  to  be  slight;  NiAl  has  recently  moved  to  the  top 
of  the  agenda  as  a  possible  base  intermetallic  for  jet  engine  blades  and  discs, 
while  TiAl  is  seen  as  increasingly  promising  for  other  jet  engine  components  and 
possibly  for  discs;  it  is  also  under  development  for  automotive  ‘supercharger’ 
turbine  blades.  Iron  aluminides,  though  they  have  received  much  attention,  are 
not  strongly  enough  ordered  to  be  of  interest  for  jet  engine  temperatures  and 
they  are  primarily  targeted  at  terrestrial  uses  at  modest  temperatures,  while 
the  niobium  aluminides,  (with  or  without  titanium  added)  though  very  strongly 
ordered  and  recently  much  studied,  have  not  yet  reached  the  stage  at  which  their 
promise  can  be  reliably  assessed  (see  brief  overviews  by  George  et  al  (1994) 
and  Dimiduk  et  al  (1993)).  TiAl,  possibly  the  most  important  phase  in  present 
estimation,  is  briefly  treated  in  a  separate  section. 
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NiaAl  This  cubic  phase,  with  LI2  structure,  is  the  ordered  component  of  con¬ 
ventional  superalloys  (see  McLean’s  paper  in  this  collection):  such  superalloys 
consist  principally  of  an  oriented,  coherent  and  stable  dispersion  of  Nis  A1  cuboids 
in  a  disordered  matrix  of  almost  the  same  lattice  parameter.  NisAl  has  the  strik¬ 
ing  property  of  a  yield  stress  that  rises  with  increasing  temperature  up  to  about 
650  °C  (the  anomalous  yield  point  effect).  This  important  characteristic  has  been 
the  subject  of  a  great  deal  of  theory  based  on  dislocation  dynamics,  and  while  the 
general  outlines  of  an  interpretation  are  agreed,  details  are  still  being  vigorously 
debated.  Experimental  facts  are  set  out  in  a  general  survey  of  the  properties  of 
NisAl  (Stoloff  1989)  while  the  development  of  theoretical  models  is  mapped  out 
by  Yamaguchi  &  Umakoshi  (1990).  A  very  clear  early  joint  survey  of  both  exper¬ 
imental  and  theoretical  aspects  of  anomalous  yield  was  published  by  two  of  the 
principal  investigators  in  this  field,  Pope  &  Ezz  (1984). 

There  are  several  other  important  aspects  of  this  phase.  Single  crystals  have 
long  been  known  to  be  be  ductile,  but  polycrystals  were  perceived  as  intrinsically 
brittle  until  in  1978,  in  a  study  which  has  become  a  classic,  Aoki  &  Izumi  in  Japan 
discovered  that  doping  with  small  amounts  of  boron,  which  segregates  to  grain 
boundaries,  can  confer  ductility  on  Nis  A1  polycrystals;  later  it  was  found  that  this 
benefit  only  obtains  when  there  is  a  little  more  nickel  than  corresponds  to  stoi¬ 
chiometry.  The  origin  of  this  ductilizing  effect,  and  the  related  question  whether 
grain  boundaries  in  the  pure  compound  are  intrinsically  brittle^  has  generated  a 
huge  literature,  which  is  excellently  summarised  in  the  review  by  George  et  al 
(1994).  George  et  al  (1993),  as  part  of  an  extensive  research  on  environmental 
effects,  found  a  way  of  making  wholly  uncracked  NisAl  polycrystals  and  were  able 
to  prove  that  these  were  highly  ductile  in  a  high  vacuum,  but  if  moisture  was 
present  at  a  partial  pressure  of  as  little  as  a  millionth  of  an  atmosphere,  atomic 
hydrogen  was  generated  by  seepage  along  grain  boundaries  and  reaction  with 
Al,  which  embrittles  the  grain  boundaries.  (This  phenomenon  of  environmental 
embrittlement  was  found  by  Liu  to  be  common  to  several  intermetallics).  Sub¬ 
stantial  chromium  additions  overcome  the  problem.  Alloying  with  iron  reduces 
the  ordering  energy  and  enhances  the  ductility  (Horton  et  al  1987);  in  fact,  Flinn 
took  out  a  patent  as  long  ago  as  1962  for  a  NisAl  alloy  ductilized  by  iron  (Flinn 
1962). 

The  upshot  of  all  this  is  that  with  proper  precautions,  NisAl  is  intrinsically 
ductile  in  both  single  crystal  and  poly  crystalline  form.  Its  intrinsic  strength  as 
a  single  phase  is  insufficient  for  most  uses  beyond  about  600  °C,  though  as  re¬ 
marked  it  is  the  crucial  constituent  in  (always  multiphase)  superalloys.  A  family 
of  advanced  nickel  aluminides  was  developed  by  Liu  and  his  colleagues  in  the 
early  1980s  by  alloying  the  binary  phase  with  Cr,  Fe  and  small  amounts  of  sev¬ 
eral  other  metals.  These  are  stronger,  as  well  as  being  reasonably  ductile;  they 
have  found  several  applications,  including  use  in  fuselage  fasteners  in  aircraft. 
The  real  value  of  NisAl  will  probably  be  recognised  as  residing  in  its  potential 
for  conferring  some  ductility  on  other,  stronger  phases. 

NiAl  This  very  strongly  ordered  cubic  phase  (the  virtual  critical  temperature 
for  disordering,  far  above  the  melting  temperature,  has  been  estimated  as  being 
above  4000  °C),  with  the  simple  B2  structure,  has  excellent  high-temperature 
strength  and  a  considerably  lower  density  than  both  NisAl  and  superalloys,  and 
so  (after  many  years  of  mild  academic  concern)  it  has  received  an  unparalleled 
measure  of  attention  during  the  last  decade,  especially  since  the  late  1980s.  The 
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outcome  of  this  research  has  been  collected  in  an  outstanding  review  by  Miracle 
(1993),  which  incorporates  337  literature  citations.  While  strong,  light,  oxidation- 
resistant  and  with  good  creep  resistance  and  outstanding  heat  conductivity,  the 
phase  is  extremely  brittle  at  and  some  way  above  ambient  temperature.  Much  of 
the  recent  research  has  addressed  this  recalcitrant  problem.  Darolia  in  America 
has  been  the  industrial  leader  in  this  research;  his  large  team  at  GE’s  engine 
factory  has  aimed  directly  at  the  production  of  single- crystal  gas-turbine  blades, 
as  set  forth  in  a  very  informative  overview  (Darolia  et  al  1992).  Single- crystal 
applications  are  immune  from  the  generalization  that  multiphase  alloys  are  to  be 
preferred  to  single- phase  ones. 

Single  crystals  of  favourable  orientations  show  some  ductility  even  at  room 
temperature,  and  this  ductility  is  considerably  enhanced  by  small  {ca.  0.1  at%) 
alloying  additions  of  Fe,  Mo  or  Ga;  at  larger  solute  contents  the  benefit  disappears. 
The  preferred  interpretation  of  this  at  present  is  that  the  solute  acts  as  a  scavenger 
of  unintended,  embrittling  interstitial  solutes. 

Poly  crystalline  NiAl  in  general  is  brittle,  but  in  an  important  study,  Hahn 
&  Vedula  (1989)  discovered  that  very  close  to  stoichiometry  only,  some  2%  of 
tensile  ductility  can  be  achieved  even  at  ambient  temperature;  the  reasons  remain 
mysterious.  One  tentative  suggestion  is  that  interstitial  solute  content  is  apt  to 
be  smaller  for  the  stoichiometric  alloy,  and  interstitials  have  also  been  adduced  to 
account  for  indications  that  brittleness  can  be  reduced  by  low-temperature  heat- 
treatment.  The  normal  brittleness  of  the  poly  crystalline  alloy  is  attributed  to  the 
prevalence  of  (100)  slip  vectors,  which  imply  that  insufficient  independent  slip 
systems  are  available  to  enable  individual  grains  to  follow  an  externally  imposed 
shape  change;  sustained  attempts  to  alter  the  preferred  slip  vector  by  alloying 
have  been  unsuccessful.  (Ill)  slip  is  possible  but  suffers  from  a  very  high  critical 
shear  stress;  it  is  not  clear  whether  the  problem  is  one  of  a  lack  of  dislocation 
sources  with  this  geometry  or  whether  the  Peierls-Nabarro  stress  for  dislocation 
propagation  is  very  high.  Grain  sizes  below  20  pm  also  create  some  ductility. 

Cotton  et  al  (1993a,  5)  have  systematically  studied  the  effect  of  various  so¬ 
lutes  on  the  behaviour  of  NiAl;  substantial  further  hardening  was  found  for  some 
solutes,  but  no  ductilization. 

In  the  next  section,  various  efforts  to  alleviate  the  brittleness  of  NiAl  by  intro¬ 
ducing  other,  less  brittle,  phases  will  be  outlined. 

3.  Multiphase  alloys:  generalities 

Apart  from  the  brittleness  problem,  there  is  a  further  crucial  reason  for  prefer¬ 
ring  the  multiphase  version  of  an  intermetallic  to  the  monolithic  (single-phase) 
form.  When  the  microstructure  is  right,  the  creep  resistance  of  the  multiphase 
form  (and  this  is  what  matters  most  in  jet  engine  applications)  is  much  better 
than  that  of  the  monolith.  This  is,  after  all,  why  the  standard  7/7'  superalloy 
structure  has  held  its  own  for  so  many  years.  The  essential  microstructural  feature 
is  the  stable  dispersion  of  small  ordered  7'  particles  in  an  epitaxial  relationship  to 
a  disordered  7  matrix;  dislocations  are  restricted  to  the  narrow  matrix  channels 
between  the  particles,  Naka  et  al  (1992)  demonstrated  the  superiority  of  such  a 
microstructure  very  clearly  with  the  measurements  in  figure  1,  taken  from  their 
paper.  A  ‘single  crystal’  of  an  advanced  superalloy,  CMSX-2  (consisting  actually 
of  a  single  orientation  of  disordered  matrix  with  a  dispersion  of  7'  particles  all  in 
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Figure  1.  Creep  curves  at  760  °C  for  [001] -oriented  single-phase  CMSX-2  and  two-phase 
7'/CMSX-2  single  crystals.  After  Naka  et  al  (1992). 

parallel  orientation)  is  compared  in  creep  with  another  crystal  consisting  of  mono¬ 
lithic  7',  at  760  °C.  Although  the  stress  acting  on  the  superalloy  crystal  is  15% 
higher,  yet  its  creep  rate  is  much  lower  than  that  of  the  monolithic  7'  crystal.  (The 
tensile  strengths  of  the  two  crystals  at  the  same  temperature  are  virtually  identi¬ 
cal.)  In  their  investigation,  Naka  et  al  go  on  to  examine  other,  novel  alloy  systems 
which  have  similar  microstructures  (dependent  on  having  almost  the  same  lattice 
parameter  for  the  two  epitaxial  phases),  but  use  a  (disordered)  body-centred  cu¬ 
bic  matrix  instead  of  the  usual  face-centred  cubic  one.  They  obtained  interesting 
high-temperature  properties  for  Fe-Ni2AlTi  and  Nb(-hCr)-Ti2  AlMo  alloys  which 
possess  this  type  of  microstructure.  This  paper  deserves  careful  study. 

In  a  very  recent  paper,  entitled  ‘The  superiority  of  superalloys’,  Nabarro  (1994) 
makes  essentially  the  same  point,  though  his  argument  is  centred  on  TiAl-TisAl 
alloys,  which  are  to  be  discussed  below.  He  cites  an  excellent  paper  (Nathal  et  al 
1989)  which  presents  extensive  evidence  for  Ni-base  alloys  along  the  same  lines 
as  that  in  figure  1.  In  his  paper,  he  discusses  at  some  length  the  deformation 
mechanisms  which  confer  upon  superalloys  their  exceptional  creep  resistance. 

The  general  point  can  be  made,  in  the  light  of  Naka’s  and  Nabarro’s  arguments, 
that  the  strategy  of  replacing  monolithic  by  multiphase  alloys  does  not  necessarily 
entail  a  sacrifice  of  high-temperature  creep  resistance  for  the  prize  of  enhanced 
room-temperature  ductility.  It  is  quite  possible  in  principle  to  design  alloys  which 
combine  both  these  benefits.  One  might  object  that  the  end-result  of  many  years’ 
research  on  intermetallics  might  then  merely  be  a  renewed  emphasis  on  two- 
phase  (disordered  -h  ordered)  alloys;  the  chemistry  but  not  the  microstructural 
principle  would  change  from  traditional  superalloys.  This  is  not  necessarily  so:  as 
we  shall  see  in  the  next  section,  improved  alloys  can  consist  of  two  or  more  ordered 
intermetallic  phases,  or  of  two  ordered  intermetallic  phases  plus  one  disordered 
phase.  Indeed,  most  such  alloys  have  an  ordered  (0)  matrix;  if  such  a  matrix 
were  associated  with  a  disordered  (d)  epitaxial  dispersoid,  the  result  would  be  a 
mirror-image  of  a  traditional  superalloy,  but  quite  generally,  it  is  appropriate  to 
regard  an  alloy  with  an  ordered  matrix  as  an  intermetallic. 

4.  Multiphase  alloys  based  on  NiAl 

No  one  has  yet  made  a  multiphase  alloy  with  a  NiAl  matrix  combined  with  a 
parallel  epitaxial  dispersion  of  another  phase,  but  several  alloys  with  other  kinds 
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Figure  2.  Plots  of  (a)  yield  stress  and  (b)  elongation  as  a  function  of  iron  content  for  Ni(Al,Fe) 

alloys.  After  Tsau  et  al  (1992). 

of  epitaxy  have  been  reported.  Numerous  metallurgists  have  examined  multiphase 
alloys  based  on  a  major  NiAl  constituent,  and  some  of  them  have  most  interesting 
properties— good  strength  combined  with  some  ductility  at  ambient  temperature. 
Few  creep  tests  have  been  done  as  yet.  The  alloys  examined  hitherto  fall  into  the 
following  categories:  (1)  /?  +  7';  (2)  /5  +  7  +  7';  (3)  0  +  /3';  (4)  /?  +  ^'  +  7'.  Here  13 
represents  (o)  NiAl,  7  represents  a  (d)  FCC  phase,  7'  represents  an  (o)  NisAl-type 
phase,  and  /3'  represents  an  (o)  Heusler  phase  such  as  Ni2AlTi.  Here  there  is  space 
to  mention  only  a  few  of  the  studies  published  in  recent  years. 

(1)  /^  +  7'  and  (2)  /9  +  7  +  7'.  If  some  of  the  aluminium  in  NiAl  is  replaced 
by  iron,  the  alloy  can  have  one  or  other  of  these  phase  structures,  according  to 
the  iron  content.  Emphasis  has  been  on  Ni-20  at%Al-30  at%Fe,  which  consists 
of  roughly  equal  amounts  of  rather  finely  divided  P  and  (7  +  7'),  the  latter 
being  a  dispersion  of  minute  7'  particles  in  a  disordered  matrix;  there  is  some 
disagreement  between  investigators  concerning  the  amount  of  disordered  7  in  this 
alloy,  and  this  may  depend  upon  details  of  heat  treatment.  The  most  detailed  and 
recent  study  is  by  Guha  et  al.  (1991).  They  compared  the  Ni-20Al-30Fe  alloy  with 
Ni-30Al-20Fe  and  with  Ni-12Al-"40Fe.  The  first  had  an  ambient  yield  strength  of 
850  MPa  (compared  with  a  typical  value  of  250-450  MPa  for  pure  polycrystalline 
NiAl)  with  up  to  20%  elongation;  the  second  (an  almost  single-phase  P  alloy)  had 
800  MPa  but  only  2%  elongation;  the  third  (very  like  a  normal  7/7'  superalloy) 
had  500  MPa  and  28%  elongation. 

Figure  2  shows  yield  strength  and  elongation  values  measured  for  similar  al¬ 
loys  by  Tsau  et  al  (1992).  They  agree  with  Guha  et  al  in  observing  maximum 
elongation  near  30  at%  Al,  but  find  lower  yield  stresses.  The  latter  clearly  depend 
upon  the  processing:  Guha’s  alloys  had  been  extruded,  Tsau’s  were  in  cast  form. 
These  various  alloys,  incidentally,  contain  considerably  more  iron  than  Flinn’s 
early  patented  alloys. 

An  earlier  study  (Pank  et  al  1990)  focused  on  (7  +  7')  alloys  made  by  replacing 
Al  in  NiAl  with  8-9  at%Co.  Their  alloys  contain  ‘necklaces’  of  7'  surrounding  the 
P  grains  and  these  alloys  had  3-4%  of  elongation  at  room  temperature.  This  kind 
of  necklace  structure  is  clearly  not  as  effective  as  the  more  intimate  phase  mixture 
of  the  Ni-Al-Fe  alloys. 

Gibala  and  his  collaborators  have  made  important  contributions  to  an  under¬ 
standing  of  how  the  extra  phases  in  Ni-Al-Fe  alloys  are  able  to  ductilize  the 
alloys.  Two  important  papers  (Noebe  et  al  1990;  Misra  et  al  1991)  start  from 
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research  done  in  the  1970s  in  Gibala’s  laboratory  on  the  enhancement  of  duc¬ 
tility  of  BCC  metals  by  the  use  of  surface  films  and  also  by  preparing  BCC  and 
FCC  two-phase  alloys.  They  are  among  the  very  few  who  have  examined  Ni-Al 
alloys  between  25  and  50  at%  Al:  they  directionally  solidified  (/3  -f  7')  NiroAlso 
and  Ni6oAl4o  alloys  and  obtained  up  to  10%  elongation  as  well  as  substantial 
strength  rising  with  temperature  to  600  °C,  the  best  qualities  of  the  two  phases 
combined.  They  showed  that  the  (3  phase  contains  many  more  dislocations  than 
in  single-phase  /?  because  of  injection  of  dislocations  from  the  7'  phase.  Similar 
enhancement  of  dislocation  populations  in  the  (3  phase  in  Ni5oAl3oFe2o  was  also 
observed.  Likewise,  oxide  surface  films  on  single-phase  NiAl  crystals  injected  ad¬ 
ditional  mobile  dislocations  into  the  bulk.  This  injection  was  recognized  to  be 
facilitated  in  the  Ni-Al-Fe  alloy  because  the  P  and  (7T7')  phase  fields  were  mu¬ 
tually  oriented  according  to  the  Kurdyumov-Sachs  relationship  and  this  caused 
the  glide  planes  in  adjacent  phase  fields  to  be  virtually  parallel.  Finally,  the  fine 
dispersion  of  7'  in  the  (7  +  7')  phase  field  served  to  arrest  cracks  originating  from 
the  P  phase.  (Guha  et  al  had  also  shown  this.) 

There  is  one  other  remarkable  study  of  the  behaviour  of  multiphase  Ni-Al-Fe 
alloys,  this  time  with  Fe  contents  between  50  and  85  at%Fe.  Jung  &  Sauthoff 
(1989)  examined  creep  in  alloys  containing  various  Ni/Al/Fe  proportions.  Some 
of  these  were  single-phase  /?  (B2),  others  had  either  an  a-iron  matrix  with  P 
precipitates  or  else  a  P  matrix  with  almost  pure  a-iron  precipitates.  An  alloy  of 
the  latter  kind  was  compared  with  a  single-phase  P  alloy  of  the  same  composition 
as  the  matrix  in  the  two-phase  alloy  (an  interpolation  method  was  used  to  make 
the  comparison).  The  creep  resistance  of  the  (/?  -f  a)  alloy  was  higher  than  that 
of  the  single-phase  P  alloy,  even  though  the  a-iron  precipitates  were  much  softer 
than  the  p  phase!  The  two-phase  alloy  was  found  to  possess  a  threshold  stress  for 
creep:  this  threshold  was  successfully  interpreted  in  terms  of  a  model  according 
to  which  the  dislocation  energy  of  a  climbing  matrix  dislocation  near  the  particle 
is  reduced  in  the  matrix-particle  interface  because  of  relaxation  processes  in  the 
interface.  This  implies  that  the  dislocation  is  attracted  by  the  particle,  and  the 
overcoming  of  this  attraction  results  in  the  threshold  stress.  Thus  a  soft  disordered 
phase  can  enhance  the  creep  resistance  of  an  intermetallic  matrix. 

Generally,  creep  of  intermetallics,  especially  multiphase  alloys,  has  had  rather 
less  than  the  degree  of  attention  it  merits,  and  a  recent  critical  overview  of  the 
theme  by  Sauthoff  (1993)  is  therefore  particularly  welcome. 

(3)  {p  +  P’)  and  (4)  (^  -h  /3  +  7').  Many  years  ago,  Polvani  et  al  (1976a,  h) 
discovered  what  was  in  effect  a  superalloy  based  on  a  BCC  lattice,  but  with  both 
matrix  and  dispersoid  in  the  form  of  ordered  intermetallics,  in  the  Ni-Al-Ti 
system.  The  matrix  was  /?,  that  is,  Ni(Al,Ti),  while  the  dispersoid  consisted  of 
the  strongly  ordered  Heusler  phase,  Ni2AlTi,  also  denoted  which  has  the 
L2i  structure.  The  high-temperature  creep  resistance  of  the  dispersion  was  much 
greater  than  that  of  either  constituent  in  single-phase  form,  consistently  with  the 
generalization  made  later  by  Nathal,  Naka  and  Nabarro  (quoted  above).  However, 
the  alloy  was  hyperbrittle  and  development  was  soon  aborted. 

Recently,  Yang  et  al  (1991,  1992a,  6t)  embarked  on  an  alloy  development  pro- 

t  A  very  recent  study  related  to  Yang  et  al  (19926)  by  Hsiung  &  Bhadeshia  (1995)  has  shown  that 
the  ductility  of  these  alloys  can  be  further  improved  by  extruding  mixtures  of  the  three  single-phase 
powders. 
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gramme,  based  upon  the  hypothesis  that  the  incorporation  of  a  third,  weaker 
and  more  ductile  intermetallic  phase,  the  7'  phase  based  on  NisAl,  might  serve  to 
ductilize  the  {(3  +  /?')Ni-Al-Ti  alloy  without  weakening  it  much.  (Small  amounts 
of  quaternary  additions  (B  or  Cr  or  Fe)  were  also  tried.)  Figure  3a  shows  the 
three-phase  (^  +  /?'  +  7')  field  at  900  °C  as  determined  in  the  1992a  paper,  while 
figure  36  shows  the  room-temperature  stress-strain  characteristics  in  compres¬ 
sion,  compared  with  the  unimproved  (^  +  ^0  alloys,  and  with  a  ‘state-of-the-art’ 
disc  superalloy,  U  720.  The  combination  of  strength  and  moderate  ductility  of  the 
three-phase  alloys,  one  of  the  most  effective  to  be  made  up  entirely  of  intermetallic 
phases,  is  clear.  Several  of  the  three-phase  alloys  proved  to  remain  stronger  than 
the  U  720  up  to  about  650  °C  (the  anomalous  yield  characteristic  of  7'  helped  in 
bringing  this  about).  Figure  4  shows  an  example  of  the  three-phase  microstruc¬ 
ture:  this  one  has  a  (3'  matrix  with  (3  dispersoid;  other  alloys,  nearer  the  NiAl 
corner  of  the  three-phase  triangle,  have  a  (3  matrix  with  p'  dispersoid.  The  p  and 
P^  are  in  parallel  epitaxy,  while  the  7'  is  in  Nishiyama-Wassermann  orientation 
relationship  with  the  matrix;  this  is  not  very  different  from  the  Kurdyumov-Sachs 
relationship  found  by  Gibala’s  team  in  Ni-Al-Fe  alloys.  Microstructural  analysis 
showed  two  things:  dislocations  were  injected  from  the  7'  into  the  P  or  P'  phase, 
helped  by  a  favourable  orientation  relationship  (figure  5),  and  dislocations  were 
more  mobile  in  the  very  hard  p'  phase  when  it  was  in  the  form  of  a  fine  dis¬ 
persoid  than  in  the  massive  P'  phase.  No  tensile  or  creep  tests  have  as  yet  been 
performed. 

The  studies  on  the  various  Ni-Al-Fe  and  on  Ni-Al-Ti  alloys  together  make 
it  clear  that  the  strategy  of  marrying  strong  and  brittle  intermetallics  with 
weaker  and  more  ductile  phases,  in  an  intimate  phase  mixture  to  combine  high- 
temperature  strength  with  reasonable  ambient  ductility,  works  effectively.  The 
Jung  &  Sauthoff  paper  suggests  also  that  this  strategy  can  be  effective  in  en¬ 
hancing  creep  resistance. 

5.  Multiphase  alloys  based  on  TiAl 

Three  titanium  aluminides,  all  non-cubic,  have  all  been  intensively  examined 
in  recent  years:  TisAl  (reversibly  ordered),  TiAl  and  TiAls  (both  permanently 
ordered).  The  view  has  gradually  gained  ground  that  alloys  based  on  TiAl  have 
the  best  overall  prospects.  In  the  very  limited  space  available,  it  is  only  possible 
to  make  a  few  short  comments  on  the  multiphase  aspects  of  TiAl. 

TiAl  has  the  Llo  structure  characteristic  of  CuAu.  If  the  A1  content  is  reduced 
slightly  below  50  at%,  then  a  two-phase  structure  including  the  hexagonal  phase, 
TisAl  results.  Such  an  alloy  can  either  form  a  lamellar  (‘polysynthetic’)  struc¬ 
ture,  in  which  the  two  phases  are  in  epitaxy  within  each  grain,  or  by  different 
heat  treatments  the  alloy  can  be  turned  into  a  divorced,  ‘equiaxed’  form.  Other 
heat  treatments  can  produce  an  intermediate  structure.  Grain  size  can  also  be 
varied  within  wide  limits.  The  balance  of  ductility,  toughness,  strength  and  creep 
resistance  varies  according  to  the  microstructure  type,  and  recent  researches  have 
examined  these  trade-offs  in  great  detail;  thus,  lamellar  microstructures  have 
better  creep  resistance  and  also  higher  toughness  than  equiaxed  ones,  in  spite 
of  having  a  lesser  ductility.  Dislocation  ‘injection’  does  not  seem  to  have  been 
specifically  examined.  The  most  recent  concise  survey  is  in  George  et  al  (1994). 
An  excellent  survey  of  the  effect  of  processing,  and  especially  of  heat-treatment, 
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Figure  4.  Electron  micrograph  of  alloy  D  (see  figure  2a)  showing  a  twinned  7'  lath  and  j3  islands 
(in  parallel  epitaxy)  in  a  matrix.  After  Yang  et  al.  (19926). 

Figure  5.  Dislocations  ‘injected’  from  the  7'  phase  into  the  jS'  phase  across  a  semicoherent 
boundary.  After  Yang  et  al  (19926). 

superalloys.  The  emphasis  on  the  effects  of  minutely  varied  heat  treatments,  as 
noted  in  recent  TiAl  research,  has  yet  to  be  seen  in  research  on  NiAl-based  mul¬ 
tiphase  alloys. 
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Discussion 

D.  R.  F.  West  [Imperial  College,  London,  UK).  In  the  TiAl-based  alloys  there  is 
considerable  interest  in  the  addition  of  other  elements  in  relatively  small  amounts. 
Is  there  beginning  to  emerge  a  clearer  role  of  such  additions  and  how  they  act  to 
influence  alloy  properties? 

R.  W.  Cahn.  Yes,  a  picture  is  beginning  to  emerge  about  the  role  of  ternary 
or  quaternary  additions  to  TiAl.  For  an  excellent,  concise  discussion  of  this  see 
Huang  &  Chesnutt  (1994).  The  efficacy  of  any  alloying  additions  depends  on 
careful  control  of  the  Ti/Al  ratio,  to  ensure  the  right  two-phase  microstructure. 
When  this  is  right,  V,  Mn,  and  Cr  generally  enhance  ductility.  Arguments  based 
on  stacking-fault  energy  or  c/a  ratios  do  not  seem  to  be  helpful,  and  the  most 
convincing  arguments  bear  on  the  tendency  of  these  additives  to  substitute  pref¬ 
erentially  for  Al,  thereby  ‘reducing  the  covalency  of  the  Ti-Al  bond’,  especially 
when  there  is  a  two-phase  microstructure.  Other  additives,  Nb  in  particular,  help 
to  enhance  oxidation  resistance,  while  still  others  (notably  Er)  mop  up  excessive 
dissolved  oxygen.  One  has  to  hope  that  the  different  functions  of  additives  do  not 
interfere  with  each  other! 

D.  J.  Dunstan  [University  of  Surrey,  UK).  Professor  Cahn  remarks  that  it 
is  surprising  that  the  iron  dispersoid  strengthens  the  material  because  the  iron 
would  be  very  soft.  Could  there  not,  however,  be  size  effects?  Semiconductors 
which  are  very  soft  at  crystal  growth  temperatures  can  support  high  elastic  strains 
(over  1%),  provided  the  strained  layer  is  very  thin.  Perhaps  similar  size  effects 
strengthen  the  iron? 

M.  McLean  [Imperial  College,  London,  UK).  Professor  Cahn  suggests  that  inter¬ 
metallics  can  be  strengthened  by  the  incorporation  of  entrained  soft,  disordered 
phases.  The  ultimate  soft,  disordered  phase  is  a  gas  (or  void).  Is  there  evidence 
that  a  porous  intermetallic  is  stronger  than  the  fully  dense  material? 

J.  W.  Martin  [Oxford  University,  UK).  There  are  two  further  points  about 
strengthening  by  voids:  firstly,  in  the  absence  of  applied  tensile  stress  they  are 
essentially  soluble  at  high  temperature  and  will  slowly  disappear  by  sintering. 
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Secondly,  in  the  presence  of  a  sufficient  tensile  stress  they  will  grow,  possibly  until 
the  specimen  fractures  by  void  coalescence.  So  their  presence  in  a  microstructure 
may  lead  to  impaired  creep  ductility.  The  presence  of  a  dispersion  of  an  insoluble 
soft  phase  will  not  necessarily  be  deleterious  to  creep  ductility  in  the  same  way, 
as  the  particles,  when  sheared,  would  be  unlikely  to  fracture  and  thus  generate  a 
microvoid.  Only  when  particle-matrix  decohesion  occurred  would  impairment  of 
ductility  be  a  possibility  by  this  mechanism. 

R.  W.  Cahn.  Voids  can  certainly  strengthen  a  metal  or  alloy  if  they  are  small 
enough,  and  they  are  able  to  trap  grain  boundaries  and  prevent  softening  by 
recrystallization.  If  they  are  coarse,  they  are  bad  news:  thus  in  intermetallics 
made  by  self-sustaining  high-temperature  synthesis,  incomplete  densification  is 
apt  to  embrittle  the  product  beyond  its  normal  degree.  But  as  voids  become 
smaller,  the  extreme  is  reached  when  a  void  becomes  a  lattice  vacancy.  Recently, 
Chang  et  al  (1993)  demonstrated  that  the  hardness  and  the  (unusually  large) 
vacancy  concentration  in  FeAl  are  closely  correlated. 

D.  Morris  {University  of  Neuchdtel,  Switzerland),  We  should  note  that  most 
probably  useful  intermetallics  are  multiphase,  but  not  all.  The  multiphase  con¬ 
cept  is  perhaps  required  for  strengthening  but  most  probably  for  ensuring  creep 
resistance  and  toughening.  For  iron  aluminides,  however,  the  situation  is  different. 
While  not  aerospace  materials,  these  have  high  potential,  and  indeed  are  already 
being  used,  as  high-temperature,  oxidation-  and  corrosion-resistant  structural 
steels.  The  materials  under  development,  whether  disordered  Fe/16%A1,  DO3 
ordered  Fe/25-28%Al  or  B2-ordered  Fe/35-h%Al,  are  essentially  single-phase  al¬ 
loys,  where  strengthening  is  achieved  by  the  ordered  state,  by  grain  refinement, 
and  by  solute  additions  (including  perhaps  vacancies).  At  the  same  time,  dislo¬ 
cation  multiplication  and  mobility  is  sufficiently  good  that  plasticity,  including 
at  notch  tips,  is  sufficient  for  the  single-phase  materials  to  be  used  as  engineering 
materials. 

R.  W.  Cahn.  Yes,  indeed,  I  quite  agree.  But  then,  the  iron  aluminides  are 
relatively  weakly  ordered,  and  the  brittleness  problem  is  apt  to  be  really  obstinate 
only  in  those  intermetallics  which  are  strongly  ordered,  so  then  the  multiphase 
solution  becomes  imperative. 

Additional  references 
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107-115. 

Huang,  S.  C.  k  Chesnutt,  J.  C.  1994  Gamma  TiAl  and  its  alloys.  In  Intermetallic  compounds, 
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Perspectives  are  presented  on  the  development  of  ceramics  and  ceramic  matrix 
composites  (CMCs)  for  high-temperature  structural  components.  The  emphasis  is 
on  design  requirements  and  their  role  in  directing  research  toward  actual  prod¬ 
ucts.  An  important  theme  concerns  the  relative  roles  of  fracture  toughness  and 
inelastic  strain  (ductility)  in  the  application  of  materials  in  primary  structures. 
Ceramics  with  high  toughness  have  been  developed,  but  macroscopic  inelastic¬ 
ity  has  not  been  achieved.  Robust  design  procedures  have  yet  to  be  developed 
for  such  materials.  This  deficiency,  as  well  as  relatively  high  manufacturing  and 
qualification  costs,  has  retarded  their  commercial  exploitation.  Strategies  for  ad¬ 
dressing  this  problem  are  considered. 

Cmcs  are  more  ‘design  friendly’  because  they  exhibit  appreciable  inelastic 
strain,  in  shear  and/or  in  tension.  Such  strain  capacity  is  an  efficient  means 
of  redistributing  stress  and  eliminating  stress  concentrations.  The  design  process 
thus  has  commonality  with  that  used  for  metallic  components.  Also,  processing 
approaches  that  provide  acceptable  manufacturing  costs  have  been  devised.  The 
sources  of  the  inelastic  strain  are  examined  and  models  that  lead  to  a  constitutive 
law  are  described.  Some  examples  are  given  of  its  FEM  implementation  for  design 
calculations. 

A  limitation  on  the  extensive  exploitation  of  cmcs  in  high  temperature  sys¬ 
tems  has  been  the  existence  of  degradation  mechanisms.  These  include  a  ‘pest’ 
phenomenon,  manifest  as  oxidation  embrittlement  in  non-oxide  CMCs,  as  well 
as  excessive  creep  in  oxide-oxide  CMCs.  These  degradation  mechanisms  are  dis¬ 
cussed,  and  pathways  to  affordable  high-temperature  CMCs  are  analysed. 


1.  Introduction 

A  high-temperature  materials  research  goal  for  over  20  years  has  been  the  cre¬ 
ation  of  structural  materials  capable  of  reliable  operation,  in  oxidizing  conditions, 
under  tensile  stress,  at  temperatures  in  the  1200-1400  °C  range.  This  goal  has 
yet  to  be  realized.  The  strategy  has  been  to  begin  with  materials  inherently  sta¬ 
ble  and  also  deformation  resistant  at  these  temperatures,  typically  ceramics  or 
intermetallics.  Components  made  from  such  materials  are  brittle  and  cannot  be 
used  reliably  when  subject  to  tensile  stress.  The  addition  of  reinforcements  is 
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envisaged  as  the  means  of  introducing  damage  tolerance  without  compromising 
stability  and  deformation  resistance.  In  practice,  various  approaches  have  been 
found  that  provide  damage  tolerance,  but  the  stability  and  deformation  resis¬ 
tance  have  always  been  detrimentally  affected.  Moreover,  at  least  one  property 
of  such  materials  has  invariably  been  found  deficient:  either  toughness  or  creep 
strength  or  embrittlement  sensitivity.  High  manufacturing  costs  are  also  problem¬ 
atic  in  many  cases.  The  consequence  is  that  comparisons  with  existing  metallic 
systems,  on  a  cost/benefit  basis,  are  not  favorable.  The  result  has  been  a  dearth 
of  applications.  An  alternative  research  and  development  strategy  is  needed  if 
such  materials  are  to  be  implemented  on  a  large  scale  in  commercial  systems. 
The  ingredients  include  an  intelligent  processing  regimen  along  with  a  cost  es¬ 
timation  methodology,  as  well  as  robust  performance  models  to  supplement  the 
manufacturing  and  design  engineering. 

The  initial  goal  of  the  research  on  monolithic  ceramics  during  the  1960s  was  to 
create  ‘ductile’  ceramics  by  inducing  plasticity.  This  goal  did  not  have  a  mean¬ 
ingful  technological  outcome  for  one  principal  reason.  Even  when  some  ductility 
was  achieved,  the  materials  still  had  a  low  fracture  toughness  and  were  prone 
to  catastrophic  rupture  (Clarke  et  al.  1967;  Wiederhorn  et  al  1970).  This  seem¬ 
ing  paradox  arose  because  cracks  remained  sharp  instead  of  exhibiting  plastic 
blunting.  A  complete  theory  describing  this  phenomenon  has  yet  to  be  devel¬ 
oped,  although  recent  progress  has  been  considerable  (Rice  &  Beltz  1994;  Xu  et 
al  1995;  Hirsch  &  Roberts  1991). 

The  practical  consequence  of  the  early  work  on  ceramics  was  a  change  in  em¬ 
phasis  toward  research  on  toughening  mechanisms.  The  effort  on  ‘toughened’  ce¬ 
ramics  resulted  in  major  discoveries  of  mechanisms  with  robust  theories  capable 
of  characterizing  the  principal  effects.  However,  the  technological  ramifications 
have  still  been  minimal.  The  lack  of  a  translation  of  the  physics  and  mechanics  to 
the  technology  seems  to  reside  in  two  deficiencies.  (1)  The  high- toughness  mate¬ 
rials,  when  tested  in  tension,  are  still  macroscopically  linear.  The  consequence  is 
that  strain  concentration  sites  are  also  regions  of  high  stress.  That  is,  the  material 
has  no  mechanism  for  redistributing  stress.  The  importance  of  this  ‘deficiency’ 
has  been  highlighted  as  a  result  of  the  development  of  ceramic  matrix  composites. 
(2)  The  implications  of  the  toughening  to  the  design  of  ceramic  components  has 
not  been  formulated  in  a  manner  that  can  be  explicitly  used  by  the  design  engi¬ 
neer.  (Note  that  the  toughness  does  not  appear  as  a  parameter  in  design  codes 
used  for  metals,  ceramics  or  composites.) 

The  development  of  continuous  fibre-reinforced  ceramics  (ceramic  matrix  com¬ 
posites  (CMCs))  was  instituted  as  a  means  of  obviating  the  limitations  associated 
with  the  ‘toughened’  monolithic  materials.  Following  some  crucial  discoveries  in 
the  1970s  (Phillips  1974;  Aveston  et  al  1971)  a  large  effort  was  made  starting 
in  the  1980s  (Prewo  1987;  Naslain,  this  volume).  The  major  finding  during  this 
period  was  that  composites  can  be  microstructurally  designed  to  induce  inelastic 
deformation  mechanisms  in  either  tension  or  shear  (Evans  &  Zok  1994).  These 
provide  sufficient  strain  to  enable  extensive  stress  redistribution  at  strain  con¬ 
centration  sites,  such  as  slots,  joints  and  attachments  (Cady  et  al  1994;  Mackin 
et  al  1995).  This  capability  has  allowed  a  design  strategy  similar  to  that  used 
with  metals.  These  advantages  have  given  a  stimulus  to  the  continued  devel¬ 
opment  of  composites.  However,  there  are  performance  limitations  governed  by 
high-temperature  degradation  mechanisms. 
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2.  Technology  for  design 

(a)  Monolithic  ceramics 

(i)  Stochastic  principles 

There  have  been  two  complementary  philosophies  for  implementing  ceramics 
(Lange  1989;  Evans  1982).  One  approach  has  been  to  elevate  the  fracture  tough¬ 
ness.  The  other  has  emphasized  a  reduction  in  the  size  of  the  flaws  introduced 
by  processing  and  machining.  Neither  approach  has  had  a  profound  effect  on  the 
technology,  despite  major  scientific  and  engineering  advances  in  both  areas.  De¬ 
signing  a  load-bearing  component  using  a  linear  material  requires  the  following 
steps.  (1)  An  elastic  analysis  is  performed  to  obtain  the  stresses.  (A  problem  arises 
for  zones  having  high  localized  strain.  Then  there  are  mesh  effects  and  sometimes 
singularities,  particularly  at  joints,  attachments  and  contacts.  A  design  decision 
must  be  made  about  how  to  address  these  regions.  Some  approaches  have  been 
recommended,  but  software  has  not  been  made  available.  While  these  areas  re¬ 
main  problematic,  they  are  not  given  further  consideration.)  (2)  The  survival 
probability  of  each  element  within  the  finite-element  mesh  is  evaluated  using  the 
principles  of  weakest  link  statistics  (Freudenthal  1967;  Matthews  et  al  1976).  The 
procedure  required  for  this  purpose  is  understood  and  has  been  implemented  in 
software  programs,  CARES  (among  others),  compatible  with  finite-element  codes. 
The  programs  calculate  the  survival  probability  0s  of  volume  elements,  SV,  using 

^,  =  1-6V  [\{S)dS,  (2.1) 

Jo 

where  g{S)dS  is  the  number  of  flaws  in  unit  volume  having  strength  between 
S  and  S'  +  d5,  and  a  is  the  average  stress  within  the  element  at  the  design 
load.  There  is  a  corresponding  formula  for  the  surface  elements.  The  survival 
probability  of  the  component  is  the  product  of  the  survival  probabilities  of  all 
of  the  elements  (volume  plus  surface),  IT(0s).  Usually,  g{S)dS  is  approximated 
by  a  power  law  (Weibull  distribution)  with  a  scale  parameter,  5o,  and  a  shape 
parameter,  m.  When  the  element  size  is  small  (of  order  the  separation  between 
the  large  extreme  of  the  flaws  in  the  population),  this  takes  the  form  (Weibull 
1939), 

g{S)  =  mS^~^/S^.  (2.2) 

The  CARES  software  has  the  capability  of  performing  these  evaluations  for  any 
multiaxial  state  of  stress. 

The  limitation  on  the  practical  utilization  of  the  code  is  in  the  means  for  ob¬ 
taining  the  data.  It  is  crucial  to  note  that  the  integration  of  (2.1)  is  between  zero 
and  the  design  stress.  However,  data  are  normally  obtained  using  flexure  tests  or 
tension  tests  on  small  specimens.  The  consequence  is  that,  because  of  the  volume 
scaling  inherent  in  weakest  link  statistics  (2.1),  these  tests  provide  information 
about  the  flaw  population  at  stresses  above  the  design  stress.  An  extrapolation 
of  the  data  is  implied  (figure  la).  A  robust  procedure  for  conducting  the  extrapo¬ 
lation  of  the  available  data  and  for  evaluating  the  confidence  limits  has  not  been 
made  accessible  to  the  design  engineer.  It  is  usually  asserted  that  the  scale  and 
shape  parameters  obtained  from  laboratory  data  apply  with  high  confidence  at 
stresses  below  the  design  stress.  Such  assertions  are  not  valid.  Moreover,  since 
(2.2)  has  no  fundamental  basis.  A  polynomial  fit  to  the  data  could  be  made 
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Figure  1.  (a)  Typical  statistical  data  obtained  upon  tension  testing  of  ceramics.  The  extrapola¬ 
tion  from  the  (linear)  Weibull  fit  is  shown,  as  well  as  the  extrapolation  from  a  polynomial  fit. 
These  indicate  the  large  difference  in  the  projected  survival  probability  (note  that  the  axes  are 
logarithmic).  (6)  Superior  confidence  associated  with  extrapolation  when  a  toughened  ceramic 
is  used  at  the  optimum  value  of  the  strengthening  index,  a.  Note  that  there  is  a  change  in  slope 
from  m  to  m*  when  a  ^  1.  This  change  enables  a  larger  survival  probability  for  the  same  flaw 
population.  It  is  important  to  appreciate  that  levels  of  toughening  having  smaller  values  of  a 
do  not  improve  the  survival  probability. 

with  equal  fidelity,  resulting  in  substantial  differences  in  the  predicted  survival 
probability  (figure  la). 

To  obviate  this  problem  and  to  assure  that  an  acceptable  level  of  confidence 
is  attributed  to  m  and  6'o,  tests  should  be  performed  on  relatively  large  tension 
specimens  to  obtain  data  close  to  the  design  stress  (figure  la).  The  gathering  of 
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such  data  is  costly.  The  costs  can  probably  be  justified  when  the  processing  and 
machining  have  been  standardized  and  subjected  to  a  rigorous  control  regimen, 
such  that  the  flaw  populations  are  stable  and  consistent.  In  this  case,  results 
from  proof  tests  and  field  tests  augment  the  laboratory  data  and  greatly  enhance 
the  confidence  levels  assigned  to  the  design.  Otherwise,  batch-to-batch  variations 
and  deviations  among  machining  runs  result  in  flaw  population  changes  that 
have  to  be  recalibrated  to  provide  the  level  of  confidence  required  for  design.  The 
associated  costs  are  usually  prohibitive.  There  is  a  clear  opportunity  to  implement 
a  processing  regimen  using  a  control  strategy  that  regulates  the  scale  and  shape 
parameters  that  characterize  the  flaw  population. 

(ii)  Toughness  in  design 

An  early  discovery  in  the  quest  for  toughening  mechanisms  was  the  prevalence 
of  resistance-curve  behaviour  (McMeeking  &  Evans  1982;  Green  et  al  1989;  Evans 
1990;  Stump  &  Budiansky  1988).  The  main  focus  of  the  subsequent  research  was 
on  the  quantification  of  the  resistance  through  a  mechanism-based  development 
of  bridging  laws  and  inelastic  constitutive  laws.  However,  all  of  the  approaches 
still  resulted  in  linear  stress-strain  characteristics  upon  tensile  testing.  Since  non¬ 
linearity  was  not  achieved,  the  elastic  design  strategy  described  above  must  still 
be  implemented.  The  toughness  itself  does  not  enter  the  design  code.  Only  its 
influence  on  the  stochastic  strength  parameters,  m  and  So  is  relevant  to  design 
(Kendall  et  al  1986;  Cooke  &  Clarke  1988).  This  influence  can  be  characterized 
by  a  non-dimensional  strengthening  index,  designated  a,  given  by 

a={ao/h,){Arjr^f,  (2.3) 

where  Oq  is  the  initial  flaw  size,  ATg  is  the  steady-state  toughness  elevation, 
the  reference  toughness  in  the  absence  of  the  toughening  mechanism,  and  hs  is 
the  crack  extension  needed  to  reach  steady  state.  This  index  is  a  measure  of  the 
toughening  rate,  as  the  crack  extends.  Its  effect  is  reflected  in  the  magnitude  of 
the  ensuing  strength,  5,  given  by 

S  _  r  -h  ck) 

\  Ck -h  (\/(l  +  Ck)  —  1) 

where  is  the  strength  at  toughness  Tm,  in  the  absence  of  toughening. 

The  key  result  provided  by  this  analysis  is  illustrated  in  figure  16.  When  the 
flaws  are  very  small  (a  <C  1),  fracture  occurs  unstably  and  the  strength  is  unaf¬ 
fected  by  the  toughening.  Conversely,  larger  flaws  are  able  to  experience  stable 
crack  growth  and  the  strength  may  substantially  exceed  the  untoughened  mag¬ 
nitude.  The  transition  between  the  small  and  large  crack  regions  has  particular 
significance  (figure  16).  In  this  region,  the  effective  shape  parameter  m*  becomes 
relatively  large  (m*  >  m).  The  consequence  is  that  the  survival  probabilities, 
estimated  by  extrapolation  from  the  small  flaw  data  obtained  in  typical  labo¬ 
ratory  tests  would  be  conservative,  provided  that  the  processing  and  machining 
flaws  that  dictate  the  strength  near  the  design  stress  satisfy,  a  1.  An  evident 
goal  for  toughening  and  processing  research  is  to  identify  and  incorporate  mech¬ 
anisms  that  enable  a  to  be  of  order  unity  at  the  design  stress.  Such  optimization 
alleviates  (but  does  not  solve)  the  extrapolation  problem. 
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(i)  Stress  redistribution 

Ceramic  matrix  composites  (CMCs)  have  two  characteristics  that  greatly  fa¬ 
cilitate  their  use  as  structural  materials.  (1)  Their  microstructural  design  im¬ 
parts  macroscopic  inelastic  deformation  modes.  These  modes  are  very  efficient 
at  redistributing  stress.  The  important  consequence  is  that  stress  concentrations 
are  largely  eliminated  at  locations  subject  to  large  local  strains.  Sufficient  un¬ 
derstanding  of  the  deformation  has  been  gained  to  enable  the  development  of 
constitutive  laws  which  have  already  been  implemented  in  finite- element  codes 
such  as  ABAQUS  (Xia  &  Hutchinson  1994;  Xia  et  al  1993;  Genin  &  Hutchinson 
1995).  The  calculations  demonstrate  that  the  inelastic  strain  allows  the  stresses 
to  spread  out  and  have  relatively  low  peak  magnitudes. 

(2)  The  design  procedure  compares  the  peak  stresses  to  the  ultimate  strengths, 
in  tension  (uTS)  and  shear,  as  governed  by  the  in  situ  fibre  bundle  strength.  The 
stochastic  parameters  that  govern  the  fibre  bundle  strength  are  ‘design  friendly’. 
In  particular,  the  shape  parameter,  m,  is  quite  large  (small  variability)  because 
the  strength  is  controlled  by  multiple  fibre  failures,  rather  than  the  weakest  link 
(Curtin  1991).  This  distribution  approaches  a  Gaussian  form  (as  in  metals)  and 
designers  use  standard  deviations  to  obtain  design  allowables,  enabling  a  high 
confidence  level  to  be  assigned  to  the  survival  probability. 

(ii)  Inelastic  strains 

The  inelastic  deformation  of  woven  or  laminated  0/90  CMCs  in  both  tension  and 
shear,  occurs  in  accordance  with  one  of  two  behaviours,  designated  class  II  and 
class  III  (Evans  &  Zok  1994).  The  former,  are  ‘matrix  dominated’.  The  inelastic 
strains  are  largely  determined  by  matrix  cracking,  with  interface  debonding  and 
frictional  slip.  The  UTS  is  dictated  by  the  fibre  failure  characteristics.  In  the 
class  III,  ‘fibre  dominated’  CMCs,  the  inelastic  tensile  strains  are  controlled  by 
the  fibres,  whereas  the  inelastic  shear  strains  are  governed  by  matrix  damage. 
In  both  types  of  CMC,  stress  redistribution  is  dominated  by  the  inelastic  strains 
arising  from  matrix  damage,  particularly  those  in  shear  and  in  ±45  tension,  which 
occur  at  the  lowest  stress  levels  (figure  2). 

(iii)  Design  calculations 

Representative  design  calculations  for  CMCs  are  used  to  illustrate  the  impor¬ 
tance  of  stress  redistribution  mechanisms.  Calculations  have  been  performed  for 
tensile  plates  containing  holes  or  slots.  Others  have  been  conducted  for  pin-loaded 
holes  in  order  to  simulate  mechanical  attachments  made  to  either  superalloy  or  Ti 
alloy  supports  (figure  3).  Experimental  comparisons  obtained  using  Moire  inter¬ 
ferometry  substantiate  the  fidelity  of  the  calculations  (Cady  et  al  1994;  Mackin 
et  al  1995;  Genin  &  Hutchinson  1995).  These  measurements  give  the  full  strain 
distribution  around  the  hole. 

Both  the  calculations  and  Moire  measurements  illustrate  the  difference  between 
class  II  and  class  III  CMCs.  For  the  former,  strain  concentrations  persist.  Yet,  the 
stress  concentration  is  small  because  the  inelastic  deformation  caused  by  matrix 
cracking  provides  an  effective  means  of  redistributing  stress.  Conversely,  for  class 
HI  CMCS,  the  shear  strain  localizes  into  bands,  causing  both  the  strain  and  stress 
concentrations  to  be  substantially  reduced. 
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Figure  2.  Typical  stress-strain  curves  for  CMCs:  (a)  tension;  (6)  shear.  The  class  II  CMCs  are 
represented  by  the  solid  lines  and  the  class  III  CMCs  by  the  dotted  lines. 


Figure  3.  A  pin  loaded  hole  test  performed  on  SiC-CAS  showing  the  stress  across  the  net  section. 
The  calculated  and  measured  values  are  indicated.  The  stresses  are  obtained  from  the  strains 
by  Moire  interferometry.  This  can  be  done  because  the  lateral  strains  are  essentially  zero. 


The  stress-strain  calculations  and  measurements  are  not  in  complete  accor¬ 
dance  with  other  experimental  findings  for  sharp  notches.  Tension  tests  reveal 
notch  insensitive  strengths,  indicative  of  the  material’s  ability  to  completely  elim¬ 
inate  stress  concentrations  (figure  4).  Such  behavior  is  not  predicted  by  inelastic 
FEM  calculations.  The  implication  is  that  another  stress  redistribution  mecha¬ 
nism  operates  in  CMCs.  It  is  believed  that  fibre  pull-out  is  the  operative  mecha¬ 
nism  (figure  4),  When  fibres  begin  to  fail  near  the  slot,  their  stochastics  dictate 
a  spatial  distribution  of  fibre  failure  sites.  This  causes  pull-out  to  occur  at  the 
matrix  cracks,  which  reduces  the  stress  on  the  intact  fibres  and  enables  additional 
load  to  be  imposed  before  catastrophic  failure  occurs  in  the  composite  (Bao  & 
Suo  1993).  A  complete  simulation  capability  for  design  purposes  requires  that 
this  pull-out  effect  be  included.  This  implementation  is  in  progress. 
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Relative  Notch  Size,  a^b 

Figure  4.  The  notch  insensitive  behaviour  found  for  two  class  II  CMCs.  The  inset  shows  the 
pull-out  mechanism.  This  combines  with  the  inelastic  strain  mechanism  provided  by  matrix 
cracking  to  eliminate  the  stress  concentration  at  the  notch. 


3.  Inelastic  deformation  mechanisms 

{a)  Basic  concepts 

Brittle  matrix  composites  exhibit  inelastic  deformations  when  microcracks  are 
stabilized.  This  is  achieved  by  using  either  fibre  coatings  or  porous  matrices  to 
deviate  cracks  toward  the  loading  axis  (figure  5),  in  accordance  with  the  con¬ 
cept  originally  proposed  by  Cook  &:  Gordon  (1968).  The  resultant  composite 
microstructure  and  the  ensuing  mechanical  responses  (Tu  et  al  1995)  resemble 
those  found  in  various  naturally  occurring  materials,  such  as  wood.  The  funda¬ 
mental  requirement  is  that  the  crack  deviating  sites  be  homogeneously  dispersed 
and  have  a  low  shear  debond  energy  relative  to  the  fracture  energy  F^  of  the 
fibre  bundles.  The  most  stringent  stabilization  requirement  arises  when  there  are 
no  residual  stresses.  It  is  given  by  (He  &  Hutchinson  1989) 

Ti  <  in.  (3.1) 

Residual  compression  in  the  deviation  zone  facilitates  crack  stabilization  (fig¬ 
ure  5).  Once  the  deviation  criterion  has  been  satisfied,  the  extent  of  the  inelastic 
strain  is  governed  primarily  by  the  number  density  of  deviation  sites  and  the 
friction  stress  that  operates  along  the  debonded  surfaces.  Two  cases  have  been 
considered.  (1)  Composites  that  use  a  fibre  coating  to  deviate  the  cracks  -  des¬ 
ignated  CMC-Cs.  (2)  Composites  that  use  a  porous  matrix  for  crack  deviation 
purposes  -  designated  CMC-Ms  (figure  5). 

The  inelastic  strain  of  woven  or  laminated  0/90  CMCs  increases  and  the  flow 
stress  decreases  as  the  principal  stresses  deviate  from  the  fibre  axis  (Cady  et  al 
1995).  The  lowest  strains  and  the  largest  stresses  obtain  for  0/90  tensile  loading. 
The  largest  strains  and  smallest  stresses  occur  for  shear  loading:  although  off-axis 
tensile  loading  between  30  and  45°  induces  similar  large  strains.  Fibre  failure  only 
contributes  to  the  inelastic  strains  upon  0/90  tensile  loading. 
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Figure  5.  The  two  concepts  for  deviating  cracks  and  inducing  frictional  dissipation  along  the 
debonded  surfaces,  (a)  The  use  of  a  fibre  coating  to  give  an  interphase  capable  of  debonding, 
followed  by  friction.  (6)  A  porous  matrix,  combined  with  residual  compression,  that  causes 
debonding  by  H-cracking,  with  subsequent  friction. 


(6)  Dehonding  and  friction 

Shear  debonding  is  commonly  encountered  in  thin  brittle  layers.  It  comprises 
the  formation  and  eventual  coalescence  of  microcracks  en  echelon  within  a  co¬ 
hesive  zone.  The  associated  fracture  energy  is  (Xia  et  al.  1994)  Fi  ~  dTo,  where 
Fq  is  the  mode  I  fracture  toughness  of  the  material  in  the  layer.  Recall  that  for 
debonding,  inequality  (3.1)  must  be  satisfied,  (3.5).  This  very  stringent  require¬ 
ment  eliminates  all  but  a  few  .debond  concepts  (Davis  et  al  1993;  Kerans  1994). 
The  microcracks  behind  the  debond  coalescence  and  fragment  the  layer.  This 
process  induces  friction  at  contacting  asperities,  resulting  in  a  slip  zone  subject 
to  a  friction  stress,  r.  This  stress  is  found  to  have  essentially  constant  magnitude 
within  the  slip  zone,  although  it  varies  among  the  different  CMCs,  from  about 
2  MPa  in  SiC-LAS  to  about  100  MPa  in  SiC-SiC  (Evans  &  Zok  1994).  It  also 
diminishes  upon  cyclic  loading  and  increases  upon  oxidation. 

Qualitative  models  indicate  that  r  is  affected  primarily  by  the  roughness  am¬ 
plitude  behind  the  debond  (Parthasarathy  et  al  1994).  The  residual  stress,  the 
elastic  compliance  of  the  circumventing  material  and  the  friction  coefficient  may 
also  be  important.  Present  understanding  is  sufficient  to  allow  r  to  be  system¬ 
atically  varied  when  fibre  coatings  are  used.  This  is  achieved  by  adjusting  the 
coating  thickness,  its  porosity  and  the  matrix  compliance. 

(c)  Stochastic  fibre  failure 

In  CMCs  having  fibre  coatings,  the  stochastics  of  fibre  failure  are  well  estab¬ 
lished  (Curtin  1991).  When  the  debond  and  friction  stresses  are  both  relatively 
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low,  the  stress  concentration  that  would  otherwise  develop  in  the  circumventing 
material  is  eliminated.  This  feature  enables  fibre  failures  to  occur  in  a  spatially 
uncorrelated  manner,  resulting  in  global  load  sharing  (gls)  characteristics.  In 
such  cases,  friction  allows  stress  transfer  between  the  fibre  and  the  matrix.  The 
consequence  is  that,  beyond  a  slip  length  /,  the  stress  in  the  fibre  is  unaffected 
by  the  existence  of  the  failure  and  I  dictates  the  gauge  length  governing  the  fibre 
bundle  strength.  The  ultimate  tensile  strength  is  given  by 

=  /ScF(m),  (3.2) 

where  /  is  the  fibre  volume  fraction.  Sc  is  the  characteristic  strength  and  F(rn)  ^ 

O. 7.  The  fibre  failures  also  produce  a  small  inelastic  strain  upon  loading  along  the 
fibre  axis.  This  strain  has  some  importance  in  class  III  CMCs. 

Stress  concentrations  in  the  fibres  caused  by  unbridged  matrix  cracks  may 
reduce  the  UTS  below  the  GLS  level.  The  extent  of  such  stress  concentrations 
is  governed  by  a  stress  concentration  index,  rj,  in  accordance  with  the  relation 
(Budiansky  &  Cui  1994;  Xia  et  al  1994), 

5/5„  =  y[l  +  ivpn  (3-3) 

with 

3TTpEfE^aT 

{1  -  f)'^ElERSA' 

where  a  is  the  size  of  the  largest  unbridged  crack  or  manufacturing  flaw,  /  is 
again  the  fibre  volume  fraction  and  A  is  an  anisotropy  coefficient.  The  quantity 

P,  which  depends  on  /,  and  Ef/E^  is  a  large-scale  slip  coefficient.  For  typical  / 
and  Ef/E^,  /3  rii  “  ^  In  0/90  CMCs,  a  is  typically  the  ply  dimension,  h,  although 
manufacturing  flaws  could  cause  a  to  exceed  h  in  severe  cases.  Note  that  rj  must 
exceed  unity  before  there  is  a  significant  reduction  in  the  UTS  below  the  GLS 
value.  Imposing  this  condition  yields  a  maximum  acceptable  r  that  ensures  the 
GLS  strength,  Tmax  ~  50  MPa.  Otherwise  the  strength  will  be  lower  than  the 
GLS  magnitude  and  the  material  would  have  a  diminished  inelastic  tensile  strain 
capacity. 


(d)  Matrix  cracking 

An  understanding  of  the  important  role  of  matrix  cracking  has  been  gained 
from  studies  performed  on  0/90  composites  having  fibre  coatings  that  control 
debonding  and  friction.  These  have  mostly  been  class  II  CMCs  that  exhibit  consid¬ 
erable  inelastic  strain  in  both  tension  and  shear.  However,  the  resulting  method¬ 
ology  appears  to  be  more  general,  though  phenomenological. 

Two-cell  models  represent  most  of  the  features  found  upon  loading  class  II 
CMC-Cs  in  the  0/90  orientation  (Xia  et  al  1994;  Hutchinson  &  Jensen  1990).  One 
model  is  for  cracks  that  first  form  in  the  90°  plies  (figure  6a) .  The  other  represents 
cracks  that  penetrate  the  0°  plies  (figure  65) .  Cracks  in  either  woven  or  laminated 
0/90  CMCS  form  first  in  the  90°  plies  by  tunnelling  at  a  critical  strain  Ct,  given  by 

et^T  -  gVi^rjh)  -  ctr,  (3.4) 

where  is  the  matrix  fracture  energy,  ctr  is  the  ply  level  residual  stress,  E  is 
the  composite  Young’s  modulus,  Et  is  the  transverse  Young’s  modulus,  h  is  the 
ply  thickness  and  ^  is  a  coefficient  of  order  unity  that  depends  on  the  transverse 
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Figure  6.  (a)  The  ply  cracking  model  for  a  0/90  CMC  tested  in  tension.  The  associated 
stress-strain  curve  indicates  the  inelastic  strains  from  sequential  matrix  cracking  of  the  90° 
and  0°  plies,  with  the  fibres  intact. 


attachment  between  the  fibres  and  the  matrix.  At  strains  just  above  this  critical 
condition  there  is  a  rapid  change  in  the  inelastic  strain  (figure  6a). 

Upon  subsequent  loading,  as  the  cracks  penetrate  the  0°  plies,  they  interact 
with  the  fibres  and  the  coating.  When  debonding  and  slip  occur  within  the  coat¬ 
ing,  the  inelastic  strain  may  be  characterized  by  two  stresses:  a  friction  stress 
T,  and  a  debond  stress  ap  The  latter  is  related  to  the  debond  toughness  for  the 
coating  (Hutchinson  &  Jensen  1990;  Budiansky  et  al  1995).  The  strain  e  depends 
on  the  stress  a  acting  on  the  0°  plies,  in  accordance  with  (Domergue  et  al  1995) 

e  =  2La^{l  -  +  Ui  +  2^^)  +  (1  +  E^)a/E,  -  a^/E,  (3.5) 

where  E[  is  the  non-dimensional  debond  stress,  Uj  =  cn/o-,  E^  is  the  diminished 
elastic  modulus  caused  by  matrix  cracking  and  L  is  an  interface  friction  index, 
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Figure  6.  (b)  The  cell  model  for  cracking  of  the  0°  plies.  The  interface  responses  are  characterized 
by  a  debond  energy  and  a  friction  stress.  These  determine  the  inelastic  strain  in  the  presence  of 
a  matrix  crack. 


given  by 

iPTdE^ 

with  d  being  the  crack  spacing  and  the  coefficients  ai  and  are  of  order  unity 
(defined  in  the  paper  by  Hutchinson  &  Jensen  (1990)).  Note  that  the  influence 
of  friction  on  the  strain  appears  as  a  product,  rd,  of  the  friction  stress  and  the 
crack  spacing.  Separate  determination  of  r  is  not  required  for  simulation  of  the 
strains. 

It  has  been  demonstrated  that  L  and  Ei  can  be  evaluated  by  using  hysteresis 
strain  measurements,  upon  plotting  the  tangent  compliance  as  a  function  of  stress 
(Fryce  &  Smith  1993;  Domergue  et  1995;  Cady  et  al  1995).  L  is  obtained 
from  the  slope,  from  the  intercept  and  Ei  from  the  slip-no-slip  transition 
stress.  With  these  parameters  determined,  can  be  evaluated  from  the  remanent 
strain.  The  parameters  obtained  directly  from  the  hysteresis  measurements  enable 
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the  strains  to  be  simulated.  Such  simulations  have  two  roles,  (1)  They  afford  a 
consistency  check  on  the  methodology. 

(2)  They  provide  understanding  about  the  separate  influences  on  the  strain 
provided  by  debonding,  friction  and  matrix  cracking. 


4.  Degradation  by  oxidation  embrittlement 

All  non-oxide  CMCs  are  susceptible  to  a  ‘pest’  phenomenon  that  operates  at 
intermediate  temperatures,  between  500  and  900  (figure  7).  The  degradation 
happens  most  readily  at  strain  concentration  sites,  where  matrix  cracks  have 
been  created  upon  loading.  These  matrix  cracks  become  pathways  for  the  rel¬ 
atively  rapid  ingress  of  oxygen  into  the  material  (Brennan  1986;  Heredia  et  al 
1995;  Naslain,  this  volume).  When  the  fibres  and  the  coatings  are  non-oxides, 
the  oxygen  reacts  to  form  both  solid  and  gaseous  products  (Raj  1993).  There 
are  two  consequences.  (1)  The  fibres  are  weakened,  because  of  flaws  and  residual 
stresses  induced  by  the  solid  reaction  product.  (2)  The  friction  stress  changes 
and  increases  the  stress  concentration  on  the  fibres  at  the  perimeter  of  the  cracks 
in  the  90°  plies  (equation  (3.3)).  The  degradation  in  the  fibre  strength  combines 
with  the  increase  in  stress  concentration  to  embrittle  the  composite.  Typically, 
the  embrittlement  commences  at  the  external  surface  and  progressively  extends 
inward,  manifest  as  a  region  exhibiting  negligible  fibre  pull-out.  When  the  em¬ 
brittled  region  has  progressed  to  a  sufficient  extent,  the  remaining  composite  is 
unable  to  sustain  the  load. 

Three  approaches  are  being  used  to  address  this  debilitating  problem:  (1)  an  all 
oxide  composite,  (2)  multiple  fibre  coatings,  and  (3)  kinetic  retardation  through 
coating  and  fibre  chemistry  selection. 

( a )  Oxide  composites 

Three  different  oxide  CMCs  have  been  devised.  Two  are  fibre-coated  CMC~Cs 
that  use  either  a  fugitive  carbon  coating  (Davis  et  al  1994)  or  a  low  toughness 
LaP04  coating  (Morgan  et  al  1994).  The  carbon  coating  protects  the  fibre  upon 
matrix  infiltration  and  may  then  be  eliminated  to  form  a  gap.  The  gap  is  chosen 
to  be  small  enough  to  allow  asperity  contact  between  the  fibres  and  matrix  to 
provide  the  requisite  friction,  which  then  controls  the  inelastic  strains.  Such  CMCs 
gradually  degrade  at  high  homologous  temperatures  because  the  matrix  sinters 
to  the  fibres  and  introduces  flaws  that  cause  weakening. 

The  third  is  a  CMC-M  concept  (figure  5)  that  relies  upon  a  porous  matrix  to 
deviate  cracks  (facilitated  by  residual  compression).  A  fibre  coating  is  not  required 
(Tu  et  al  1995).  Such  composites,  exemplified  by  alumina-mullite,  exhibit  class 
III  deformation  characteristics.  That  is,  stress  redistribution  is  provided  by  the 
inelastic  shear  strain,  enabled  by  two  key  requirements.  (1)  The  matrix  infiltration 
and  heat  treatment  are  performed  at  a  sufficiently  low  temperature  to  ensure  that 
fibre  degradation  is  suppressed,  (2)  The  porosity  of  the  matrix  and  the  residual 
stress  are  controlled  at  levels  that  satisfy  debonding  requirements. 

A  present  performance  limitation  arises  because  all  commercial  oxide  fibres  are 
based  on  alumina.  Such  fibres  have  relatively  low  creep  strength  at  temperatures 
above  about  1000  °C.  Moreover,  these  polycrystalline  oxides  have  low  thermal 
conductivities,  leading  to  poor  heat  dissipation  from  regions  subject  to  high  heat 
flux.  This  induces  high  temperatures  in  the  CMC  causing  an  exacerbation  of  the 
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Figure  7.  The  phenomena  that  occur  during  oxidation  embrittlement.  The  top  view  illustrates 
that  O2  diffuses  through  the  matrix  cracks  and  reacts  with  the  exposed  non-oxide  fibres  in  the 
bridging  zone,  within  the  0°  plies,  to  form  an  oxide.  This  oxide  layer  weakens  the  fibres  and 
causes  them  to  fail.  The  crack  then  extends  and  the  process  repeats.  The  phenomenon  is  similar 
to  high  temperature  stress  corrosion  cracking.  It  can  be  characterized  in  the  same  manner, 
shown  on  the  bottom,  through  reaction  and  diffusion  controlled  regimes  of  crack  propagation, 
dependent  on  the  stress  intensity  factor,  K. 

fibre  creep  problem.  Because  of  these  limitations,  the  development  of  creep  resis¬ 
tant  oxide  fibres  continues. 


(&)  Multiple  coatings 

Multiple  coating  concepts  have  been  suggested  that  have  the  potential  for  elimi¬ 
nating  embrittlement  in  non-oxide  CMCs  (Kerans  1995;  Naslain,  this  volume).  One 
such  concept  proposes  a  triple  coating.  Two  of  the  coatings  would  be  comprised  of 

Phil.  Trans.  R.  Soc.  Land.  A  (1995) 


525 


Ceramics  and  ceramic  composites 

mullite,  which  is  chemically  compatible  with  SiC,  The  third,  located  between  the 
other  two,  is  a  fugitive  C  coating.  In  principle,  the  thickness  of  this  coating  could 
be  chosen  to  control  the  friction  stress,  but  the  concept  has  yet  to  be  tried.  A 
SiC-SiC  composite  with  such  a  coating  system  should  exhibit  attractive  thermal 
properties. 


(c)  Kinetic  retardation 

By  understanding  the  embrittlement  mechanism,  its  kinetics  could  be  specified 
and  lifetime  predictions  used  to  evaluate  the  acceptability  of  each  CMC  for  spe¬ 
cific  applications.  The  phenomena  that  govern  the  embrittlement  are  illustrated 
on  figure  7.  Oxygen  from  the  environment  migrates  into  the  narrow  matrix  cracks. 
Some  of  the  oxygen  diffuses  into  the  fibres  and  forms  an  oxide  reaction  product. 
This  reaction  consumes  some  of  the  incoming  oxygen.  The  consequence  is  a  time 
evolution  of  the  oxygen  concentration  in  the  cracks.  When  the  oxide  reaches  a 
critical  thickness,  all  of  the  exposed  fibres  within  the  crack  fail  and  the  crack 
extends  by  an  amount  equal  to  the  fibre  bridging  zone  size.  A  new  bridging 
zone  of  pristine  fibres  is  then  exposed  and  the  process  repeats.  Analysis  of  this 
phenomenom  (Evans  et  al  1995)  has  indicated  a  power  law  dependence  of  the 
failure  time  on  the  applied  stress.  However,  the  major  material  factor  affecting 
the  embrittlement  kinetics  is  the  diffusivity  in  the  oxide,  Do-  This  is  dramatically 
influenced  by  purity,  especially  if  it  is  silica-based.  Small  amounts  of  B  and  al¬ 
kalies  (Ca,  Mg,  etc.),  profoundly  increase  Dq.  High-purity  fibres  thus  provide  an 
opportunity  to  retard  embrittlement  and  enhance  the  life  expectancy  of  non-oxide 
CMOS. 


5.  Opportunities 

Ceramics  have  the  disadvantage  that  weakest  link  statistics  must  be  used  for 
design.  It  is  crucially  important  that  the  survival  probabilities  associated  with 
design  stress  levels  be  specified  with  high  confidence.  In  turn,  this  requires  an 
intelligent  processing  regimen,  using  a  control  model  that  regulates  the  stochastic 
strength.  Applying  such  a  regimen  has  particular  advantages  when  a  toughened 
ceramic  is  used,  because  of  the  diminished  variability  and  the  greater  confidence 
associated  with  data  extrapolation. 

The  research  challenges  for  CMCs  are  quite  different.  Their  inelastic  deforma¬ 
tion  enables  the  application  of  ‘Gaussian’  statistics,  enabling  the  implementation 
of  familiar  design  rules  used  for  metal  and  polymer  composites.  The  problems 
concern  high  temperature  degradation.  For  non-oxide  CMCs,  oxidation  embrit¬ 
tlement  is  the  most  debilitating.  Retarding  the  degradation  requires  research  on 
multiple  coating  concepts  as  well  as  on  the  development  of  fibres  having  high 
purity  and  acceptable  manufacturing  costs.  High-purity  SiC  fibres  appear  to  be 
the  only  realistic  material.  However,  embrittlement  would  still  be  life  limiting  and 
its  kinetics  ultimately  govern  the  applications. 

Oxide-oxide  CMCs  present  different  challenges.  In  these  materials,  fibre  creep 
limits  performance.  Affordable  single  crystal  fibre  growth  is  impractical.  Among 
the  affordable  poly  crystalline  oxides,  mullite  is  the  material  of  choice.  However, 
greater  understanding  is  needed  to  project  the  behaviour  of  oxide  fibres  having 
high  creep  strength. 
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Discussion 

J.  Rodel  {GDP,  Darmstadt,  Germany).  Is  really  large-scale  ductility  -  in  the 
sense  of  an  irreversible  displacement  in  the  stress-strain  curve  -  needed,  or  just  a 
local  ductility  to  mitigate  damage  in  a  local  scale,  by,  say,  an  incoming  particle? 

A.  G.  Evans.  If  you  think  of  large  structural  components  with  holes  the  size  of 
millimetres,  large-scale  ductility  is  needed,  but  not  a  lot.  Ductility  less  than  1% 
is  sufficient. 
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Quantum  mechanical  predictions 
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Materials  modelling  involves  research  that  spans  the  very  broad  spectrum  of 
length  scales  from  quantum  mechanical  calculations  at  the  A  level  all  the  way 
through  to  finite-element  or  finite-difference  modelling  at  the  continuum  level. 
This  paper  reviews  the  role  that  quantum  mechanics  plays  in  the  modelling  hi¬ 
erarchy  with  particular  reference  to  the  titanium  and  nickel  aluminides. 


1.  Introduction 

The  prediction  of  the  properties  of  high-temperature  intermetallics  involves  re¬ 
search  that  spans  the  very  broad  spectrum  of  length  scales  from  quantum  me¬ 
chanical  calculations  at  the  A  level  all  the  way  through  to  finite-element  or  finite- 
difference  modelling  at  the  continuum  level.  The  spectrum  divides  naturally  into 
four  different  hierarchies  or  levels,  namely  the  electronic,  atomistic,  microstruc- 
tural,  and  continuum  as  shown  in  figure  1.  We  can  loosely  think  of  these  as  em¬ 
bracing  the  domains  of  the  physicist  and  chemist  (the  solution  of  the  Schrodinger 
equation  and  the  nature  of  the  chemical  bond  describing  the  interaction  between 
the  atoms  respectively),  the  materials  scientist  (the  evolution  of  microstructure), 
and  the  engineer  (the  modelling  of  processing) .  In  this  paper  we  are  interested  in 
bridging  the  gap  between  the  electronic  and  atomistic  hierarchies.  In  a  following 
paper  Rappaz  (this  volume)  will  address  the  question  of  how  the  gap  is  bridged 
between  the  microstructural  and  continuum  hierarchies. 

In  intermetallics  the  unsaturated  covalent  bonds  between  different  atomic  spe¬ 
cies  result  in  several  important  properties.  First,  perhaps  the  most  important, 
they  tend  to  be  very  strong  and  stiff,  their  strength  and  stiffness  being  main¬ 
tained  up  to  high  temperature.  Morever,  some  intermetallics  such  as  NisAl  show 
an  anomalous  sharp  rise  in  strengh  with  increasing  temperature.  Such  a  unique 
property  makes  intermetallics  even  more  attractive  as  high- temperature  materi¬ 
als.  Second,  they  often  show  good  oxidation  resistance.  For  example,  in  the  case 
of  NiAl  which  has  a  higher  melting  point  than  those  of  the  constituent  elements, 
strong  bonds  between  aluminium  and  nickel  make  their  aluminium  reservoir  sta¬ 
ble  up  to  a  high  temperature  and  result  in  a  remarkable  high-temperature  oxi¬ 
dation  resistance.  Third,  those  compounds  based  on  light  elements,  such  as  TiAl 
and  TisAl,  can  have  very  low  densities.  The  low  density  combined  with  the  high 
strength  and  stiffness  give  rise  to  very  attractive  specific  properties,  which  are 
especially  important  for  rotating  machinery  and  aerospace  applications  (Yam- 
aguchi  &  Inui  1993).  Unfortunately,  at  the  same  time,  the  directional  nature  of 
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Figure  1.  Hierarchy  of  models  in  materials  research. 

the  covalent  bond  between  different  atomic  species  tends  to  cause  intermetallics 
to  be  brittle  at  low  temperatures.  Therefore  they  are  unlikely  to  find  extensive 
engineering  application,  unless  ways  can  be  found  to  overcome  this  brittleness. 
Because  of  their  great  promise,  there  is  a  lot  of  effort  to  understand  the  origin  of 
their  brittleness. 

A  fundamental  study  of  the  deformation  behaviour  of  intermetallics  requires 
a  realistic  description  of  the  bonding  between  the  different  constituent  atoms. 
Simple  pair  potentials  or  the  more  recently  developed  embedded  atom  or  Finnis- 
Sinclair  potentials  cannot  explain  the  origin  of  the  brittleness  since  the  explicit 
directional  character  of  the  bonding  is  neglected.  To  solve  this  problem  we  are 
required  to  bridge  the  gap  between  the  electronic  and  atomistic  levels  in  the 
modelling  hierarchies  and  to  derive  interatomic  potentials  that  are  firmly  based 
on  the  quantum  mechanical  predictions  of  the  Schrodinger  equation.  Recently, 
a  novel  angular-dependent  interatomic  potential  has  been  obtained  within  the 
two-centre  tight-binding  approximation  in  which  the  directional  character  of  the 
bonding  is  included  explicitly  from  the  outset  (Pettifor  1989).  Moreover,  the 
many-atom  expansion  for  this  so-called  bond  order  potential  (bop)  has  been 
shown  to  be  not  only  exact  but  also  rapidly  convergent  (Aoki  1993),  The  BOP 
scheme  is  an  O(A’)  method,  in  which  the  number  of  arithmetic  operations  grows 
linearly  with  the  system  size  N.  The  BOPs  may  be  used  therefore  for  the  atomistic 
modelling  of  very  large  systems  in  the  studies  of  defects  such  as  dislocation  cores 
and  interfaces. 

The  development  of  the  BOP  for  a  given  system  requires  the  appropriate  tight- 
binding  parameters  as  input.  Since  the  two-centre,  orthogonal  tight-binding  ap¬ 
proach  is  semi-empirical  the  tight-binding  parameters  and  their  distance  depen¬ 
dence  must  be  fitted  to  theoretically  predicted  local  density  functional  band  struc¬ 
ture  and  binding  energy  curves  of  both  the  ground  state  and  metastable  phases, 
as  has  been  done  with  great  success  for  silicon  (Goodwin  et  at  1989). 

The  purpose  of  this  paper  is  to  make  a  systematic  first-principles  study  of 
the  bonding  of  the  3d  and  4d  transition  metal  aluminides  and  to  generate  an 
ab  initio  database  by  solving  the  Schrodinger  equation  at  the  electronic  level. 
Particular  attention  will  be  paid  to  possible  competing  phases  with  respect  to  the 
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ground  state  structures  LIq  for  TiAl  and  B2  for  NiAl  which  are  the  promising 
candidates  for  new  high-temperature  structural  materials  (Darolia  1991;  Dimiduk 
1992).  This  database  will  then  be  used  to  fit  reliable  transferable  tight-binding 
parameters  for  TiAl  and  NiAl  to  perform  defect  simulations  at  the  atomistic  level 
using  the  novel  angularly  dependent  BOPs  (Pettifor  et  al  1995). 


2.  Ab  initio  binding  energy  database 

(a)  Local  density  functional  theory 

Application  of  electron  theory  to  understanding  and  predicting  the  properties 
of  metals  and  alloys  needs  a  reliable  method  for  computing  the  stability  of  an 
arbitrary  collection  of  atomic  nuclei  and  electrons  from  first  principles,  that  is, 
without  resorting  to  experimental  input  other  than  universal  constants.  As  one 
of  the  first-principles  approaches,  density  functional  theory  is  an  exact  theory 
for  the  total  ground  state  energy  of  a  system  of  electrons  and  fixed  nuclei  (Ho- 
henberg  &  Kohn  1964;  Kohn  &  Sham  1965).  Within  the  so-called  local  density 
approximation  (lda),  the  exchange-correlation  energy  density  is  assumed  to  be 
that  of  a  homogeneous  electron  gas  with  the  same  density  as  that  seen  locally 
by  the  electron.  The  total  LDA  energy  is  then  a  unique  functional  of  the  electron 
density  n(r),  namely 


U^[n]  =  E  -  9 


drdr 


,n{r)n{r') 


d^rn{r)iji^c{r)  + 


The  first  contribution,  the  band  energy,  is  the  sum  of  occupied  eigenvalues  Ei 
obtained  by  solving  the  one-electron  Schrodinger  equation  with  an  effective  po¬ 


tential  Wff  given  by 


T4ff  comprises  three  terms:  the  external  potential  due  to  the  positive  nuclei,  the 
averaged  electrostatic  potential  of  the  electron  gas  or  Hartree  potential,  and  the 
exchange-correlation  potential  (which  is  the  functional  derivative  of  Uxc  with 
respect  to  n).  The  electronic  density  can  be  constructed  from  the  eigenfunctions 
of  the  Schrodinger  equation  by  using 


i,occ 


(2.3) 


The  second,  third  and  fourth  contributions  to  (2.1)  correct  for  the  double-coun¬ 
ting  of  the  electrostatic  and  exchange-correlation  energies,  respectively,  because 
the  eigenvalue  Ei  contains  the  potential  energy  of  interaction  with  the  jth  electron 
and  vice  versa.  The  last  contribution  represents  the  ion-ion  Coulomb  interaction. 

All  the  calculated  results  using  self  consistent  LDF  theory  must  be  regarded  as 
essentially  the  solution  to  the  many-body  quantum  mechanical  problem  of  a  sys¬ 
tem  of  electrons  and  nuclei  in  a  solid.  The  solution  of  the  one-electron  Schrodinger 
equation  can  be  obtained  numerically  through  one  or  other  of  the  many,  well 
developed  band  structure  methods.  They  involve  expanding  the  eigenfunctions 
'ipi{r)  in  basis  set  functions  (e.g.  plane-waves,  muffin-tin  orbitals,  etc.).  The  cal- 
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Table  1.  Characterization  of  twelve  different  structure  types 


structure 

spacegroup 

local  coordination 

Llo 

CuAu 

P4/mmm 

123 

(8A1+4TM)  +  6TM 

40 

Kanamori 

14 1  /amd 

141 

(8A1+4TM)  +  (2AH-4TM) 

Lli 

CuPt 

R3m 

166 

(6AH-6TM)  +  6A1 

B19 

AuCd 

Pmma 

51 

(8AH-4TM)  +  6TM 

B2 

CsCl 

Pm3m 

221 

8A1  6TM 

B32 

NaTl 

Fd3m 

227 

(4A1+4TM)  +  6A1 

Bll 

CuTi 

P4/nmm 

129 

(4A1+4TM)  +  (2AH-4TM) 

B33 

CrB 

Cmcm 

63 

7A1  +  lOTM 

B20 

FeSi 

P2i3 

198 

7A1  +  6TM 

B27 

FeB 

Pmna 

62 

7A1  +  lOTM 

B8i 

NiAs 

POs/mmc 

194 

(6A1+2TM)  +6TM 

B1 

NaCl 

Fm3m 

225 

6A1  +  12TM 

culations  in  this  section  are  made  by  using  the  full-potential  linear  muffin-tin 
orbitals  (fp-lmto)  method  (Methfessel  1988)  which  provides  the  smallest  basis 
set  with  a  precision  of  about  10~^  Ry  for  the  total  energy  Ut~  This  accuracy  is 
needed  for  determining  structural  energy  differences  which  are  often  of  the  order 
of  mRy  per  atom.  Since  the  total  energy  Ut  is  of  the  order  of  10^  Ry  per  atom 
this  requires  a  convergence  of  1  part  in  10^. 

(6)  Binding  energy  curves 

In  this  study  the  choice  of  the  competing  structure-types  within  the  transition 
metal  aluminides  is  guided  by  the  two  dimensional  AB  structure  maps  where  the 
observed  ground  state  structures  of  neighbouring  AB  compounds  to  TiAl  and 
NiAl  are  displayed  (Pettifor  1992).  We  find,  as  expected,  that  TiAl  takes  the 
tetragonal  LIq  (CuAu)  structure  type  which,  neglecting  the  tetragonal  distor¬ 
tion,  results  from  ordering  the  titanium  and  aluminium  atoms  with  respect  to 
an  underlying  FCC  lattice  so  that  each  atom  is  surrounded  by  a  local  coordina¬ 
tion  polyhedron  of  twelve  atoms.  On  the  other  hand,  we  find  that  NiAl  takes 
the  cubic  B2  (CsCl)  structure  type  which  results  from  ordering  the  nickel  and 
aluminium  atoms  with  respect  to  an  underlying  BCC  lattice  so  that  each  atom 
is  surrounded  by  a  local  coordination  polyhedron  of  fourteen  atoms  comprising 
eight  first  and  six  second  nearest  neighbours.  Importantly  we  find  that  if  the  3d 
element  Ti  is  replaced  by  isovalent  4d-Zr  or  5d-Hf  then  the  most  stable  structure 
is  not  tetragonal  CuAu  but  orthorhombic  CrB.  Similarly,  we  find  if  the  3d  ele¬ 
ment  Ni  is  replaced  by  isovalent  4d-Pd  or  5d-Pt  then  the  most  stable  structure 
is  not  cubic  CsCl  but  cubic  FeSi  with  only  seven  unlike  nearest  neighbours  in  a 
distorted  first  neighbour  shell  rather  than  the  eight  of  CsCl. 

In  our  investigations,  we  have  included  the  twelve  different  structure  types 
listed  in  table  1.  We  have  grouped  these  structure  according  to  whether  they 
are  close  packed  FCC-like,  HCP-like,  BCC-like  or  some  other  more  open  structure 
type,  respectively.  For  FCC-like  structures,  the  following  structures  were  included: 
Llo  (CuAu),  Lli  (CuPt)  and  40  (Kanamori  phase)  which  correspond  to  stars 
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Figure  2.  Self-consistent  fp-LMTO  binding  energy- volume  curves  amongst  the  3d  transition 
metal  aluminides  with  respect  to  twelve  different  structure  types. 


(100),  (“,  |)  and  (1,  |,0)  respectively  within  the  FCC  Brillouin  zone.  For  HCP- 

like  structures,  we  included  the  only  one  that  is  observed  for  AB  compound 
structures,  namely  B19  (AuCd).  For  the  BCC-like  structures,  we  include  the  B2 
(CsCl),  B32  (NaTl)  and  Bll  (7-CuTi)  structures  which  correspond  to  the  stars 
(100),  (^,  h,  4)  and  (|,  0),  respectively,  within  the  BCC  Brillouin  zone.  The  other 

structures  we  included  are:  B1  (NaCl),  B81  (NiAs),  B20  (FeSi),  B27  (FeB)  and 
B33  (CrB)  which  are  commonly  occuring  structure  types  for  the  pd-bonded  AB 
compounds  (Pettifor  &  Podloucky  1986).  The  local  coordination  polyhedron  that 
surrounds  each  transition  metal  atom  is  given  in  the  last  column  of  table  1  for 
each  structure-type.  The  details  of  the  fp-lmto  calculations  for  all  the  3d  and  4d 
transition  metal  aluminides  will  be  analysed  elsewhere.  Here  we  give  only  some 
results  concerning  the  prediction  of  structural  trends  within  the  transition  metal 
aluminide  compounds. 
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Table  2.  Equilibrium  volume  per  unit  formula  and  bulk  modulus  of  ground  state  for  3d  and  4d 

transition  metal  aluminides 

(-Btheor  is  the  result  from  other  first-principle  calculation.) 


material 

(structure) 

volume/ 

/ - ; - s 

teal  t^al/kexp 

bulk  modulus/Mbar 

Bcz\  (-^exp  or  ^theor) 

ScAl-(B2) 

38.96 

0.95 

0.62 

TiAl-(Llo) 

30.96 

0.95 

1.29 

1.26 

VAl-(Llo) 

27.20 

— 

1.59 

— 

CrAl-(B32) 

24.56 

— 

1.89 

MnAl-(B32) 

23.39 

— 

1.91 

— 

FeAl-(B2) 

22.99 

0.94 

1.88 

1.52,1.83 

CoAl-(B2) 

22.19 

0.95 

1.92 

1.62 

NiAl-(B2) 

22.90 

0.96 

1.84 

1.57,1.87,1.93 

CuAl-(C2/m) 

26.98 

0.96 

1.65 

— 

YA1-(B33) 

47.41 

0.97 

0.66 

— 

ZrAl-(B33) 

37.93 

0.98 

1.08 

— 

RuAl-(B2) 

26.19 

0.94 

2.23 

2.20 

RhAl-(B2) 

25.93 

0.97 

2.16 

— 

PdAl-(B20) 

28.11 

0.98 

2.07 

— 

The  complete  set  of  binding  energy  curves  for  the  3d  transition  metal  alu¬ 
minides  is  given  in  figure  2  where  the  curves  plotted  have  been  scaled  with  re¬ 
spect  to  the  calculated  energy  and  volume  of  the  most  stable  structure.  We  see 
that  the  ground  states  of  the  observed  transition  metal  aluminides  are  predicted 
correctly:  ScAl  in  the  B2  structure,  TiAl  in  the  LIq  structure,  FeAl,  CoAl  and 
NiAl  in  the  B2  structure.  The  B2  structure  is  shown  in  this  figure  to  be  most 
stable  for  CuAl  as  well,  but  this  phase  in  fact  is  predicted  to  become  unstable 
with  respect  to  the  monoclinic  phase  C2/m,  which  has  a  binding  energy  of  about 
4  mRy  per  atom  lower  than  the  B2  phase.  If  vanadium  and  chromium  aluminides 
were  to  exist  in  the  50-50  stoichiometry  then  we  would  predict  VAl  to  be  LIq 
whereas  CrAl  would  be  B32.  We  predict  that  ferromagnetic  state  of  Llo-MnAl 
is  more  stable  than  nonmagnetic  B32  which  is  also  consistent  with  experimental 
observation  (see,  for  example,  Zhang  &  Soffa  1994). 

In  table  2  we  give  the  calculated  equilibrium  volume  and  bulk  modulus  of  the 
ground  state  for  3d  and  4d  transition  metal  aluminides.  We  see  that  the  theoretial 
predictions  compare  very  well  with  the  experimental  data  where  available.  As  ex¬ 
pected,  the  lattice  expands  when  going  from  3d  to  4d  transition  metal  aluminides. 
The  structural  stability  of  the  transition  metal  aluminides  is  presented  in  figure 
3  where  the  structural  energy  difference  relative  to  B2  is  plotted  as  a  function  of 
the  average  number  of  valence  electron  per  atom.  We  note  that  the  changes  in 
energy  AU  between  competing  structure-types  are  indeed  varying  from  10“^  to 
10"^  Ry  per  atom  as  mentioned  in  the  previous  section.  We  find  the  structural 
trend  from  B2  (BCC-like)  to  LIq  (FCC-like)  to  B19  (HCP-like)  to  B2  (BCC-like) 
as  function  of  the  average  number  of  electrons  per  atom.  This  trend  is  different 
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Figure  3.  Structural  energy  differences  relative  to  the  B2  structure  for  the  3d-transition  metal 

aluminides. 


from  that  for  the  pure  nonmagnetic  transition  metals  where  we  go  from  HCP  to 
BCC  to  HCP  to  FCC  across  the  series.  Thus,  the  structural  stability  depends  on 
the  angular  character  of  the  valence  orbitals  taking  part  in  the  bonding.  We  will 
explain  the  origin  of  the  structural  trend  across  the  transition  metal  aluminides 
in  the  next  subsection. 


(c)  Focus  on  TiAl  and  NiAl 

Titanium  aluminide  and  nickel  aluminide  are  the  two  representative  compounds 
at  the  beginning  and  end  of  the  transition  metal  aluminides.  The  binding  energy 
curves  of  these  two  compounds  and  also  those  of  corresponding  4d  compounds 
ZrAl  and  PdAl  are  shown  in  figure  4.  We  see  that  B33  (CrB)  is  predicted  to  be 
the  closest  metastable  phase  to  the  LIq  ground  state  of  TiAl,  being  about  3  mRy 
per  atom  higher  in  energy.  Other  nearby  competing  phases  are  B19  (AuCd),  an 
ordered  structure  type  with  respect  to  the  HCP  lattice,  being  3.4  mRy  per  atom 
higher  in  energy  and  the  Kanamori  phase  labelled  40  which  is  an  ordered  struc¬ 
ture  type  with  respect  to  the  FCC  lattice.  We  observe  that  the  LDA  calculations 
predict  correctly  that  ZrAl  take  the  B33  (CrB)  structure  with  LIq  as  the  closest 
metastable  phase.  On  the  other  hand,  at  the  end  of  a  series  we  see  that  B20 
(FeSi)  is  the  closest  metastable  phase  to  the  B2  ground  state  of  NiAl,  being  only 
about  3  mRy  per  atom  higher  in  energy.  Again  when  the  3d-Ni  is  replaced  by 
isovalent  4d-Pd,  our  LDA  calculations  predict  correctly  that  PdAl  takes  the  B20 
(FeSi)  structure  type  with  B2  as  the  closest  metastable  phase. 

The  prediction  that  the  B33  and  B20  structure-types  are  the  nearest  competing 
phases  to  the  LIq  of  TiAl  and  the  B2  of  NiAl,  respectively,  is  interesting  because 
the  structural  stability  of  these  phases  is  determined  explicitly  by  the  directional 
d(TM)-p(Al)  bonding  which  is  well  described  by  the  tight-binding  model  (Pettifor 
&  Podloucky  1986).  A  dramatic  example  of  the  importance  of  directional  bonding 
in  determining  intermetallic  structure  and  properties  is  provided  by  RuAb  which 
takes  the  TiSi2  structure  type.  This  intermetallic  was  predicted  to  be  a  semicon- 
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Figure  4.  Binding  energy  curves  for  TiAl,  NiAl,  ZrAl  and  PdAl  with  respect  to  twelve  different 

structure  types. 

ductor  with  the  hybridization  gap  resulting  directly  from  the  angular  character  of 
pd  bonding  orbitals  which  separates  the  pd  bonding  from  pd  antibonding  states, 
a  theoretical  result  (Nguyen  Manh  et  al  1992)  later  confirmed  by  experiment 
(Pierce  et  al  1993). 

The  structural  stability  in  these  phases  is  controlled  mainly  by  the  band  struc¬ 
ture  energy  contribution  in  (2.1)  whose  magnitude  depends  on  the  shape  of  the 
density  of  states.  Figures  ba-c  show  the  densities  of  states  of  the  three  com¬ 
peting  phases  LIq,  B33  and  B19,  respectively,  at  the  fixed  equilibrium  volume 
for  titanium  aluminide  from  which  we  can  deduce  the  relative  stability  within  a 
non-self-consistent  ‘frozen-potential’  approach  (Nguyen  Manh  et  al  1995).  It  is 
clear  that  the  hybridization  between  Ti  and  Al  states  has  a  very  similar  charac¬ 
ter  for  the  three  competing  structures.  The  same  conclusion  can  be  made  from 
figures  5(i,  e  where  the  calculated  density  of  states  for  the  ground  state  B2  and 
its  competing  metastable  phase  B20  are  shown. 

An  estimate  of  the  energy  difference  between  two  structures  can  be  obtained 
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Energy  (Ry)  Energy  (Ry) 


Figure  5.  The  calculated  density  of  states  for  TiAl  in  the  three  competing  phases:  (a)  Llo,  (6) 
B33  and  (c)  B19.  The  calculated  density  of  states  for  NiAl  in  the  two  competing  phases:  (d)  B2 
and  (e)  B20.  (/)  Tight-binding  density  of  states  for  NiAl  in  the  p(Al)-d(Ni)  model. 


Number  of  electron  per  atom  (e/a)  Number  elecron  per  atom  (e/a) 


Figure  6.  Structural  energy  differences  between  B19  and  Llo  relative  to  B2  calculated  from  (a) 
the  B2-NiAl  ‘frozen-potentials’  and  (6)  fp-lmto  method. 


by  comparing  their  band  structure  energies  at  the  same  atomic  volume,  namely 


where  Ep  is  the  Fermi  energy  and  n{E)  is  the  total  electronic  density  of  states. 

Figure  6a  shows  the  band  energy  differences  between  the  HCP-like  B19  and  the 
FCC-like  Llo  structures  compared  to  BCC-like  B2  for  the  NiAl  densities  of  states. 
We  see  that  the  structural  energy  differences  are  very  similar  to  those  obtained 
from  the  self-consistent  fp-lmto  calculation  in  figure  6b.  Very  importantly,  these 
calculations  show  that  the  band  structure  energy  is  a  dominant  factor  in  deter- 
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mining  the  structural  stability  of  the  transition  metal  aluminides.  This  factor  is 
entirely  quantum  mechanical  in  origin. 


3.  Bond  order  potentials 

(a)  Many-atom  expansion  for  the  bond  order 

Within  the  two-centre  orthogonal  tight-binding  approximation  the  covalent 
bond  energy  [/bLd  between  sites  i  and  j  may  be  written  explicitly  as  (Pettifor 
1989) 

=  (3.1) 

where  Hij  is  the  tight-binding  Hamiltonian  matrix  linking  sites  i  and  j  and 
6ji{EF)  is  the  bond  order  (Coulson  1939).  The  bond  order  is  the  difference  be¬ 
tween  the  number  of  electrons  in  the  bonding  and  antibonding  states,  respectively. 
It  is  a  non-pairwise  quantity  since  it  depends  on  the  local  atomic  environment 
about  the  bond  and  can  be  expressed  exactly  via  the  moments  of  tight-binding 
Hamiltonian  as  a  many-atom  expansion  (Pettifor  1989;  Aoki  1993). 

The  simplest  approximation  to  the  bond  order  retains  only  the  first  term  in 
the  many-atom  expansion.  This  contribution  takes  into  account  the  second  mo¬ 
ment  only  and  gives  immediately  the  embedding  function  introduced  by  Finnis 
&  Sinclair  (1984)  in  their  embedded-atom  potentials.  The  second  moment  about 
atom  i  can  be  written 

=  =  (3.2) 

The  square  root  of  the  second  moment  is  a  measure  of  root  mean  square  band 
width  of  the  local  density  of  states  on  atom  i.  The  second  term  in  the  many-atom 
expansion  for  the  bond  order  is  dependent  on  the  third  moment  pz  which  sums 
over  all  the  three- member  ring  contribution  of  type  i  — ^  j  — >  k  — >  i.  This 
accounts  for  the  asymmetric  behaviour  or  skewing  of  the  local  density  of  states. 
The  third  term  in  the  expansion  is  dependent  on  the  fouth  moment  /i4  which  sums 
over  paths  sush  as  the  four  member  ring  contribution  i  — ^  j  — ^  k  — ^  I  — >  i. 
The  fourth  moment  defines  the  unimodal  or  bimodal  shape  of  the  density  of  states 
(see,  for  example,  Bratkovsky  et  al  1994). 

The  BOP  formalism  is  an  order  N  method,  the  computational  time  varying 
linearly  with  the  number  of  atom  N  simulated.  It  is,  therefore,  significantly  faster 
when  applied  to  large  systems  than  the  methods  using  direct  diagonalization  of 
the  Hamiltonian  matrix  where  the  time  scales  as  the  third  power  of  the  number 
of  atoms  N  in  the  cell. 


(b)  Application  for  TiAl  and  NiAl 

To  develop  the  angularly  dependent  BOPs  for  transition  metal  aluminides,  the 
ab  initio  binding  energy  curves  are  used  to  fit  reliable  transferable  TB  parameters. 

(i)  Titanium  aluminide 

Titanium  has  partially  filled  d-bands  so  that  the  atoms  are  non-spherical 
and  the  bonding  is  expected  to  display  angular  character.  We  first  develop  the 
BOP  for  elemental  HCP-titanium  using  canonical  tight-binding  hopping  intergrals 
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Figure  7,  The  binding  energy  curves  from  tight-binding  model  for  TiAl  for  Llo  and  B19 

structures. 


dd<7:dd7r:dd5  =  -6:4:  —1.  This  potential  correctly  reproduces  the  ab  ini¬ 
tio  structural  energy- volume  curves  for  HCP,  FCC  and  BCC  Ti  within  the  sixth- 
moment  approximation  to  the  density  of  states.  We  then  developed  the  BOP  for 
compound  TiAl.  As  stressed  above  directional  bonding  plays  an  important  role  in 
the  structural  stability  of  the  group  IV  transition  metal  aluminides:  whereas  TiAl 
takes  the  LIq  structure,  ZrAl  and  HfAl  take  the  complicated  phase  B33  struc¬ 
ture  (CrB  type).  This  structure  and  the  HCP-like  B19  are  the  closest  metastable 
phases  to  the  LIq  ground  state  of  TiAl.  Figure  5a  shows  that  the  Fermi  level 
of  TiAl  is  positioned  in  the  middle  of  the  d-band  of  Ti  where  the  hybridization 
between  the  d(Ti)  and  the  p(Al)  states  is  strong.  This  situation  is  not  captured 
by  Embedded  Atom  type  potentials.  Figure  7  shows  the  tight-binding  binding 
energy  curves  of  TiAl  with  respect  to  the  LIq  and  B19  using  canonical  parame¬ 
ters  pp(j:pp7r  =  2  :  -1  and  pdcr:pd7r  =  -3  :  3^/^,  The  transferrable  tight-binding 
BOP  gives  the  energy  difference  between  LIq  and  B19  as  3.5  mRy  per  atom  in 
good  agreement  with  the  ab  initio  calculations.  We  are  currently  predicting  the 
binding  energy  curves  for  the  other  structure  types  of  TiAl  in  figure  2. 
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(ii)  Nickel  aluminide 

Unlike  titanium  the  d-band  of  nickel  is  nearly  full.  The  electronic  density  of 
states  of  nickel  aluminide  (figure  5d)  shows  that  the  Fermi  level  is  positioned  at 
the  top  of  this  d  band,  so  that,  the  bonding  is  expected  to  have  more  spherical 
character  than  for  the  titanium  aluminides.  Nevertheless,  there  are  two  points 
which  make  us  to  believe  that  the  angular  bonding  is  still  important  in  this 
intermetallic.  Firstly,  a  very  simple  tight-binding  calculation  in  which  only  the  p 
orbitals  on  A1  and  d  orbitals  on  Ni  are  retained,  reproduces  very  well  the  shape  of 
the  density  of  states  for  B2-NiAl  as  shown  in  figure  5/.  Thus,  the  particular  shape 
of  the  density  of  states  in  NiAl  can  be  explained  by  the  strong  covalent  bonding 
between  Ni  and  Al.  Secondly,  we  note  that  PdAl  takes  the  B20  structure  type 
which  is  a  distorted  CsCl  type  lattice.  Pd  has  the  same  number  of  d-electrons 
as  Ni  but  PdAl  takes  the  complex  FeSi  structure  due  to  the  covalent  directional 
Al(p)-Pd(d)  bonding.  The  directionality  of  the  bonding  is  responsible  for  the  B20 
structure  type  being  the  closest  metastable  phase  for  NiAl.  Preliminary  results 
from  BOPs  calculations  for  NiAl  show  that  these  speculations  are  correct,  as  will 
be  described  elsewhere. 


4.  Conclusions 

We  have  demonstrated  the  importance  of  a  proper  quantum  mechanical  de¬ 
scription  of  the  bonding  for  understanding  the  structural  properties  of  the  tran¬ 
sition  metal  aluminides.  In  particular,  we  have  shown  that  the  closest  competing 
structures  types  to  the  LIq  ground  state  of  TiAl  and  the  B2  ground  state  of  NiAl 
are  the  B33  (CrB)  and  B20  (FeSi)  phases,  respectively.  The  structural  stability 
of  these  metastable  phases  is  determined  by  the  directional  pd  bonding  between 
the  sd- valent  transition  element  and  sp- valent  aluminium. 

Reliable  atomistic  simulation  of  the  defect  properties  of  the  transition  metal 
aluminides,  therefore,  requires  the  development  of  angularly  dependent  inter¬ 
atomic  potentials.  We  have  shown  how  it  is  possible  to  bridge  the  gap  between 
the  first  principles  quantum  mechanical  calculations  at  the  electronic  level  and 
the  simulations  of  defects  at  the  atomic  level  by  using  the  novel  many-atom  ex¬ 
pansion  for  the  bond  order  within  the  tight-binding  description  of  the  electronic 
properties.  These  potentials  have  been  fitted  to  the  band  structure  and  binding 
energy  curves  of  TiAl  and  NiAl  and  will  be  used  in  the  near  future  for  simulating 
defects  in  these  intermet allies. 
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Discussion 

A.  R.  C.  Westwood  {Sandia  National  Laboratories,  USA).  What  are  the  pros¬ 
pects  for  extending  this  approach  to  ternary  and  quaternary  alloys  with  the  ulti¬ 
mate  objective  of  developing,  from  first  principles,  an  intermetallic  that  exhibits 
significant  ductility? 

D.  G.  Pettifor.  The  approach  of  modelling  defects  using  bond  order  potential 
is  easily  extendable  to  a  treatment  of  ternary  and  quaternary  alloys  provided  the 
appropriate  tight  binding  parameters  between  the  different  chemical  constituents 
are  known.  These  calculations  at  the  electronic  and  atomistic  level  would  have 
to  be  linked  to  simulation  of  dislocation  behaviour  at  the  microstructural  level 
before  we  have  a  truly  ‘first  principles’  modelling  capability  of  ductile  behaviour, 

K.  S.  Kumar  {Martin  Marietta  Laboratories,  Baltimore,  USA).  Given  that  the 
mechanical  properties  of  intermetallic  compounds  are  particularly  sensitive  to  mi¬ 
nor  stoichiometric  deviations  as  well  as  minor  alloying  additions,  how  realistically 

Phil.  Trans.  R.  Soc.  Lond.  A  (1995) 


542 


D.  Nguyen  Manh,  A.  M.  Bratkovsky  and  D.  G.  Pettifor 

can  we  expect  atomistic  modelling  to  serve  as  a  predictive  tool,  since  the  number 
of  atoms/cells  that  can  be  included  is  limited?  Further,  can  defect  population  be 
included  in  the  calculations? 

D.  G.  Pettifor.  The  sensitivity  of  planar  fault  energies  to  alloying  additions 
is  already  being  modelled.  As  the  interatomic  potentials  become  more  realistic 
and  computers  ever  more  powerful,  we  can  expect  that  modelling  will  be  able  to 
provide  new  insight  into  the  role  of  alloying  additions  and  non-stoichiometry  on 
mechanical  properties. 

R.  W.  Cahn  {University  of  Cambridge,  UK).  Professor  Pettifor  showed,  for 
certain  intermetallic  phases,  that  the  energy  differences  between  the  stable  and 
the  next-most-favourable  crystal  structures  are  exceedingly  small.  Can  he  reliably 
predict  which  of  such  phases  will  exhibit  stacking  faults  (polytypism) ,  like  SiC  or 
Co? 

D.  G.  Pettifor.  Yes,  even  though  the  absolute  energy  may  show  sizeable  error, 
relative  energies  are  usually  very  reliable.  The  polytypism  in  SiC  or  Co  has  been 
successfully  predicted  by  groups  in  the  Cavendish  Laboratory  and  the  Techniche 
Hochschule  in  Darmstadt. 
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Materials  in  use  at  high  temperatures  can  reach  states  which  are  close  to  equi¬ 
librium  and  knowledge  of  the  stable  phase  structure  at  fabrication  and  working 
temperatures  can  therefore  be  very  important.  The  field  of  high-temperature 
structural  materials  provided  one  of  the  areas  where  thermodynamic  phase  di¬ 
agram  calculations  were  first  used  some  two  to  three  decades  ago.  However,  al¬ 
though  some  general  features  of  phase  equilibria  were  predicted  reasonably  well, 
the  early  attempts  were  not  able  to  provide  sufficient  accuracy  for  more  general, 
practical  use.  Recent  work  has  now  shown  that  it  is  possible  to  make  very  accu¬ 
rate  predictions  for  phase  equilibria  in  a  number  of  high-temperature  structural 
materials  and  it  is  possible  to  demonstrate  that  predictions  for  phase  equilibria  in 
Teal’  multicomponent  alloys  provide  results  close  to  those  which  are  measured  ex¬ 
perimentally.  This  paper  will  present  typical  results  which  can  now  be  obtained 
for  7-TiAl-based  intermetallics  and  Ni-based  superalloys  and  some  specific  ex¬ 
amples  of  usage  will  be  shown.  A  further  advantage  of  the  CALPHAD  (calculation 
of  phase  diagrams)  route  is  that  other  properties  can  be  predicted  using  input 
data  from  the  calculations,  for  example  non-equilibrium  solidification  phenom¬ 
ena,  time-temperature-transformation  diagrams,  antiphase  domain  boundary  and 
stacking  fault  energies.  This  extension  of  the  CALPHAD  method  will  be  briefly  dis¬ 
cussed. 


1.  Introduction 

The  calculation  of  phase  equilibria  using  what  has  become  known  as  the  CAL¬ 
PHAD  (calculation  of  phase  diagrams)  method  is  becoming  increasingly  popular. 
The  method  requires  firstly  a  mathematical  description  of  the  thermodynamic 
properties  of  the  system  of  interest.  If  the  phases  of  interest  are  stoichiometric 
compounds,  e.g.  NaCl,  the  composition  is  defined  and  a  mathematical  formula 
is  then  used  to  describe  fundamental  properties  such  as  enthalpy  and  entropy. 
Where  phases  exist  over  a  wide  range  of  stoichiometries,  which  is  the  usual  case 
for  metallic  materials,  other  mathematical  models  are  used  which  account  for  the 
effect  of  composition  changes  on  free  energy.  All  types  of  models  require  input 
of  coefficients  which  uniquely  describe  the  properties  of  the  various  phases  and 
these  coefficients  are  held  in  databases  which  are  either  in  the  open  literature  or 
are  proprietary. 

Once  the  thermodynamics  of  the  various  phases  are  defined,  an  applications 
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software  package  which  performs  a  series  of  calculations  based  on  the  thermody¬ 
namic  data  is  then  used  to  calculate  phase  equilibria.  This  is  usually  done  via  a 
Gibbs  free  energy  minimization  process.  There  are  now  a  variety  of  such  software 
packages  available  which  can  perform  complex  multicomponent  calculations  and 
for  more  information  the  recent  review  by  Bale  &  Eriksson  (1990)  provides  a 
fairly  comprehensive  coverage  of  these. 

The  field  of  high-temperature  structural  materials  provided  one  of  the  earliest 
testing  grounds  for  phase  diagram  calculations  of  the  CALPHAD  type.  Early  work 
by  Kaufman  and  co-workers  (see,  for  example,  Kaufman  &  Nesor  1974a,  5,  1975) 
showed  that  it  was  possible  to  provide  some  guidance  in  the  search  for  high- 
temperature  eutectic  reactions  in  Ni-based  ternary  alloys.  This  information  could 
then  be  used  in  the  search  for  directionally  solidified  eutectic  materials.  However, 
although  Kaufman  and  co-workers  produced  datasets  which  could  be  used  for 
calculations  in  a  wide  number  of  ternary  systems,  it  has  became  increasingly 
clear  that  the  assumptions  made  in  their  simple  model  types,  i.e.  regular  and 
subregular  solution,  inherently  limit  accuracy  and  general  applicability. 

As  newer  models  and  software  packages  have  come  to  the  fore  the  CALPHAD 
method  has  advanced  to  the  stage  where  it  can  be  legitimately  expected  that  pre¬ 
dictions  for  phase  equilibria  in  multicomponent  systems  should  provide  answers 
close  to  that  which  would  be  measured  experimentally.  An  example  of  such  work 
is  the  effort  devoted  over  the  last  two  decades  to  multicomponent  ferrous  alloys 
by  the  Scientific  Group  Thermodata  Europe  (Ansara  &  Sundman  1987),  and  in 
particular  by  the  Royal  Institute  of  Technology,  Stockholm,  Sweden,  a  member  of 
this  group.  Results  have  clearly  demonstrated  the  excellent  levels  of  accuracy  that 
can  now  be  attained  which  in  turn  allows  design  engineers  to  model  materials  of 
this  type  with  confidence. 

Unfortunately,  until  very  recently  there  have  been  very  few,  if  any,  databases 
of  equivalent  accuracy  currently  in  existence  for  other  material  types.  This  has 
presented  severe  problems  for  CALPHAD  calculations  with  high- temperature  ma¬ 
terials  of  current  usage,  for  example  Ni-based  superalloys,  Ti  alloys  and  y-TiAl- 
based  alloys.  The  present  paper  discusses  new  work  in  the  field  of  Ti-  and  Ni- 
based  alloys  and  demonstrates  that  high  levels  of  accuracy  can  be  achieved  in 
predicted  equilibria  for  multicomponent  alloys  of  these  types.  Furthermore,  the 
same  database  which  is  used  for  equilibrium  predictions  can  be  used  for  the 
prediction  of  other  effects  not  normally  associated  with  CALPHAD  type  calcula¬ 
tions:  (i)  non-equilibrium  solidification  behaviour  of  superalloys  during  casting, 
providing  results  for  fraction  of  solid  transformation  as  a  function  of  tempera¬ 
ture,  microsegregation,  formation  of  interdendritic  phases,  heat  evolution,  etc.; 
(ii)  time- temperature-transformation  (ttt)  diagrams  for  cr-phase  growth;  (iii) 
antiphase  domain  boundary  energies  in  7'  and  stacking  fault  energies  in  7. 


2.  The  CALPHAD  approach 

The  basis  of  the  CALPHAD  approach  is  the  mathematical  description  of  the 
free  energy  of  the  various  chemically  distinct  phases  in  an  alloy  system.  There 
are  now  a  variety  of  models  available  to  describe  the  thermodynamic  proper¬ 
ties  of  phases  which  can  be,  for  example,  stoichiometric  compounds,  solution 
phases,  gaseous  species,  ionic  materials,  intermetallic  compounds,  ceramic  types, 
etc.  Several  these  models  are  listed  by  Hillert  (1986)  and  Eriksson  &  Hack  (1989). 
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The  integral  free  energy  of  formation  (AG)  of  a  pure  species  or  stoichiometric 
compound  is  given  simply  by  the  equation 

AG- Ai?  +  rA5,  (2.1) 

where  AH  is  the  enthalpy  of  formation,  T  is  the  temperature  and  AS  is  the 
entropy  of  formation.  For  the  case  of  a  ‘solution’  phase  where  mixing  of  the 
various  components  takes  place  its  free  energy  (AG)  can  be  written  generally  as 

AG  -  AG°  +  AG^^^  +  AGZ^,  (2.2) 

where  AG°  is  the  free  energy  contribution  of  the  pure  components  of  the  phase, 
AGj^f^^  is  the  ideal  mixing  term  and  AG^'^,,  is  the  excess  free  energy  on  mixing  of 
the  components.  There  are  also  terms  associated  with  (2,1)  the  effect  of  pressure 
which  is  important  to  geological  systems  and  (2.2)  the  effect  of  magnetism  which  is 
important  to  ferrous  alloys.  It  is  not  the  purpose  of  this  paper  to  describe  in  detail 
the  various  models  which  are  used  to  describe  the  thermodynamic  properties  of 
phases,  but  it  is  useful  to  briefly  discuss  some  of  the  models  which  are  available 
and  where  they  are  applied. 

(a)  Ideal  solution  model 

The  simplest  model  is  the  ideal  solution  model  where  interactions  between 
components  in  the  phase  of  interest  are  considered  to  be  negligible  and  the  free 
energy  of  mixing  is  given  by 

AG^=XiJ2^G°  +  RTj2lnx„  (2.3) 

i  i 

where  Xi  is  the  mole  fraction  of  component  z,  AG°  defines  the  free  energy  of  the 
phase  in  the  pure  component  i  and  R  is  the  gas  constant.  In  gases,  ideal  mixing  is 
often  assumed  and  this  assumption  is  usually  quite  reasonable.  However,  in  solid 
phases  the  interactions  between  components  are  far  more  significant  and  cannot 
usually  be  ignored. 


(6)  Non-ideal  solution  models 

To  deal  with  non-ideal  interactions  a  further  term  is  added  to  (2.3)  which 
becomes 

AG^  =  XiY^  AG°  +  RT'£lnXi  +  J2Yl  E  ■  (2-4) 

i  i  i  j>l  V 

The  final  term  is  based  on  a  Redlich-Kister-Muggianu  (RKM)  equation  which 
considers  the  free  energy  of  a  many-component  solution  phase  to  be  a  product 
of  the  summed  binary  interactions  and  Qy  is  an  interaction  parameter  depen¬ 
dent  on  the  value  of  u.  In  practice  the  value  for  v  does  not  usually  rise  above 
3.  Equation  (2.4)  assumes  higher-order  interactions  are  small  in  comparison  to 
those  which  arise  from  the  binary  terms  but  this  may  not  be  always  the  case. 
Ternary  interactions  are  often  considered  but  there  is  little  evidence  of  the  need 
for  interaction  terms  of  a  higher  order  than  this.  Various  polynomial  expressions 
for  the  excess  term  have  been  considered  other  than  the  RKM  equation  (see, 
for  example,  the  reviews  by  Ansara  (1979)  and  Hillert  (1980)).  However,  all  are 
based  on  predicting  the  properties  of  the  higher-order  system  from  the  properties 
of  the  lower-component  systems. 
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Equation  (2.2)  is  normally  used  in  metallic  systems  for  substitutional  phases 
such  as  liquid,  BCC,  FCC,  etc.,  and  in  this  mode  its  use  is  extensive.  It  can  also 
be  used  to  a  limited  extent  for  ceramic  systems  and  useful  predictions  could 
be  found  in  the  case  of  quasi-binary  and  quasi- ternary  oxide  (Kaufman  &  Nesor 
1978)  systems.  However,  for  phases  where  components  occupy  preferential  sites  on 
crystallographic  sublattices  such  as  interstitial  solutions,  ordered  intermet allies, 
ceramic  compounds,  etc.,  simple  substitutional  models  are  not  generally  adequate 
and  sublattice  models  are  now  becoming  increasingly  popular. 

(c)  Sublattice  models 

One  of  the  earliest  treatments  of  phases  with  distinct  sublattice  occupation 
was  by  Hillert  &  Staffansson  (1970)  who  considered  the  case  of  a  phase  with  two 
sublattices.  The  sublattice  occupancy  is  shown  schematically  below: 

{A,BUC,D),. 

For  the  two  sublattice  model  AG°  is  written  as 

AG°  =  y\yl;AGA:c  +  V^Ud^Gaid  +  y^BVc^GB-.c  +  y^ByD^GB:D,  (2.5) 

where  y]  =  n-/  ^  n-  (2.6) 

i 

and  (2-7) 

i 

The  ideal  entropy  of  mixing  is  written  as 

=  RT[u{y\  \ny\  +  2/b  +  v{yl  \nyl  +  yl  Inyl,)].  (2.8) 

The  term  considers  the  interactions  between  the  components  on  the  sub¬ 

lattice  and  can  be  quite  complex,  see  for  example  Ansara  et  al  (1988).  More 
recently  Sundman  &  Agren  (1981)  extended  this  model  to  take  into  account 
multiple  sublattices  and  their  model  is  used  extensively  in  the  present  work. 

3.  Results  and  discussion 

(a)  Ti-Al-X  systems 

The  a2-Ti3Al  and  q-TiAl  compounds  have  been  the  centre  of  considerable 
interest  as  a  material  which  would  extend  the  applicability  of  Ti-based  alloys  to 
higher  temperature  regimes  and  areas  where  good  oxidation  and  burn  resistance 
are  important.  Initially,  materials  based  on  TisAl,  the  so-called  super-a2  class 
of  alloys,  were  seen  as  new  generation  materials.  They  are  potentially  stronger 
than  the  7-TiAl-based  alloys  and  can  be  made  more  ductile.  However,  the  superior 
oxidation  resistance  and  comparable  fracture  toughness  of  the  7-TiAl  based  alloys 
has  seen  these  materials  come  to  the  fore. 

Similarly  to  conventional  Ti-alloys,  the  properties  of  7-TiAl  based  alloys  are 
strongly  controlled  by  their  microstructure.  The  various  microstructure  types  and 
their  effect  on  mechanical  properties  are  now  well  documented  (Kim  1994).  Ba¬ 
sically  this  can  be  understood  from  the  Ti-Al  phase  diagram  (figure  1).  Levels 
of  Al  usually  lie  in  the  range  45-50  at.%  where  it  is  possible  to  anneal  at  high 
temperatures  to  produce  a  structure  that  is  fully  a(HCP).  The  high  tempera¬ 
ture  a  decomposes  both  by  precipitating  7  in  the  a  -h  7  two-phase  region  and 
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Figure  1.  Ti-Al  phase  diagram  (Kim  1991).  Shaded  area  indicates  A1  composition  of  early 

7-TiAl  alloys. 


importantly  through  decomposition  by  a  eutectoid  reaction  to  a2  and  7.  The 
microstructure  then  is  a  mixture  of  7  formed  at  high  temperatures  in  the  a  +  7 
two- phase  region  and  a  lamellar  structure  of  a2  +  7.  By  quenching  from  the  a 
region  it  is  also  possible  to  by-pass  the  precipitation  of  7-TiAl  and  produce  a  fully 
lamellar  structure.  The  ratio  of  primary  7  to  lamellar  a2  +  7  is  a  critical  factor  in 
controlling  mechanical  properties  and  therefore  phase  diagram  calculations  have 
a  potentially  important  part  to  play  in  the  design  of  alloys,  particularly  with 
regard  to  thermo-mechanical  processing  schedules. 

One  of  the  major  difficulties  of  the  modelling  is  the  Ti-Al  binary  system  itself. 
In  a  recent  Japanese  report  42  versions  of  this  diagram  had  been  reported  previ¬ 
ous  to  1990.  With  recent  work  this  number  is  now  well  over  50.  Phase  diagram 
modelling  for  Ti-Al  has  been  undertaken  by  the  present  author  (Saunders  1990) 
and  this  forms  the  basis  for  Ti-Al-X  systems  now  being  modelled  as  part  of  a 
current  COST  507  project  (figure  2).  Broadly  speaking,  the  form  of  the  diagram 
is  quite  well  established  now.  The  existence  of  the  TisAl  and  TiAl  compounds  is 
not  disputed  and  their  range  of  solubility  reasonably  well  understood.  The  main 
outstanding  problems  lie  in  the  determination  of  the  exact  position  of  the  a  -h  7 
boundaries  and  whether  the  a  p  phase  boundary  touches  the  a2  phase  field. 
The  former  problem  relates  to  processing  and  microstructure  formation  and  is 
therefore  very  important. 

The  extension  to  ternaries  has  been  attempted  by  Kattner  &  Boettinger  (1992) 
who  used  a  two-sublattice  model  for  the  Q;2-Ti3Al  and  7-TiAl  phases  in  their  de¬ 
scription  of  the  Ti-Al-Nb  system.  They  were  able  to  produce  a  diagram  which 
substantially  agreed  with  that  observed  in  the  published  literature  up  to  that 
point.  However,  although  the  form  of  the  diagram  appears  reasonable  they  did 
not  take  into  account  the  ordering  of  the  P  phase  to  the  B2  CsCl  structure  which 
is  observed  in  almost  all  Ti— Al-X  systems  where  X  is  one  of  the  refractory  metals 
such  as  Nb  and  V.  Work  by  the  present  author  on  both  Ti-Al-Nb  and  Ti-Al~V 
has  shown  the  importance  of  including  this  ordering  in  the  accurate  representa- 
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Figure  2.  Calculated  Ti-Al  phase  diagram  (Saunders  1990). 


tion  of  phase  equilibria  and  it  is  of  particular  interest  to  be  able  to  differentiate 
between  the  ordered  and  disordered  form  when  considering  mechanical  properties. 

Figures  3  and  4  show  calculated  isothermal  sections  at  1000  and  1200  °C  for 
Ti-Al-Nb.  They  show  the  extension  of  the  various  intermetallic  compounds,  both 
Nb-Al  based  and  Ti-Al  based,  into  the  ternary.  The  ^  B2  transformation  is 
second  order  and  its  loci  of  composition  at  each  temperature  are  shown  by  dashed 
lines.  Of  particular  interest  is  the  reappearance  of  the  B2  phase  as  an  isolated 
region  close  to  7-TiAl  which  is  in  excellent  agreement  with  the  detailed  work  of 
Hellwig  (1992), 

The  B2  phase  has  been  modelled  using  a  two-sublattice  ordering  model  first 
proposed  by  Ansara  et  al  (1988).  The  present  author  (Saunders  1989)  then 
showed  how  this  model  could  be  made  equivalent  to  a  Bragg-Williams-Gorsky 
model  which  enables  the  correct  model  parameters  to  be  used  to  produce  the 
required  second-order  transformation.  Further  work  on  Ti-Al-V  (Saunders  et  al 
1994)  has  confirmed  the  importance  of  taking  into  account  the  B2  ordering  and 
initial  work  on  Ti-Al-Mn-Nb  has  shown  that  the  modelling  is  extendable  to 
multicomponent  alloys. 


(b)  Ni-based  superalloys 

Ni-based  superalloys  form  one  of  the  oldest  class  of  high-temperature  struc¬ 
tural  materials.  They  can  be  used  at  a  higher  value  of  T/T^  than  almost  any 
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Figure  4.  Calculated  isothermal  section  for  Ti-Al-Nb  at  1200  °C. 

other  metallic  material  which  allied  to  a  high  strength  and  excellent  oxidation 
and  corrosion  resistance  make  them  one  the  most  widely  used  material  types  in 
aerospace  and  land-based  gas  turbine  engines. 
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The  strength  of  Ni-based  superalloys  comes  from  the  precipitation  of  the  or¬ 
dered  LI2  compound  (7'),  based  on  NisAl,  in  a  ductile  FCC,  Ni-based  matrix  (7) 
and  control  of  7/7'  microstructure  is  one  of  the  governing  factors  in  choice  of 
thermo-mechanical  processing  cycles.  It  is  therefore  of  great  interest  to  be  able 
to  predict  7/7'  equilibria  accurately.  Superalloys  are  also  one  of  the  most  highly 
alloyed  of  all  material  types  and  with  additions  of  elements  such  as  Co,  Cr,  Mo 
and  W  the  matrix  becomes  unstable  with  respect  to  embrittling  TCP  phases 
such  as  cr,  fi  and  Laves  phases,  and  the  addition  of  C  leads  to  the  formation  of  a 
variety  of  carbide  phases  which  can  act  as  sites  for  TCP  phases  formation. 

Both  of  the  above  factors  are  critical  in  the  design  and  usage  of  Ni-based  super¬ 
alloys.  Much  work  has  been  done  via  mathematical  techniques  such  as  regression 
analysis  on  7/7'  equilibria  (see,  for  example,  Dreshfield  &  Wallace  1974)  and 
(Harada  et  al  1988),  while  the  use  of  PHACOMP  methods  in  predicting  cr- phase 
formation  is  extensive.  The  limitations  of  regression  analysis  are  straightforward. 
Firstly,  the  method  relies  on  substantial  previous  experimentation  which  must 
be  accurate.  Secondly  it  is  an  interpolative  technique  and  extrapolation  outside 
the  composition  and  temperature  regime  of  the  experiments  used  to  provide  the 
results  for  analysis  can  be  quite  unreliable. 

PHACOMP  relies  on  the  simple  concept  of  an  average  electron  hole  number, 
which  is  made  up  of  a  weighted  average  of  Ny  values  for  the  various  elements. 
In  itself  the  concept  behind  PHACOMP  is  theoretically  simple  and  easy  to  use. 
However,  there  are  a  number  of  questions  concerning  its  use  and  theoretical  justi¬ 
fication.  For  example  the  values  of  Ny  used  to  calculate  Ny  are  usually  empirically 
adjusted  to  fit  experience  and  the  model  fails  to  explain  why  a  is  not  observed  in 
the  binary  Ni-Cr  or  Ni-Mo  systems  but  appears  only  in  the  Ni-Cr-Mo  ternary. 
Furthermore,  although  it  pertains  to  describe  a  line  for  the  phase  boundary  of 
7  and  a  it  gives  no  information  on  the  temperature  range  where  a  may  be  sta¬ 
ble,  nor  is  there  information  on  the  interaction  of  this  boundary  with  the  7//i  or 
7/ Laves  boundaries. 

Four  years  ago  a  development  programme  involving  Thermotech  and  Rolls- 
Royce  pic,  Derby  was  begun  to  produce  a  multicomponent  database  for  the  pre¬ 
diction  of  phase  equilibria  in  Ni-based  superalloys.  This  work  has  now  reached 
the  stage  where  a  database  exists  containing  the  following  elements: 

Ni  Al  Co  Cr  Hf  Mo  Nb  Ta  Ti  W  Zr  B  C 

It  is  therefore  at  a  point  where  real  industrial  superalloys  can  be  routinely 
handled.  As  well  as  simple  predictions  concerning  freezing  ranges,  7'  solvus  tem¬ 
peratures,  etc.,  the  database  allows  the  user  to  predict  the  composition  and  tem¬ 
perature  conditions  under  which  the  various  secondary  phases  such  as  a,  /i.  Laves 
and  7]  can  form  (successfully  diff’erentiating  between  them)  and  takes  into  account 
the  various  types  of  carbides  found  in  superalloys. 

Part  of  the  project  has  involved  a  validation  procedure  for  the  accuracy  of  the 
database  which,  particularly  with  respect  to  7/7'  equilibria,  can  be  statistically 
quantified.  Figure  5  shows  the  comparison  between  predicted  and  experimentally 
observed  critical  temperatures  such  as  7'  solvus  (7'),  liquidus  and  solidus  where 
the  average  difference  between  predicted  values  and  those  observed  experimen¬ 
tally  is  of  the  order  of  10  °C.  Extensive  work  has  been  done  on  measurements 
concerning  7/7'  equilibria  and  it  is  possible  to  compare  in  detail  predicted  values 
with  those  observed  experimentally. 
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Figure  5.  Comparison  between  calculated  and  experimentally  observed  critical  temperatures  in 

Ni- based  superalloys. 


Figure  6  shows  a  comparison  between  predicted  and  observed  amounts  of  7'  in 
a  variety  of  superalloys  where  the  average  difference  between  predicted  values  and 
those  observed  experimentally  is  of  the  order  of  4%.  In  the  comparison,  results  can 
be  in  either  weight%  or  volume%.  For  the  latter  case,  as  lattice  mismatches  are 
so  small,  mole%  values  will  give  almost  identical  values  to  volume%.  Figure  7a-g 
shows  comparisons  of  the  chemical  compositions  of  7  and  7'.  Where  experimental 
results  are  given  in  weight  %  they  have  been  converted  to  atomic%  to  provide  a 
consistent  basis  for  comparison.  The  average  difference  between  predicted  values 
and  those  observed  experimentally  is  of  the  order  of  1  at.%  for  Al,  Co,  Cr  and 
0.5  at.%  for  Mo,  Ta,  Ti  and  W.  Table  1  gives  some  examples  of  superalloys  used 
in  the  validation  procedure. 

Apart  from  its  success  in  predicting  liquid  phase  relationships  and  7/7'  equi¬ 
libria  the  database  has  been  able  to  successfully  predict  transitions  between  the  cr 
and  jji  phases  and  to  differentiate  between  the  different  types  of  carbide  that  can 
be  form  in  Ni-base  superalloys.  It  has  also  been  strikingly  successful  at  predicting 
the  susceptibility  to  r]  phase  formation,  for  example  in  alloys  such  as  Nimonic  263 
(Betteridge  &  Heslop  1974)  and  IN939  (Shaw  1992,  personal  communication). 

Some  of  the  ways  in  which  the  database  can  be  used  are  shown  by  taking  the 
specific  example  of  Udimet  720  (U720).  Figure  8  shows  a  calculated  phase  percent 
plot  for  this  alloy  which  shows  the  various  phases  which  exist  in  the  alloy  as  a 
function  of  temperature;  the  alloy  composition  is  given  in  table  2.  The  alloy  was 
originally  developed  for  land-based  gas  turbine  applications  and  for  long-term 
service  at  temperatures  up  to  900  °C.  However,  its  excellent  forging  character- 
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Figure  6.  Comparison  between  calculated  and  experimentally  observed  amounts  of  7^  in 

Ni-based  superalloys. 


Table  1.  Some  alloys  used  in  the  validation  of  the  Ni-based  superalloy  database 


Inconel  700 

Nimonic  263 

MAR-M247 

Nimonic  115 

EPK  55 

PWA  1480 

Rene  41 

EPK  57 

IN738LC 

Udimet  500 

Udimet  520 

SRR  99 

Udimet  700 

CMSX-2 

AF2 IDA 

Waspaloy 

IN939 

API 

Nimonic  80A 

IN  100 

APK6 

Nimonic  81 

Udimet  710 

CH88-A 

Nimonic  90 

MXON 

Udimet  720 

Nimonic  105 

B1900 

MC2 

istics  and  mechanical  properties  suggested  it  could  be  used  as  a  disc  alloy.  Un¬ 
fortunately,  although  long-term  exposure  of  the  alloy  at  these  high  temperatures 
showed  only  a  minor  susceptibility  to  formation,  tests  done  at  750  °C  showed 
that  cr  formed  very  readily  and  in  large  amounts  (Keefe  et  al.  1992).  To  overcome 
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Figure  8.  Calculated  phase  percent  plot  for  U720. 


■  U720/U720LI  (a)  □  U720/U720LI  (a  free) 


Figure  9.  Observation  of  a  in  U720  and  U720LI  with  ttt  diagrams  proposed  by  Keefe  et  al 

(1992). 

this,  Udimet  720LI  (U720LI),  a  low  Cr  version,  was  developed  (table  2)  which 
substantially  reduced  a  susceptibility  at  750  °C.  Keefe  et  aL  (1992)  suggested 
that  a  TTT  diagram  of  the  type  shown  in  figure  9  could  explain  the  difference 
in  behaviour  of  the  two  variants.  It  is  interesting  to  note  that  in  their  diagram 
the  TTT  curves  for  the  two  variants  join  at  about  870  °C,  but  show  substantially 
different  behaviour  below  this  temperature.  Their  diagram  consequently  suggests 
that  the  a  solvus  temperature  (a^)  for  both  alloys  is  identical,  which  is  unlikely 
as  a  change  in  composition  must  change  this  value. 

It  was  therefore  instructive  to  calculate  the  as  temperature  for  both  alloys. 
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Table  2.  Nominal  compositions  of  Udimet  720  and  Udimet  720LI 
(After  Keefe  et  al  1992.) 


Cr 

Co 

Mo 

W 

Ti 

Al 

C 

B 

Zr 

U720 

18.0 

14.7 

3.0 

1.25 

5.0 

2.5 

0.035 

0.033 

0.03 

U720LI 

16.0 

14.7 

3.0 

1.25 

5.0 

2.5 

0.010 

0.015 

0.03 

Figure  10.  Ttt  diagrams  proposed  here  for  U720  and  U720LI  based  on  calculated  Cs  values. 

These  are  plotted  on  a  similar  diagram  and  also  included  are  suggested  ttt 
curves  based  on  these  results  (figure  10).  It  can  be  seen  that  the  difference  in  a 
susceptibility  can  be  almost  completely  explained  by  the  100  °C  drop  in  cTs  when 
the  Cr  concentration  is  lowered. 

It  is  now  also  possible  to  begin  quantifying  TTT  diagrams  such  as  this  using 
a  combined  kinetic  and  thermodynamic  approach.  In  recent  years  a  European 
project  has  led  to  the  creation  of  a  software  package,  DICTRA,  which  links  the 
simulation  of  diffusion-controlled  processes  in  multicomponent  systems  with  ther¬ 
modynamic  properties  obtained  directly  and  interactively  from  the  phase  diagram 
calculation  package  THERMO-CALC  (Andersson  et  al.  1991;  Inden  et  al.  1993). 
Work  with  DICTRA  has  mainly  concentrated  on  ferrous-based  alloys,  for  exam¬ 
ple  the  growth  of  ferrite  from  austenite,  but  preliminary  work  has  shown  that  it 
is  capable  of  simulating  the  growth  of  o*  in  a  multicomponent  Ni-based,  7  matrix 
(Jonsson  &  Agren  1993,  personal  communication). 

It  is  also  useful  to  know  how  variations  in  chemistry  within  proposed  commer¬ 
cial  specification  limits  affect  as  and  figure  11  shows  the  variation  predicted  as 
each  element  is  changed  between  its  maximum  and  minimum  specification.  What 
was  at  first  surprising  was  the  prediction  that  the  greatest  effect  on  (jg  was  due  to 
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U720 
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Figure  11.  Variation  in  calculated  as  as  each  element  in  U720LI  is  changed  between  its 
maximum  and  minimum  specification. 


A1  and  that  variations  within  the  Ti  specification  limit  were  nearly  as  potent  as 
for  Cr,  This  can  be  explained  fairly  readily.  A1  and  Ti  are  powerful  7'  formers  and 
any  increase  in  their  levels  increases  the  amount  of  7'  and  reduces  the  amount 
of  7.  As  Cr  and  Mo  strongly  partition  to  7,  any  increase  in  7'  levels  markedly 
increases  their  concentration  in  7  hence  making  the  alloy  more  susceptible  to  a 
formation.  It  should  be  stressed  that  cr-sensitivity  factors  as  shown  in  figure  11 
are  compositionally  dependent  and  as  such  their  values  can  significantly  change 
depending  on  the  alloy  studied.  However,  the  relative  effect  of  the  elements  does 
seem  to  be  maintained. 

There  is  interest  in  understanding  the  solidification  behaviour  of  Udimet  720 
and  to  this  end  a  ‘single  crystal’  alloy  was  prepared  at  Rolls-Royce  without  B 
and  C  additions  (Small  1993,  personal  communication).  Initial  examination  ap¬ 
peared  to  show  a  familiar  structure  of  Ni-rich  7  dendrites  with  some  7'  in  the 
interdendritic  regions.  However,  microprobe  analysis  across  the  interdendritic  re¬ 
gion  showed  many  of  the  precipitates  to  have  very  high  Ti  and  low  A1  levels 
and  these  were  associated  with  a  more  needle-like  morphology.  It  is  possible  to 
make  predictions  for  non-equilibrium  solidification  assuming  no  back- diffusion  in 
the  solid  using  a  standard  Scheil-Gulliver  simulation  within  the  Thermo-Calc 
software  package.  The  results  from  this  clearly  indicated  that  as  well  as  7'  there 
would  be  a  susceptibility  for  rj  formation  in  the  interdendritic  regions  explaining 
the  high  Ti  and  low  A1  levels  which  were  observed  in  needle-like  precipitates. 
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Figure  12.  Comparison  between  calculated  and  experimentally  observed  APB  energies  for 
several  Ni-based  superalloys  including  U720. 

There  is  also  interest  in  being  able  to  predict  the  mechanical  behaviour  of  Ni- 
based  superalloys.  Several  models  exist  but  these  rely  on  input  data  for  properties 
such  as  stacking  fault  energies  (sfe)  in  7  and  antiphase  domain  boundary  (apb) 
energies  in  the  7'.  Although  not  readily  associated  with  the  CALPHAD  method, 
such  properties  can  be  predicted,  for  example  SFEs  in  Fe-Ni-Cr  alloys  were  pre¬ 
dicted  by  Miodownik  (1978)  based  on  for  alloys  in  this  system. 

Clearly  if  similar  data  were  available  for  Ni-based  systems  such  a  method  could 
be  applied  for  Ni-based  superalloys. 

Apb  energies  have  been  predicted  for  a  number  of  Ni-based  superalloys  includ¬ 
ing  Udimet  720,  using  a  model  based  on  the  calculation  of  bond  energies  across 
the  APB  (Miodownik  &  Saunders  1994).  The  method  relies  on  calculating  nearest 
neighbour  interaction  energies  for  the  7'  phase,  up  to  the  third  nearest  neigh¬ 
bour.  These  can  be  estimated  using  the  ordering  energy  of  the  7'  phase  from 
the  disordered  FCC  7  phase  and  the  heat  of  formation  of  the  FCC  phase  of  the 
same  composition.  The  treatment  was  applied  to  several  selected  alloys,  including 
Udimet  720,  and  these  were  compared  with  subsequently  determined  experimen¬ 
tal  values  (Small  1994,  personal  communication)  for  the  APB  [111]  and  APB  [001]. 
The  results  are  shown  in  figure  12  and  the  comparison  is  extremely  satisfactory. 


4.  General  comments  and  summary 

It  has  not  been  possible  within  the  scope  of  this  paper  to  go  into  detail  con¬ 
cerning  many  of  the  applications  which  are  possible  using  the  CALPHAD  method, 
nor  to  describe  recent  work  on  conventional  Ti-alloys  (Saunders  1994).  However, 
it  should  be  stressed  that  complex  alloys  can  now  be  routinely  handled,  and 
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with  high  degrees  of  accuracy.  This  leads  to  an  ability  to  quantify  and  under¬ 
stand  many  issues  of  interest  concerning  materials  for  use  in  high-temperature 
applications. 

For  too  long,  materials  such  as  superalloys  have  been  considered  too  complex 
for  modelling  of  this  type.  This  has  led  to  a  reliance  on  approaches  such  as 
PHACOMP  which  are  at  best  semi-quantitative  and  at  worst  inaccurate  and  has 
further  led  to  a  mystique  surrounding  the  phase  behaviour  of  such  materials.  It 
is  to  be  hoped,  now  basic  phase  behaviour  can  be  predicted  with  a  high  degree 
of  confidence,  that  more  quantitative  modelling  approaches  can  be  applied  for  a 
variety  of  materials  design  and  process  issues,  thus  leading  to  a  greater  under¬ 
standing  of  material  behaviour,  the  optimization  of  properties  and  some  quality 
control  aspects  in  production. 

The  author  gratefully  acknowledges  the  use  of  the  Thermo- Calc  software  package  developed  by 
the  Division  of  Computational  Thermodynamics,  Department  of  Materials  Science  and  Engi¬ 
neering,  Royal  Institute  of  Stockholm,  S-100  44  Stockholm  70,  Sweden. 
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Discussion 

R.  W.  Cahn  {University  of  Cambridge,  UK).  My  compliments  on  a  most  con¬ 
vincing  demonstration  of  the  power  of  the  CALPHAD  method  as  applied  to  ‘real’ 
industrial  alloys!  To  complete  this  exposition,  could  Dr  Saunders  tell  us  some¬ 
thing  about  the  kind  of  experimental  data  that  are  needed  as  input  for  the  sort 
of  CALPHAD  calculations  he  has  exemplified. 

N.  Saunders.  The  calculations  for  the  multicomponent  systems  presented  in 
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the  paper  are  based  on  predicting  the  thermodynamic  properties  of  higher-order 
systems  from  the  thermodynamic  modelling  of  the  lower-component  systems.  In 
the  present  calculations  these  lower- component  systems  are  binaries  and  ternar¬ 
ies.  It  is  therefore  necessary  to  have  data  such  as  the  experimental  determination 
of  binary  and  ternary  phase  diagrams  and  experimental  measurements  of  ther¬ 
modynamic  properties  such  as  enthalpies  of  formation,  activities,  etc.  Preferably 
such  information  should  be  of  good  quality. 

R.  W.  Cahn.  Dr  Saunders  hinted  at  a  rather  remarkable  claim.  When  there 
are  several  distinct  measurements  of  a  phase  equilibrium  feature,  you  suggest 
you  can  pick  out  a  faulty  measurement  by  comparison  with  a  CALPHAD  calcu¬ 
lation.  But  surely,  the  precision  of  such  a  calculation  is  linked  to  the  precision 
of  the  thermochemical  measurements  which  contribute  your  input.  Shouldn’t  a 
curve  calculated  by  CALPHAD  actually  show  upper  and  lower  confidence  limits 
depending  on  your  judgement  of  the  reliability  of  the  input  measurements? 

N.  Saunders.  The  answer  to  Professor  Cahn’s  question  is  yes  and  no.  In  an 
ideal  world,  where  all  experimentation  is  reliable  and  of  good  quality,  I  would 
agree  that  the  curve  calculated  by  a  CALPHAD  calculation  could  have  such  confi¬ 
dence  limits  imposed.  Unfortunately,  this  is  not  often  the  case  and,  for  example, 
sets  of  measured  datapoints  for  a  liquidus  in  a  simple  binary  system  can  vary 
considerably.  In  some  high  melting  point  systems  it  is  not  unusual  for  these  dif¬ 
ferences  to  be  of  the  order  of  100  °C  or  higher.  Sometimes  a  simple  comparison 
of  the  original  datapoints  can  show  that  one  particular  set  of  results  is  obviously 
inconsistent  with  other  reported  values  and  this  forms  the  basis  of  experimental 
phase  diagram  assessment  work  by  people  such  as  Hansen.  Unfortunately  in  oth¬ 
ers  cases  the  position  is  not  so  clear  cut.  The  CALPHAD  calculation  does  impose  a 
self-consistency  between  the  underlying  thermodynamics  and  the  phase  diagram 
and  therefore  can  be  used  as  an  arbiter  between  conflicting  values. 

M.  McLean  [Imperial  College,  London,  UK).  To  what  extent  is  the  accuracy 
of  the  phase  diagram  calculation  dependent  on  (a)  the  calculation  methods  used 
in  the  different  software  systems  available  and  (b)  the  thermodynamic  databases 
available?  In  particular,  have  there  been  round  robins  using  the  same  data,  but 
different  software,  to  calculate  the  same  information? 

N.  Saunders.  If  I  may  I  will  try  and  answer  Professor  McLean’s  second  question 
first.  In  Europe  there  is  an  organization  called  SGTE  (Ansara  &  Sundman  1987), 
which  is  a  grouping  of  several  centres  which  are  active  in  the  CALPHAD  area. 
Workers  from  this  group  use  at  least  four  different  software  packages  for  doing 
CALPHAD  calculations.  The  programs  rely  on  some  form  of  Gibbs  free  energy 
minimization  and  a  brief  background  to  this  can  be  found  in  a  paper  by  Hillert 
(1979).  Such  techniques  do  not  give  unique  solutions  and,  therefore,  there  will 
be  differences  in  the  answers.  However,  such  differences  are  typically  very  small. 
It  may  be  that  some  software  packages  have  thermodynamic  models  which  are 
unique  to  that  package  and,  therefore,  it  would  not  be  possible  to  do  a  similar 
calculation  on  another  package.  However,  it  would  be  reasonable  to  say  that, 
given  the  same  implementation  of  models,  identical  database  input  and  the  cor¬ 
rect  starting  points  to  begin  the  calculation,  the  various  software  systems  within 
SGTE  will  provide  effectively  identical  answers. 

To  answer  his  first  question,  the  accuracy  of  the  phase  diagram  calculations 
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presented  here  relies  solely  on  the  thermodynamic  database  and  is  not  a  function 
of  the  software  package  that  is  used. 

M.  Rappaz  {EPFL,  France).  Phase  diagram  calculations  give  volume  fractions 
of  phases  which  are  at  equilibrium  (lever-rule).  They  can  be  easily  adapted  to 
the  case  of  no-diffusion  in  the  solid  during  a  solidification  experiment  (Scheil)  by 
‘freezing’  the  concentration  at  the  newly  formed  interface.  How  easy  (or  difficult) 
is  it  to  couple  phase  diagram  computations  with  back-diffusion  models? 

N.  Saunders.  There  have  been  recent  publications  in  the  literature  which  have 
attempted  to  do  just  this  with  a  good  degree  of  success  (see,  for  example,  Mat- 
sumiya  1992).  The  DICTRA  program  mentioned  earlier  (Andersson  et  al.  1991; 
Inden  et  al  1993)  is  also  capable  of  accounting  for  backdiffusion  during  solidifi¬ 
cation. 

D.  G.  Pettifor  {University  of  Oxford,  UK).  In  the  prediction  of  the  B2  phase 
field  in  the  ternary  Ti-Al-Nb  system,  was  it  necessary  to  readjust  the  accepted 
data  for  the  binary  systems? 

N.  Saunders.  No. 
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Among  the  many  routes  which  are  used  for  the  processing  of  high-temperature 
materials,  solidification  plays  a  key  role.  Several  modelling  tools  are  now  available 
for  the  simulation  of  the  interconnected  macroscopic  phenomena  associated  with 
any  casting  process  (heat  exchange,  mould  filling,  convection,  stress  development, 
etc.).  Based  upon  finite-difference  (fd)  or  finite-element  (fe)  techniques,  these 
models  solve  the  continuity  equations  of  mass,  energy,  momentum,  solute  species, 
averaged  over  the  liquid  and  solid  phases.  As  such,  macroscopic  models  do  not 
account  for  the  detailed  phenomena  occurring  at  the  scale  of  the  microstructure. 
For  that  reason,  a  stochastic  cellular  automaton  (ca)  model  has  been  devel¬ 
oped  recently  for  the  prediction  of  the  grain  structure  formation  in  solidification 
processes,  in  particular  during  the  investment  casting  of  superalloys.  Such  a  mi¬ 
croscopic  model  considers  the  heterogeneous  nucleation  of  grains  at  the  surface 
of  the  mould  and  in  the  bulk  of  the  liquid,  the  growth  kinetics  and  preferential 
growth  directions  of  the  dendrites  and  the  microsegregation.  The  microscopic  CA 
model  has  been  coupled  to  FE  heat  flow  computations  in  order  to  predict  the  grain 
structure  at  the  scale  of  a  casting.  It  is  shown  that  microstructural  features  and 
crystallographic  textures  can  be  simulated  as  a  function  of  the  casting  conditions 
and  alloy  composition. 


1.  Introduction 

Numerical  simulation  has  been  first  used  by  civil  and  mechanical  engineers  for 
the  calculation  of  deformation,  fluid  dynamics  and  heat  transfer.  Based  upon 
finite-difference  (fd)  or  finite-element  (fe)  methods,  these  models  solve  the  con¬ 
tinuity  equations  of  heat,  mass  and  momentum.  These  tools  were  then  transferred 
and  adapted  to  the  field  of  materials  science.  Therefore,  it  is  not  surprising  that 
most  of  these  ‘macroscopic’  models  are  primarily  concerned  with  macroscopic  en¬ 
tities  such  as  the  temperature,  stress,  strain  or  velocity  fields.  In  a  given  process 
such  as  forming  or  solidification,  these  fields  (e.g.  the  temperature  distribution) 
can  be  related  to  the  process  parameters  (e.g.  the  heat  flow  extracted  from  a 
cooling  system).  Such  information  might  be  useful  to  the  process  engineer,  but 
it  is  only  an  ‘intermediate’  output:  the  materials  scientist  is  interested  in  the 
characteristics  (microstructure/defects)  and  final  mechanical/functional  proper¬ 
ties/performances  of  the  product. 

To  predict  entities  which  are  of  some  relevance  to  materials  scientists,  two 
approaches  can  be  used.  The  first  one  is  based  on  empirical  relationships  or  expert 
systems  (e.g.  neural  networks)  whose  input  can  be  either  the  process  parameters 
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or  the  ‘intermediate’  output.  This  method  is  straightforward  but  does  not  bring 
much  insight  into  the  microscopic  mechanisms.  The  second  approach,  which  is 
more  tedious,  is  to  simulate  the  various  microscopic  phenomena  which  cannot  be 
accounted  for  by  a  continuum  model.  Such  a  micro-macroscopic  approach  will 
be  illustrated  in  the  present  paper  for  the  particular  case  of  the  grain  structure 
formation  in  solidification  processes  (Rappaz  1989). 

Solidification  is  an  important  route  for  the  production  of  many  parts  and  com¬ 
ponents,  in  particular  in  aerospace  applications  (turbine  blades,  diffuser  cases, 
vanes,  etc.).  Solidification  is  also  an  illustration  of  the  manifold  lengthscales 
that  intervene  in  materials  science  (process  scale  (cm~m),  grain  size  (mm),  den¬ 
drites/eutectic  spacings  (pm),  atomistic  scale  (<  nm)).  After  a  short  review  of 
the  macroscopic  models  used  in  solidification  processes  (§2),  this  contribution 
will  present  a  stochastic  model  recently  developed  for  the  prediction  of  nucle- 
ation  and  growth  of  dendritic  grains  (§3).  The  coupling  of  these  two  scales  is 
discussed  in  §4  and  the  last  section  outlines  some  of  the  future  developments 
that  will  be  made  in  this  area. 


2.  Macroscopic  modelling 

(a)  Geometry  description  and  enmeshment 

Three-dimensional  (3D)  components  are  described  nowadays  by  computer- 
aided  design  (cad)  files  coming  from  the  designer.  The  engineer  in  charge  of 
the  production  of  the  component  via  a  casting  process  must  first  read  this  file 
and  then  add  several  other  domains:  risers,  ingates,  mould  parts,  insulation,  cool¬ 
ing  devices,  etc.  Using  these  CAD  files,  the  corresponding  volumes  must  be  then 
enmeshed  in  order  to  solve  the  continuum  equations.  This  is  done  with  grid  points 
or  elements  for  the  FD  or  fe  methods,  respectively.  It  is  beyond  the  scope  of  the 
present  paper  to  discuss  the  advantages  and  disadvantages  of  these  two  numer¬ 
ical  techniques  but  the  enmeshment  procedure  is  still  a  critical  step.  Figure  la 
shows  the  enmeshment  of  a  structural  aircraft  component.  Only  half  of  the  piece 
is  shown  together  with  the  risers  and  gating. 

(b)  Fraction  of  solid  and  solidification  path 

Because  of  the  fineness  of  the  microstructure  that  develops  during  solidification, 
the  macroscopic  models  do  not  track  the  position  of  the  solid-liquid  interface 
but  rather  use  continuity  equations  averaged  over  the  two  phases  (Bennon  & 
Incropera  1987;  Voller  et  al  1989;  Ganesan  &  Poirier  1990;  Ni  &  Beckerman 
1991).  This  averaging  procedure  introduces  a  new  field:  the  volume  fraction  of 
solid,  /g.  Since  there  is  no  additional  continuity  equation  governing  the  evolution 
of  this  entity,  a  local  relationship,  the  solidification  path,  has  to  be  found  between 
/s  and  the  temperature,  T.  Such  a  relationship  is  given  by  a  local  solute  balance 
(microsegregation  model)  and  by  the  phase  diagram  of  the  alloy.  Most  of  the 
macroscopic  models  of  solidification  use  a  unique  solidification  path,  /s(T'),  which 
range  from  a  linear  interpolation  between  the  liquidus  and  solidus  temperatures, 
to  more  sophisticated  models  such  as  the  lever  rule,  the  Scheil-Gulliver  or  the 
Brody-Flemings  models  (Kobayashi  1988).  All  these  models  apply  to  a  closed 
system,  i.e.  when  there  is  no  fluid  flow, 
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Figure  1.  Structural  aircraft  component  in  Al-alloy  (investment  casting):  (a)  3D  enmeshment 
of  a  casting  and  (6)  corresponding  temperature  and  fluid  flow  velocities  during  mould  filling 
(courtesy  of  CERCAST,  calculation  made  with  ProCAST"'"^). 


(c )  Heat  and  fluid  flow  calculations 

Even  though  the  convection  associated  with  pouring  effects,  buoyancy,  sur¬ 
face  tension  gradients  or  electromagnetic  forces  modifies  the  local  solute  balance 
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made  within  a  small  volume  element  of  the  enmeshment,  most  of  the  simulation 
codes  developed  for  solidification  processes  assume  a  unique  fs{T)  relationship. 
The  averaging  of  the  continuity  equations  is  usually  made  under  the  assumption 
that  the  solid  skeleton  is  fixed.  The  permeability,  K,  of  the  mushy  zone  is  in¬ 
troduced  to  simulate  the  interdendritic  flow  in  the  porous  medium  constituted 
by  the  dendrites  array  (Darcy  equation).  Detailed  derivations  of  these  equations 
can  be  found,  for  example,  in  Bennon  &  Incropera  (1987),  Voller  et  al  (1989), 
Ganesan  &  Poirier  (1990),  Ni  &  Beckerman  (1991).  As  an  example,  the  temper¬ 
ature  distribution  and  fluid  flow  velocities  calculated  within  the  component  of 
figure  la  are  shown  in  flgure  16.  The  results  have  been  computed  with  the  soft¬ 
ware  ProCAST'^^,  taking  into  account  heat  flow  and  fluid  flow  with  free  surface 
(mould  Ailing). 

(d)  Prediction  of  macro-  and  meso segregation 

Macro-  and  mesosegregation,  two  defects  frequently  encountered  in  castings, 
are  solute  concentration  inhomogeneities  observed  at  the  scale  of  the  casting  or  at 
a  more  localized  scale  (e.g.  segregated  channels  or  freckles).  Both  types  of  segrega¬ 
tion  are  associated  with  the  transport  of  solute  species  by  convection.  Neglecting 
the  diffusion  of  solute  species  at  the  macro-  and  mesoscales,  the  local  solute  con¬ 
centration  is  averaged  over  the  solid  and  liquid  phases  using  a  microsegregation 
model.  The  simplest  model  makes  the  assumption  of  local  equilibrium  between 
the  solid  and  liquid  phases  (lever  rule).  Scheil  or  back-diffusion  microsegregation 
models,  which  are  closer  to  the  case  of  real  alloys,  are  more  difficult  to  handle  for 
systems  in  which  convection  occurs  (Rappaz  &  Voller  1990;  Mo  1994). 

As  a  result  of  convection  (open  system),  the  local  average  concentration  is  no 
longer  constant  and  the  solidification  path,  /s(T),  is  no  longer  unique.  For  ex¬ 
ample,  the  arrival  of  solute-rich  liquid  can  partly  remelt  the  solid  even  though 
the  local  temperature  is  decreasing  monotonically.  This  phenomenon  is  typically 
associated  with  solutal  convection  in  the  mushy  zone  and  may  lead  to  the  for¬ 
mation  of  segregated  channels  or  freckles.  The  simulation  result  shown  in  figure 
2  corresponds  to  the  formation  of  such  an  instability  in  a  large  rectangular  two- 
dimensional  (2D)  ingot  of  Ni-Al  (Combeau  Lesoult  1993). 

3.  Microstructure  modelling 

(a)  Nucleation  of  grains 

The  formation  of  primary  phase  grains  during  solidification  starts  with  the 
heterogeneous  nucleation  of  nuclei  at  the  surface  of  the  mould  or  within  the  bulk 
of  the  liquid.  Convection  can  also  play  a  significant  role  at  this  stage  since  it 
can  transport  grains  and  enhance  the  density  of  nuclei  by  dendrite  fragmentation 
(Sato  et  al  1987).  Such  effects  will  be  ignored  in  the  investment  casting  of  su¬ 
peralloys  considered  in  the  present  paper.  Although  the  theory  of  heterogeneous 
nucleation  is  fairly  well  known  (Turnbull  1950),  the  mechanisms  are  still  unclear. 
For  that  reason,  most  simulation  approaches  consider  that  the  heterogeneous  nu¬ 
cleation  of  grains  is  described  by  a  distribution  of  nucleation  sites,  p(AT),  which 
become  active  as  the  undercooling,  AT,  is  increased  (Rappaz  1989).  The  param¬ 
eters  of  this  distribution  are  determined  by  comparison  with  experimental  results 
obtained  under  different  cooling  rates  but  identical  inoculation  conditions.  The 
density  of  grains  in  the  bulk  of  the  liquid,  n(t),  at  a  given  time,  t,  is  then  given 
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{a)  (b)  (c) 

Figure  2.  2D  A1  concentration  distribution  and  freckle  formation  in  a  large  Ni-Al  rectangular 
ingot  after  (a)  1  h,  {b)  1  h  23  min  and  (c)  8  h  (courtesy  of  Combeau  et  at  1993). 


by  /*AT(<) 

n{t)=  p(Ar)(l-/,)d(AT).  (3.1) 

Jo 

The  factor  (1  -  /s)  accounts  for  the  disappearance  of  the  nucleation  sites  which 
are  trapped  by  the  grains  already  formed  (Hunt  1984).  Equation  (3.1)  has  been 
used  originally  for  the  formation  of  equiaxed  grains  in  the  bulk  of  the  liquid,  but 
the  same  approach  can  be  adapted  to  the  heterogeneous  nucleation  at  a  mould 
surface  (Rappaz  &  Gandin  1993). 

( h )  Dendrite  growth 

For  the  sake  of  simplicity,  let  us  first  consider  the  situation  of  a  uniform  tem¬ 
perature  field.  After  a  grain  has  nucleated,  it  grows  first  as  a  sphere,  then  becomes 
unstable  and  later  grows  with  a  dendritic  morphology.  The  growth  velocity  of  the 
tips  of  the  dendrites,  ?;(AT),  is  a  function  of  the  local  undercooling  and  can  be  es¬ 
timated  using  various  analytical  models  (Kurz  &  Fisher  1989).  For  cubic  metals, 
the  growth  directions  of  the  dendrite  trunks  and  arms  correspond  approximately 
to  (100)  crystallographic  directions  (Chalmers  1964).  Thus,  in  a  uniform  temper¬ 
ature  field,  a  grain  grows  almost  as  an  octahedron  whose  diagonals  are  given  by 
the  (100)  directions  of  the  parent  nucleus.  The  situation  illustrated  in  figure  3 
corresponds  to  2D  dendritic  grains  growing  in  a  plane  with  a  square  shape.  Ne¬ 
glecting  the  initial  stage  of  spherical  growth,  the  half-length  of  the  (100)  diagonals 
of  the  grains,  L{t),  is  given  by 

Lit)=  f  viAT{t))dt,  (3.2) 
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Figure  3.  Schematic  diagram  of  a  2D  CA  model  for  the  nucleation/growth  of  grains  in  a 

uniform  temperature  field. 

where  is  the  time  of  nucleation.  Within  the  octahedron,  the  volume  is  mushy.  A 
simple  solute  diffusion  model  can  be  used  to  predict  the  internal  volume  fraction 
of  solid  within  the  grains  (Rappaz  &  Thevoz  1987). 

Based  upon  these  simple  considerations,  the  simulation  of  grains  growing  in  a 
thermal  gradient  can  be  calculated  using  the  cellular  automaton  briefly  described 
below  (Rappaz  k,  Gandin  1993;  Gandin  &  Rappaz  1994). 

(c)  Cellular  automaton 

To  predict  the  nucleation  and  growth  of  grains  in  any  thermal  environment,  a 
physically  based  cellular  automaton  (ca)  has  been  developed.  For  that  purpose, 
the  volume  of  the  melt  is  divided  into  Nc  regular  square  cells  (figure  3).  For 
each  cell  u,  a  ‘crystallographic’  index,  /c^,,  is  defined.  It  is  equal  to  zero  at  the 
beginning  of  the  simulation  meaning  that  the  cell  is  liquid.  During  solidification, 
this  index  can  become  a  positive  integer  whose  value  corresponds  to  a  given 
misorientation  of  the  dendritic  network  with  respect  to  the  axes  of  the  CA  network. 
Furthermore,  the  cells  which  belong  to  the  boundary  of  the  domain  are  marked 
with  an  additional  index  and  are  referred  to  as  ‘boundary  cells’. 

For  the  nucleation  in  the  bulk  of  the  specimen,  a  certain  number  of  nucleation 
undercoolings  are  randomly  selected  according  to  the  pre-determined  nucleation 
distribution p( AT)  (e.g.  Gaussian  distribution).  These  undercoolings  are  spatially 
attributed  to  randomly  chosen  cells.  The  same  procedure  is  applied  to  the  bound¬ 
ary  cells  with  the  appropriate  nucleation  site  distributions.  All  the  cells  which 
have  been  attributed  a  critical  nucleation  undercooling,  are  referred  to  as 

‘nucleation  cells’  in  the  following. 

Let  us  assume  now  that  the  cooling  curve,  T^{t),  at  any  cell  location  is  known. 
This  cooling  history  can  be  obtained  from  the  cooling  curve  measured  in  a  small 
specimen  of  nearly  uniform  temperature  (figure  3)  or  it  can  be  calculated  using  FE 
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heat  flow  computations,  as  explained  in  more  detail  in  §  4.  During  a  time-stepping 
calculation,  a  cell  u  can  make  a  transition  from  the  liquid  state  (/Cj,  =  0)  to  a 
dendritic  state  {Icjy  ^  1)  according  to  two  mechanisms. 

1.  If  the  cell  is  a  nucleation  cell  and  is  still  liquid  at  time  t,  it  can  become  a 

new  nucleus  if  its  undercooling  becomes  larger  than  the  predetermined  critical 
nucleation  undercooling  (i.e.  if  AT^{t)  =  Tl  —  T^(t)  ^  Its  index  Icjy 

giving  the  crystallographic  orientation  of  the  new  grain  is  set  to  a  randomly 
selected  value. 

2.  Once  a  cell  has  nucleated,  the  corresponding  grain  is  assumed  to  grow  with 
the  kinetics  of  the  dendrite  tips,  v{ATj^)  (Kurz  et  al  1986).  In  two  dimensions, 
it  grows  as  a  small  square  envelope  (see  figure  3).  At  a  certain  time,  the  dendrite 
envelope  reaches  the  centres  of  the  four  nearest-neighbour  cells.  If  these  neigh¬ 
bours  are  still  liquid,  their  indices  are  set  to  the  value  of  the  parent  nucleus  thus 
taking  on  the  orientation  of  the  grain.  The  growth  procedure  is  then  repeated  for 
the  neighbouring  cells  using  the  corresponding  local  undercooling. 

The  simple  ‘capture’  procedure  of  the  cells  which  is  described  above  has  a  major 
drawback:  it  propagates  the  growth  of  dendritic  grains  from  cells  to  cells  but  it 
biases  their  misorientations.  This  problem  is  well  known  in  the  application  of 
cellular  automata  and  Monte  Carlo  methods  to  grain  growth  (Toffoli  &  Margolus 
1991;  Anderson  et  al  1984).  A  2D  growth  algorithm  which  does  not  present  this 
drawback  is  described  by  Gandin  &  Rappaz  (1994).  This  algorithm  has  not  yet 
been  extended  to  3D  situations.  However,  a  simple  octahedron  growth  algorithm 
has  been  used  for  uniform  temperature  situations  in  three  dimensions  (Gandin 
et  al  1993). 


{d)  Results 

Figure  4  shows  the  grain  contours  seen  in  a  transverse  section  of  an  equiaxed 
turbine  blade  airfoil  (Gandin  et  al  1994).  The  superalloy  was  cast  at  the  SNECMA 
foundry  in  a  ceramic  mould  coated  with  inoculant  particles.  The  grain  bound¬ 
aries,  clearly  revealed  by  the  etching  procedure,  were  redrawn  to  produce  the 
grain  structure  of  figure  4a.  The  result  of  the  simulation  which  is  shown  in  figure 
45  has  been  obtained  using  the  3D  stochastic  model  under  the  assumption  of  a 
uniform  temperature  field.  For  that  purpose,  a  small  length  of  the  blade  nor¬ 
mal  to  the  2D  section  was  considered  and  the  final  grain  structure  is  shown  in 
the  same  transverse  section.  The  label  ‘equiaxed  blade’  used  in  the  investment 
casting  industry  for  such  grain  structures  is  somehow  misleading  since  the  grains 
shown  in  the  simulated  micrograph  were  assumed  to  nucleate  only  at  the  surface 
of  the  ceramic  niould  (i.e.  columnar  growth  starting  from  the  surface).  However, 
since  the  octahedral  grains  may  grow  at  some  angle  with  respect  to  the  transverse 
section  plane,  many  of  them  are  not  directly  connected  to  the  edge  of  the  airfoil 
and  thus  appear  as  ‘equiaxed’.  This  simple  example  shows  how  the  results  of  a 
simple  3D  stochastic  growth  model  can  provide  useful  stereological  information. 

This  simple  3D  growth  model  can  also  predict  the  grain  competition  that  occurs 
within  the  columnar  zone  of  a  casting.  Since  the  dendritic  network  is  constrained 
to  grow  along  (100)  directions,  the  grains  which  have  one  of  their  (100)  orienta¬ 
tions  most  closely  aligned  with  the  thermal  gradient  direction  are  selected  by  the 
growth  process  at  the  expense  of  less  favourably  oriented  grains  (Chalmers  1964). 
As  a  result  of  this  grain  competition,  the  grain  density  measured  in  a  section  par- 
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Figure  4.  (a)  Measured  and  (6)  predicted  grain  structures  in  the  cross  section  of  an  equiaxed 
turbine  blade  airfoil  (Gandin  et  al  1994). 

allel  to  the  surface  of  nucleation  must  decrease  with  the  distance  to  this  surface. 
This  is  shown  in  figure  5  for  an  Inconel  X750  alloy  (Gandin  et  al.  1995).  This  alloy 
was  cast  in  a  preheated  ceramic  mould  attached  to  a  copper  chill  plate.  The  mean 
linear  grain  boundary  intercept  normal  to  the  growth  direction  was  measured  in 
a  longitudinal  section  and  is  reported  as  a  function  of  the  distance  to  the  chill. 
The  same  measurement  was  made  for  the  grain  structure  computed  with  the  3D 
stochastic  model.  Although  the  assumption  of  uniform  temperature  made  in  the 
simulation  is  no  longer  valid  near  the  chill,  the  correct  trend  is  predicted  by  this 
simple  model. 

According  to  the  mechanisms  of  heterogeneous  nucleation,  the  orientation  of 
the  grains  formed  at  the  surface  of  the  chill  should  be  random.  However,  as 
the  growth  proceeds  and  eliminates  the  ‘poorly’  oriented  grains,  the  orientation 
distribution  should  become  closer  to  a  (100)  crystallographic  texture.  Figure  6 
shows  the  measured  and  simulated  evolutions  of  the  (100)  pole  figures  for  the 
same  Inconel  X750  specimen.  The  centre  of  the  pole  figures  corresponds  nearly 
to  the  perpendicular  to  the  copper  chill  surface.  The  experimental  and  simulated 
pole  figures  were  obtained  using  an  automatic  indexing  of  electron  imckscattered 
diffraction  patterns  and  the  3D  growth  model,  respectively  (Gandin  et  al.  1995). 
As  can  be  seen,  the  crystallographic  orientation  of  the  grains  is  nearly  random 
near  the  surface  of  the  chill  and  is  close  to  a  (100)  texture  2  mm  from  the  chill. 
The  most  probable  (100)  orientation  of  the  dendrite  trunks  at  this  distance  was 
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Distance  from  the  nucleation  surface  (10‘^  m) 


Figure  5.  Measured  (solid  line)  and  calculated  (dashed  line)  evolutions  of  the  grain  density  in 
the  columnar  zone  of  an  Inconel  X750  alloy  (Gandin  et  al  1995). 

calculated  to  be  about  12°  from  the  normal  to  the  chill  surface,  a  value  which  is 
very  close  to  the  experimental  result. 

4.  Micro-  and  macroscopic  modelling 

(o)  Principles 

The  simulation  results  presented  in  §3d  have  been  obtained  with  the  3D 
stochastic  model  under  the  assumption  of  a  uniform  temperature.  However,  in 
most  practical  situations,  the  thermal  gradient  within  the  specimen  must  be  con¬ 
sidered.  Since  the  thermal  diffusion  layer  is  much  larger  than  the  scale  of  the 
microstructure,  the  heat  flow  equation  should  not  be  solved  at  the  scale  of  the 
CA  network  but  rather  at  a  coarser  scale  (see  figure  7).  For  that  purpose,  a  2D 
CA  algorithm  has  been  coupled  with  the  FE  heat  flow  code  3-MOS  (Gandin  & 
Rappaz  1994).  This  code  is  based  upon  an  enthalpy  formulation  and  an  implicit 
time-stepping  scheme  (Thevoz  et  al  1990).  Using  a  linearization  procedure,  the 
variation  of  enthalpies,  SHi^  during  one  time-step  can  be  found  at  all  the  nodal 
points  of  the  fe  mesh.  For  the  nodes  located  in  the  solidifying  alloy,  the  6 Hi 
variations  arel converted  into  specific  heat,  and  latent  heat  contributions, 

using  the  finer  CA  network  and  the  CA  algorithm. 

The  known  temperatures  at  time  t,  T/,  and  variations  of  enthalpies,  SHi,  at 
the  FE  nodes  are  first  interpolated  for  each  CA  cell,  u.  Knowing  these  entities,  the 
CA  algorithm  is  applied  for  the  nucleation/growth  of  the  grains.  For  each  cell, 
several  situations  can  be  encountered:  (i)  the  cell  was  liquid  and  remains  liquid 
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Figure  6.  (a)  Measured  and  {h)  predicted  (100)  pole  figures  of  an  Inconel  X750  superalloy  near 
the  surface  of  (1)  and  at  2  mm  from  (2)  the  surface  of  the  chill.  The  centre  of  the  stereographic 
projection  corresponds  to  the  normal  to  the  chill  surface  (Gandin  et  al  1995). 


or  it  was  already  fully  solid;  (ii)  the  cell  was  liquid  and  it  becomes  mushy  by 
nucleation  or  capture  of  a  growing  grain  (i.e.  Ic^,  changes  from  zero  to  a  positive 
value);  (iii)  the  cell  was  mushy  but  not  fully  solid.  To  each  case  is  associated  a 
variation  of  the  internal  volume  fraction  of  the  cell,  Once  the  of  all  the 
cells  have  been  calculated  using  the  CA,  the  values  6fs,i  at  the  FE  node  locations 
are  summed  up  and  the  new  temperatures  are  then  deduced  according  to 

the  heat  balance:  6 Hi  =  Cp6Ti  —  L6fs,i> 

{h)  Results 

Since  the  CAFE  model  is  still  2D,  figure  8  must  be  viewed  as  a  2D  section  of  a 
blade.  The  grain  selector  has  been  highly  idealized  as  a  simple  zigzag  and  an  extra 
reservoir  (riser)  of  molten  metal  at  the  top  of  the  blade  has  been  designed.  Figure 
8a  shows  the  2D  FE  enmeshment  used  for  the  heat  flow  computations  and  the 
enlargement  view  located  on  the  left  corresponds  to  the  left  corner  of  the  bottom 
platform.  This  zoom  shows  both  the  FE  enmeshment  and  the  CA  square  grid,  the 
latter  being  only  defined  for  the  inetal  part.  The  final  grain  structure  calculated 
with  the  fully  coupled  CAFE  model  is  shown  in  figure  Sb  with  various  grey  levels. 
The  various  steps  of  the  solidification  process  are  shown  in  figures  8c-z. 

Figures  8c  and  Sd  show  the  temperature  distribution  and  the  grain  structure 
at  time  t  =  30  s  in  the  bottom  part  of  the  grain  selector.  The  temperature  scale 
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Figure  7.  Coupling  of  the  CA  algorithm  with  FE  heat  flow  computations. 


was  chosen  so  as  to  reveal  the  position  of  the  liquidus  front  (Tl  =  1312  °C)  and  to 
give  an  indication  of  the  thermal  gradient.  From  the  many  grains  nucleated  at  the 
surface  of  the  chill,  only  two  grains  remain  after  the  zigzag  of  the  selector  (figure 
8e,  t  =  230  s).  Since  most  of  the  heat  flow  still  goes  through  the  grain  selector, 
the  isotherms  are  curved  and  the  dendrite  fronts  of  both  grains  are  convex. 

At  time  i  =  320  s,  the  liquidus  temperature  is  already  above  the  first  platform 
on  the  right  of  the  blade  and  the  left  corner  of  the  platform  is  also  cooled  below 
Tl  (flgure  8/).  Since  the  dendritic  network  has  to  propagate  in  these  open  regions 
of  liquid,  the  grain  structure  has  the  morphology  shown  in  flgure  8^.  However, 
before  the  grain  can  reach  the  end  of  the  platform  on  the  right,  a  new  grain 
has  nucleated  at  this  place.  At  time  t  =  400  s  (flgure  8/i),  the  right  part  of  the 
platform  is  already  fllled  by  the  dendrites  but  another  stray  crystal  has  nucleated 
at  the  left  of  the  platform.  The  liquidus  isotherm,  Tl,  is  outlined  by  a  nearly 
horizontal  line  and  is  already  located  within  the  airfoil. 

Figure  Si  is  an  enlargement  of  the  final  grain  structure  calculated  in  the  airfoil. 
The  (10)  crystallographic  orientation  of  the  two  crystals  is  indicated  with  arrows: 
the  grain  at  the  left  has  a  misorientation  of  -14°  with  respect  to  the  vertical  axis 
of  the  blade  whereas  that  of  the  right  grain  is  -f  14°.  The  position  of  the  liquidus 
isotherm  is  also  plotted  on  this  flgure  for  three  different  times  of  solidification.  As 
can  be  seen,  the  liquidus  front  which  was  slightly  convex  at  the  exit  of  the  first 
platform  becomes  flat  and  then  concave  as  solidification  proceeds.  This  change  in 
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Figure  8.  (a)  Enmeshment,  (6),  (rf),  (e),  {g),  (/i),  (z)  grain  structure  and  (c),  (/)  temperature 
maps  during  and  after  solidification  of  an  idealized  2D  turbine  blade. 

the  thermal  gradient  direction  has  a  direct  influence  on  the  shape  of  the  boundary 
between  these  two  grains. 


5.  Conclusion 

Although  the  full  CAFE  model  presented  here  is  still  2D,  it  brings  valuable 
insights  into  the  mechanisms  of  grain  structure  formation  in  various  solidiflcation 
processes.  The  grain  selection  mechanisms  in  the  columnar  zone  of  DS  turbine 
blades,  the  transition  from  columnar-to-equiaxed  structures,  the  formation  of 
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stray  crystals  at  section  changes  of  the  mould,  the  influence  of  the  thermal  gra¬ 
dient  direction  on  the  shape  of  the  grain  boundaries  have  been  demonstrated  for 
an  investment  cast  turbine  blade. 

To  use  the  full  capability  of  the  coupled  CAFE  model,  it  is  necessary  to  extend 
it  to  three  dimensions.  Such  an  extension  has  been  done  under  the  limitation  of 
uniform  temperature  situations  (Gandin  et  al  1993,  1994,  1995)  and  already  has 
brought  quantitative  answers  regarding  the  evolution  of  the  grain  density  and 
texture.  The  full  3D  CAFE  model  will  be  an  important  simulation  tool  for  the 
optimization  of  the  grain  selector  shape,  of  the  casting  conditions  and  of  the  yield 
rate  of  complex  investment  cast  components. 

The  authors  thank  Dr  Ph.  Thevoz  and  Dr  H.  Combeau  for  providing  figures  1  and  2  and  the 
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Discussion 

A.  M.  Stoneham  {Industrial  Technology,  Harwell,  UK).  The  end  result  of  Pro¬ 
fessor  Rappaz’s  very  nice  work  is  a  structure  (grain  structure  and  dendrites). 
Some  other  workers  have  used  the  realizations  from  mesoscopic  calculations  to 
predict  performance  (e.g.  John  Harding’s  work  on  plasma- sprayed  coating,  where 
mechanical  properties  were  predicted).  Does  he  have  plans  of  this  sort? 

M.  Rappaz.  Not  at  the  moment.  With  the  existing  models  of  microstructure  for¬ 
mation,  the  grain  morphology  and  size,  the  fraction  of  phases,  the  dendrite/eutec¬ 
tics  spacings  can  be  calculated  for  as-cast  components.  However,  the  dependence 
of  mechanical  properties  and  performances  of  a  component  is  a  complex  function 
of  all  these  parameters.  Furthermore,  subsequent  heat  treatments  (e.g.  homoge¬ 
nization,  7'  precipitation)  modify  the  as-cast  structures  and  the  properties.  The 
present  models  are  therefore  only  one  piece  of  the  puzzle,  but  nevertheless  essen¬ 
tial  for  the  process  engineer. 

M.  McLean  {Imperial  College,  UK).  What  material  data  are  required  to  allow 
the  models  of  solidification  to  make  quantitative  predictions  of  the  microstructure 
that  develops?  Also,  how  sensitive  are  these  predictions  to  the  uncertainties  in 
these  data? 

M.  Rappaz.  The  importance  of  thermophysical  and  other  materials  data  is  not 
emphasized  enough  in  the  modelling  community.  Together  with  boundary  condi¬ 
tions,  they  are  essential  in  any  macroscopic  calculations.  The  present  model  also 
requires  reliable  phase  diagram  data,  diffusion  coefficients,  surface  tension,  etc. 
in  order  to  calculate  the  solidification  path  and  the  growth  kinetics  of  the  den¬ 
drites.  The  nucleation  parameters  are  certainly  the  most  critical  and  can  only  be 
deduced  from  carefully  controlled  experiments.  This  shows  that  simulation  and 
experiment  really  go  together  and  cannot  replace  each  other, 

M.  S.  Loveday  {Division  of  Materials  Metrology,  National  Physical  Laboratory, 
Teddington,  UK).  Professor  Rappaz  has  presented  a  very  interesting  example 
showing  the  importance  of  process  control  for  the  optimization  of  grain  structure 
in  an  important  technologically  advanced  component,  i.e.  a  gas  turbine  blade. 
Processibility  was  recognized  by  the  Department  of  Trade  and  Industry  (UK) 
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as  an  important  area  when  new  research  programmes  were  initiated  about  two 
years  ago.  There  are  now  several  research  projects  underway  aiming  to  produce 
data  of  the  appropriate  precision  for  use  in  process  control  models,  or  to  develop 
standard  methodology  for  the  procurement  of  such  data.  Projects  are  underway 
at  the  National  Physical  Laboratory,  the  National  Engineering  Laboratory,  AEA 
Technology  and  the  IRC  Birmingham/ Swansea  to  address  problems  such  as  (i) 
Measurement  of  heat  capacities,  enthalpies,  melting  ranges,  densitites,  viscosities, 
surface  tension  and  thermal  conductivities  for  commercial  alloys,  (ii)  viscosity  and 
elasticity  of  polymers,  (iii)  phase  changes,  recrystallization  kinetics,  friction  and 
heat  transfer  coefficients  for  rolling  and  forging  of  metals,  (iv)  optimization  of 
soldered  joints  for  the  electronics  industry,  (v)  rheology  of  fluid  solid  mixtures  for 
moulding  components,  and  (vi)  physical  and  mechanical  properties  of  liquid-solid 
mixtures  for  casting  of  metals. 

Clearly  most  of  the  above  activities  have  a  direct  relevance  to  the  production 
of  components  many  of  which  will  see  service  in  high-temperature  structural  ap¬ 
plications.  All  of  the  projects  are  supervised  by  Industrial  Advisory  Committees, 
and  it  is  intended  to  rapidly  disseminate  the  findings  to  the  relevant  sections  of 
industry. 
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Scatter  in  mechanical  property  data  of  a  metallic  alloy  derives  from  two  sources: 
a  variable  microstructure  or  an  inadequate  and  sometimes  badly  executed  test 
method.  A  quantified  example  of  each  source  of  scatter  is  given  in  this  paper  by 
examining  two  important  high- temperature  properties:  uniaxial  tensile  creep  and 
low-cycle  fatigue.  Creep-lifetime  data  of  engineering  alloys  often  show  scatter- 
bands  much  greater  than  can  be  accounted  for  on  the  basis  of  well-understood 
physics  of  testing-induced  scatter.  Bounds  to  this  material-induced  scatter  have 
been  computed  for  a  low-alloy  ferritic  steel  dataset  using  a  physically  based  creep 
model  incorporating  damage  state  variables.  High-temperature  low-cycle  fatigue 
demands  a  more  complicated  test  procedure  than  does  steady-load  creep  and  the 
large  interlaboratory  scatter  found  in  recent  round  robin  data  from  26  laborato¬ 
ries  in  Europe  and  Japan  has  highlighted  inadequacies  in  the  standardized  test 
method.  A  simple  material  model  and  fracture  criterion  has  been  used,  in  con¬ 
junction  with  a  previously  introduced  testpiece-bending  model,  to  predict  testing- 
induced  interlaboratory  scatter  for  the  two  nickel-base  superalloys  reported  upon 
in  the  round  robin  exercise. 


1.  Introduction 

Low-cycle  fatigue  and  creep  are  two  of  the  most  important  high-temperature 
mechanical  properties  in  aero-engine  applications  and  their  laboratory-testpiece 
data  often  show  a  large  scatter.  Mechanical  property  data-scatter  is  univer¬ 
sal  and  its  degree  depends  on  both  the  material  and  the  testing  procedures. 
Material-induced  scatter  is  caused  by  gross  spatial  variability  in  the  material’s 
microstructure  within  a  single  ‘cast’  or  to  microstructural  variability  between 
different  casts:  the  ‘tightness’  of  the  chemical  specification;  the  shape  and  size 
of  the  component  from  which  the  testpiece  is  manufactured;  and  the  compo¬ 
nent’s  thermo-mechanical  processing  route  all  contribute  towards  the  extent  of 
microstructural  inhomogeneity.  It  is  only  through  qualitative  (or  preferably  quan¬ 
titative)  implementation  within  the  processing  technology  of  expensively  acquired 
microstructural  and  kinetic  knowledge  that  some  control  can  be  exerted  on  the 
magnitude  of  this  cause  of  data-scatter.  The  more  mature  a  material  is  in  its 
engineering  usage,  the  more  likely  there  will  be  an  adequate  knowledge-base  to 
facilitate  close  microstructural  control.  Whether  implementation  will  be  econom¬ 
ically  worthwhile  is  another  matter;  the  specific  product  will  certainly  need  to 
have  sufficient  added-value,  which  goes  some  way  towards  understanding  why 
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microstructural  control  has  progressed  more  in  aero-engine  applications  than  in, 
for  example,  petrochemical  plant. 

Data-scatter  resulting  from  inadequacies  in  creep  and  low-cycle  fatigue  (lcf) 
testing  has  three  main  constituents:  (i)  random  and  systematic  errors  in  mea¬ 
surements  made  during  testing;  (ii)  random  fluctuations  in  the  magnitudes  of 
the  test  control-parameters:  force/stress,  displacement /strain  and  temperature; 
(iii)  errors  in  the  computation  of  strain  due  to  uncertainties  in  the  magnitude  of 
the  operative  gauge  length  and/or  its  local  state  of  loading.  Testing-scatter  has 
received  a  high  profile  over  the  last  decade  as  a  consequence  of  the  drive  towards 
harmonization  and  accreditation  of  testing  methods,  aimed  at  removing  potential 
barriers  to  trade  in  the  global  market.  Research  has  been  sponsored  in  Europe  by 
the  Community  Bureau  of  Reference  (BCR)  and  fostered  internationally  by  the 
Versailles  Project  on  Advanced  Materials  and  Standards  (VAMAS).  Repeatabil¬ 
ity  of  a  dataset  within  a  single  laboratory  and  reproducibility  of  the  equivalent 
dataset  between  laboratories  rely  in  the  first  instance,  on  the  existence  of  Mea¬ 
surement  Standards  for  length,  mass,  time,  temperature,  etc.,  and  secondly  on 
Documentary  Standards.  The  latter  contain  not  only  methodologies  for  perform¬ 
ing  what  are  often  highly  complicated  materials  property  tests,  but  provide  a 
framework  for  documented  traceability  to  Measurement  Standards  (Dyson  et  al 
1995;  Hossain  &  Seed  1995). 

Lack  of  precision  in  data  is  not  always  an  issue  when  materials  are  being  consid¬ 
ered  for  structural  applications  -  for  example  in  the  early  stages  of  design  (Ashby 
1989,  1991)  -  but  once  a  material  class  has  been  chosen  for  a  particular  applica¬ 
tion,  data-scatter  poses  an  obvious  problem  for  a  design  engineer  hoping  to  steal  a 
competitive-edge  in  a  global  market  place  that  is  increasingly  unforgiving  of  fail¬ 
ure  to  deliver  on  time  and  to  specification.  In  Europe,  the  harmonization  process 
may  itself  cause  an  increase  in  data-scatter  in  the  future,  as  a  consequence  of  its 
‘lowest  common  denominator’  policy  towards  test  methods  (Loveday  1992).  This 
is  ironic  considering  that  the  potential  of  cheap  computer-based  design  and  life¬ 
time  prediction  will  become  more  difficult  to  realise  if  the  input  data  (condensed 
though  it  will  be,  as  constitutive  laws)  is  insufficiently  precise. 

Since  data-scatter  is  a  fact  of  life,  its  physical  origins  require  quantitative  under¬ 
standing  if  full  use  is  to  be  made  of  materials  data  in  structural  design,  although 
this  is  not  the  route  currently  chosen  by  European  Standards  committees,  which 
take  a  purely  statistical  stance,  probably  due  to  the  fact  that  physically  based 
methods  of  quantifying  data-scatter  are  only  now  emerging.  This  paper  focuses 
on  two  recent  advances  in  predictive  modelling  of  data-scatter:  in  creep,  when  the 
source  of  scatter  lies  primarily  in  ‘cast-to-cast’  microstructural  differences;  and 
in  low-cycle  fatigue,  when  scatter  can  be  attributed  to  inadequacies  in  the  test 
method. 


2.  Modelling  materials-scatter  in  creep 

(a)  Background 

Within  an  advanced  and  frequently  accredited  (Henderson  &  Thomas  1995) 
creep-testing  laboratory,  random  and  systematic  errors  in  basic  metrology  should 
be  small  and  contribute  little  to  data-scatter:  the  resolutions  of  devices  for  mea¬ 
suring  displacement,  force  and  temperature,  recommended  in  Documentary  Stan¬ 
dards,  are  usually  more  than  adequate  for  the  task.  An  exception  being  the  de- 
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termination  of  Young’s  modulus  using  testpieces  with  a  short  (but  still  within 
standard)  gauge  length  (Loveday  1992).  Similarly,  fluctuations  in  the  control 
parameters  (the  so-called  tolerances)  can,  using  modern  devices,  be  easily  kept 
within  the  ranges  allowed  by  Documentary  Standards.  In  uniaxial  creep  test¬ 
ing  (which  accounts  for  the  majority  of  creep  strain  data),  there  are  systematic 
errors  generated  during  the  computation  of  strain  from  displacements  made  on 
testpieces  having  extensometer  ridges,  because  the  accompanying  non-uniform 
strain  fields  give  rise  to  an  uncertain  gauge  length.  Extensometer  ridges  are  used 
world- wide  in  creep  testing  and  a  comprehensive  finite  element  study  has  recently 
been  published  of  the  errors  in  strain  that  are  predicted  to  occur  when  superalloy 
behaviour  is  simulated  using  a  multiaxial  material  model  with  tertiary-damage 
variables  (Lin  et  al.  1993a).  Testpieces  with  nominal  gauge  lengths  greater  than 
approximately  40  mm  -  universally  used  to  generate  so-called  high-sensitivity 
creep  strain  data  -  are  predicted  to  have  only  small  errors  from  this  source  and 
these  can  be  reduced  to  negligible  levels  using  a  modified  design  for  the  ridge 
(Lin  et  al  19936). 

Uniaxial  creep  data  should  therefore  be  procurable  with  a  minimum  of  repro¬ 
ducibility  errors  caused  by  inadequacies  in  testing  procedures.  This  conclusion  is 
further  justified  by  the  relatively  recent  validation  of  a  Creep  Reference  Material 
(Gould  &  Loveday  1992),  where  it  was  demonstrated  that  scatter  in  strain/time 
trajectories  exhibited  by  the  Reference  Material  could  be  accounted  for  by  the 
tolerances  on  stress  and  (particularly)  temperature  specified  in  Documentary 
Standards.  Figure  1  illustrates  this  with  a  set  of  six  creep  curves  generated  by  a 
single  laboratory  and  reported  by  Gould  &  Loveday  (1992):  the  scatter  markers 
shown  in  figure  1  were  calculated  from  the  tolerances  specified  in  BS  3500  and 
ISO  DIS783  using  a  simple  power-law  creep  model  with  exponential  temperature 
dependency.  The  sigmoidal  primary  creep  displayed  in  figure  1  is  unusual  for  this 
material  (a  specially  prepared  batch  of  Nimonic  75)  but  is  a  useful  monitor  of 
testing  proficiency. 

In  spite  of  an  adequate  test  procedure,  scatter  in  creep  lifetime  data  of  en¬ 
gineering  alloys  is  widespread  and  particularly  bad  in  the  extensive  databases 
that  have  been  generated  for  ferritic  steels  used  as  high-temperature  structural 
components  in  electricity  power  plant.  It  is  unlikely  that  scatter  is  caused  by 
poor  implementation  of  the  creep  test  procedure  and  indeed  the  electricity  sup¬ 
ply  industry  devoted  much  effort  in  the  1960s  establishing  this  point.  Figure  2 
is  the  only  comprehensive  systematic  study  known  to  the  author  that  clearly 
and  unambiguously  relates  thermally  induced  microstructual  changes  in  an  im¬ 
portant  engineering  material  with  subsequent  scatter  in  creep  lifetimes.  Toft  ^ 
Marsden  (1961)  classified  the  microstructures  of  l%Crl/2%Mo  steel  tube  com¬ 
ponents  that  had  been  exposed  to  a  variety  of  thermal  environments  in  service 
before  laboratory  creep  testing;  each  symbol  in  figure  2  represents  a  particular 
microstructure,  although  in  practice  there  was  necessarily  some  subjectivity  in 
the  classification.  Toft  &  Marsden  made  the  very  interesting  point  that  indi¬ 
vidual  extrapolation  of  each  dataset  using  the  empirical  Manson-Haferd  (1953) 
method  predicts  a  common  lifetime  of  10^  h  for  all  microstructures  at  a  stress  of 
approximately  30  MPa.  It  is  suggested  here  that  the  connection  between  Toft  & 
Marsden’s  work  and  the  scatter  exhibited  by  ferritic  steel  creep  data  in  general 
lies  in  the  fact  that  the  processing  route  for  these  materials  naturally  results  in  a 
spectrum  of  microstructures  between  casts  and  that  this  is  the  underlying  cause 
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Figure  1.  Illustrating  the  adequacy  of  uniaxial  tensile  creep  testing  practice  using  a  Nimonic  75 
Creep  Reference  Material  (Gould  &  Loveday  1992). 


time  to  fracture  /  h 

Figure  2.  Time  to  fracture  as  a  function  of  stress  for  four  different  batches  of  l%Crl/2%Mo 
steel  (replotted  data  of  Toft  &:  Marsden  1961). 


of  the  data-scatter.  The  working  hypothesis  in  this  paper  is  that  the  primary 
detailed  micromechanism  of  material-scatter  in  ferritic  steels  lies  in  the  volume 
fraction  and  dispersion  characteristics  of  the  main  carbide-strengthening  particles 
and  that  efficient  extrapolation  procedures  will  only  emerge  through  quantitative 
creep  modelling. 


(b)  Material  model 

The  uniaxial  creep  behaviour  of  precipitation  hardened  alloys  has  recently  been 
modelled  by  Dyson  &  Osgerby  (1993).  Creep  is  hypothesized  as  being  rate-limited 
by  the  drift  of  dislocations  surmounting  a  spherical  particle  distribution  which 
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8  X 
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0.4 
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is  spatially  homogeneous.  Drift  occurs  by  climb  and  glide  occurring  in  parallel 
along  any  dislocation  segment  and  leads  to  an  activation- area  that  reflects  the 
state  of  precipitate  dispersion,  thus  predicting  an  effect  of  coarsening  and/or 
volume  fraction  which  manifests  itself  either  as  tertiary  creep  or  as  an  initial 
weakening  when  the  material  has  been  given  a  prior  thermal  exposure.  Creep 
behaviour  is  given  by  the  constitutive  and  damage  evolution  equation-set: 


.... 

e  =  eo  sinh  — - - - - r, 

(7o(l  -  5^)(1  -cc;) 

H=h'{l~H/H*)e/a, 

S= 

uj  =  De. 


> 


(2.1) 


Equation-set  (2.1)  differs  in  two  ways  from  previous  attempts  (reviewed  by  Dyson 

McLean  1990;  McLean  et  al  1991)  to  provide  physically  based  constitutive 
and  damage  evolution  equations  for  predicting  creep  behaviour:  the  new  creep 
mechanism  has  a  sinh  stress-function,  rather  than  the  more  familiar  power-law 
and  thereby  models  minimum  creep  rates  well;  the  effect  of  particle  coarsening 
enters  the  strain  rate  equation  as  a  stress  multiplier,  rather  than  as  the  usual 
threshold  stress. 

The  first  term  in  equation-set  (2.1)  defines  the  true  creep  rate,  e,  in  terms  of  (i) 
the  uniaxial  stress,  a;  (ii)  the  hardening  parameter,  H,  causing  primary  creep  due 
to  internal  stress  redistribution;  (iii)  the  softening  parameter,  5,  causing  tertiary 
creep  by  the  Lifshitz-Slyozov  (1961)  particle-coarsening  equation;  and  (iv)  the 
softening  parameter,  cj,  causing  tertiary  creep  and  fracture.  The  unusual  form  of 
the  Lifshitz-Slyozov  (1961)  equation  is  a  consequence  of  the  parameter  5  being 
defined  by  5  =  1  —  to  range  between  zero  and  unity;  p  is  the  interparticle 
spacing  and  the  subscript  denotes  an  initial  value.  Explicit  expressions  for  eo  and 
(Jo,  given  by  Dyson  k  Osgerby  (1993),  are  not  sufficiently  accurate  for  lifetime 
prediction  and  were  treated,  along  with  h'^  K'  and  if*,  as  model  parameters  to 
be  determined  from  creep  data  analysis,  but  constrained  by  physics  to  lie  within 
certain  ranges.  Table  1  gives  the  parameters  derived  by  Dyson  &  Osgerby,  from 
l%Crl/2%Mo  steel  data  generated  in  a  COST  501  programme  of  the  European 
Community. 

The  activation  energy  in  cq  is  nominally  that  of  self- diffusion,  while  that  for 
K'  additionally  contains  the  heat  of  solution  of  carbon  in  iron.  The  COST  pro¬ 
gramme  used  material  that  had  been  either  newly  processed  or  service-exposed 
for  250000  h  at  525  °C;  table  1  applies  to  new  material  and  to  material  service- 
exposed  at  temperatures  greater  than  883  K.  For  material  service-exposed  at 
temperatures  greater  than  800  K  but  less  than  883  K,  |(Jo|  is  replaced  by  the 
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Figure  3.  Illustrating  the  ability  of  equation-set  (2.1)  to  model  the  substantial  differences  in 
fracture  lifetimes  between  new  l%Crl/2%Mo  steel  and  serviced-exposed  material.  The  only 
model  parameter  to  be  changed  is  (Jq,  which  quantifies  the  coarsening  of  the  particles. 

following: 

(Jo  =  1.62  exp[1300/T]  MPa.  (2.2) 

Equation  (2.2)  reflects  the  effect  of  thermal  ageing  during  service  exposure  on 
the  initial  carbide  particle  spacing,  while  the  activation  energy  is  believed  to  be 
related  to  the  temperature  dependence  of  the  particulate  volume  fraction.  Table 
1  and  equation  (2.2)  have  been  used  as  input  parameters  in  equation-set  (2.1)  to 
generate  the  solid  and  dashed  curves  in  figure  3  which,  in  qualitative  agreement 
with  the  empirical  calculations  of  Toft  Sz  Marsden  (1961),  predict  convergence  of 
behaviour  in  new  and  service-exposed  material  at  times  of  the  order  of  10^  h. 

(c)  Predicted  creep  data-scatter 

Figure  4  compares  the  lifetime/stress  data  of  Toft  &  Marsden  (1961)  with 
the  behaviour  predicted  using  the  COST  model  material  parameters  given  in 
table  1,  from  which  a  value  of  do  =  10.5  MPa  can  be  calculated  at  a  temperature 
of  565  °C.  The  predicted  behaviour  lies  not  only  within  but,  more  importantly, 
towards  the  top  of  the  scatter  band  (consistent  with  the  Toft  &  Marsden  data 
being  service-exposed)  and  so  gives  confidence  in  the  underlying  physics  of  the 
model.  It’s  potential  usefulness  in  extrapolating  data  that  are  scattered  primarily 
because  of  large-scale  material  inhomegeneities  is  illustrated  in  figure  5:  the  two 
solid  lines  bounding  the  data  were  calculated  using  values  of  Cq,  K' ^  h'  and  H* 
given  in  table  1  calculated  at  565  °C,  with  two  values  of  do  to  reflect  the  extremes 
of  microstructure. 

3.  Modelling  testing-scatter  in  low-cycle  fatigue 

(a)  Background 

In  1985,  an  intercomparison  programme  on  high- temperature  low-cycle  fatigue 
(lcf)  was  sponsored  by  BCR,  with  the  UK’s  National  Physical  Laboratory  (NPL) 
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Figure  4.  Comparison  of  Toft  &  Marsden  (1961)  data  with  predictions  using  equation-set  (2.1) 

and  COST  model  parameters. 


Figure  5.  Bounding  of  Toft  &  Marsden  (1961)  data  using  equation-set  (2.1)  and  COST  model 

parameters  with  two  values  of  ao. 


taking  the  lead.  The  proposal  had  evolved  from  an  initiative  by  the  UK’s  High 
Temperature  Mechanical  Testing  Committee  to  prepare  a  code  of  testing  practice 
(Thomas  et  al  1989),  based  upon  an  emerging  European  consensus  on  best  prac¬ 
tice.  Four  types  of  metallic  alloy  were  tested:  AISI  316L  steel,  9CrlMo  steel  and 
IN  718  at  550  °C;  and  Nimonic  101  at  850  °C.  Twenty-six  laboratories  in  Europe 
and  Japan  produced  61  sets  of  LCF  data  which  were  subsequently  analysed  by 
Thomas  &  Varma  (1992).  Laboratories  were  requested  to  test  three  testpieces  at 
each  of  3  prescribed  strain  ranges  for  every  alloy:  in  the  event,  not  all  laboratories 
tested  every  alloy  and  some  used  more  than  one  type  of  extensometer  in  order 
to  explore  their  differences.  The  results  within  any  one  laboratory  showed  little 
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Figure  6.  Four  sets  of  low-cycle  fatigue  test  results  from  a  single  laboratory  in  the  BCR  round 
robin  exercise  (original  data  from  Thomas  &  Varma  1992). 


scatter  and  examples  of  this  good  repeatability  are  given  in  figure  6.  In  contrast, 
reproducibility  of  data  between  laboratories  for  all  four  materials  was  extremely 
poor,  as  illustrated  in  figure  7  with  results  for  the  nickel-base  superalloy  Nimonic 
101.  The  results  given  in  figure  7  are  in  the  form  of  a  box  plot;  thus  although  only 
three  strain  ranges  have  been  used,  each  is  expanded  for  the  purpose  of  identi¬ 
fying  the  relatively  small  repeatability  scatter  within  each  laboratory.  Figure  7 
underestimates  the  magnitude  of  the  data-scatter  because  Thomas  &  Varma  had 
to  leave  out  datasets  whenever  their  analysis  showed  that  the  detailed  guidelines 
covering  test  conditions  and  reporting  requirements  had  not  been  followed.  Since 
repeatability  scatter  was  small  compared  to  reproducibility  scatter  and  testpiece 
samples  had  been  issued  randomly  to  minimize  effects  due  to  material-scatter, 
the  problem  was  clearly  one  of  inadequate  testing.  By  detailed  argument,  Thomas 
&  Varma  (1992)  reduced  the  large  number  of  conceivable  reasons  for  the  poor 
reproducibility  to  a  possible  three:  (i)  bending  of  the  testpiece;  (ii)  uncertainties 
in  the  measurement  of  strain  range;  (iii)  uncertainties  in  the  measurement  and 
control  of  temperature. 

Lcf  data  are  plotted  in  the  engineering  literature  with  lifetime,  iVf,  as  a  func¬ 
tion  of  total  strain  range,  Ae.  Over  small  strain  ranges,  the  following  empirical 
law  adequately  approximates  behaviour: 

N(Ae^  =  K,  (3.1) 


where  K  and  (3  are  constants  for  a  given  material  only. 

Equation  (3.1)  can  be  differentiated  to  give  the  lifetime  nncertainty,  dVf/TVf: 


dVf  _  fdAe' 
Nf  ~  ^  L  Ae  .  ■ 


(3.2) 


Over  larger  strain  ranges,  K  and  (3  are  found  to  vary  systematically,  demonstrat¬ 
ing  that  equation  (3.1)  does  not  represent  the  correct  physics;  a  more  physically 
realistic  model  will  be  used  in  §  3  fe. 

Contributions  to  the  uncertainty  in  strain  range  d(Ae)/Ae  can  occur  from 
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Figure  7.  Illustrating  the  extent  of  interlaboratory  scatter  in  the  BCR  round  robin  exercise, 
using  Nimonic  101  at  850  °C  as  an  example  (Thomas  Varma  1992). 


measurement- errors  alone  but  these  are  unlikely  to  be  of  any  great  significance 
when  modern  contact  extensometers  are  used  correctly.  Kandil  &  Dyson  (1993a,  b) 
considered  in  considerable  detail  the  influence  of  testpiece-bending  on  LCF  life¬ 
times  and  proposed  two  new  mechanisms  that  would  lead  to  uncertainties  in  the 
value  of  the  control  strain  range.  The  major  contributing  mechanism  of  testpiece- 
bending  was  suggested  to  be  due  to  a  lateral  offset  of  the  centrelines  of  the  load 
train  with  respect  to  the  machine’s  frame.  This  doad-train-offset’  model  of  bend¬ 
ing  predicted  not  only  a  linear  increase  in  bending  strain  with  load,  but  a  reversal 
in  curvature  of  the  (induced)  banana-shaped  testpiece  between  tension  and  com¬ 
pression  loading.  As  a  consequence,  the  uncertainty  in  strain  range  becomes  twice 
the  magnitude  of  the  maximum  fractional  bending  strain,  Cb/Acc,  measured  in 
the  setting-up  procedure.  The  maximum  bending  strain  Cb  is  defined  as  half  the 
difference  between  the  maximum  and  minimum  strains  measured  across  the  plane 
of  maximum  bending;  A 6c  is  the  control  strain  range  of  the  test.  For  a  test  set 
up  according  to  ASTM  Standard  E606-80  (1980),  the  maximum  uncertainty  in 
strain  range  becomes  10%,  rather  than  5%,  which  manifests  itself  in  a  potentially 
larger  repeatability-scatter  within  a  single  laboratory.  The  other  proposed  new 
source  of  strain  uncertainty  is  specific  to  the  now  almost  universal  use  of  a  sin¬ 
gle  side-entry  extensometer  to  measure  and  control  displacements  and  leads  to 
reproducibility  errors.  Because  of  the  procedures  used  in  LCF  testing  (bending 
being  invariably  measured  with  a  separate  strain-gauged  testpiece)  the  location 
of  the  extensometer  on  the  testpiece  will  be  randomly  related  to  the  plane  of 
maximum  strain,  induced  by  the  bending.  This  means  that  even  though  the  con¬ 
trol  strain  may  be  set  accurately  at  a  constant  value  in  a  series  of  tests,  resultant 
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Figure  8.  Comparison  of  predicted  scatter  in  LCF  lifetimes  with  BCR  datasets  conforming  to 
the  ASTM  bending  criterion  (Kandil  &:  Dyson  19936). 


lifetimes  will  depend  on  the  angular  position  of  the  extensometer  around  the 
circumference  of  the  testpiece,  even  when  bending  is  kept  constant.  For  exam¬ 
ple,  when  the  extensometer  is  positioned  in  the  plane  of  maximum  bending,  the 
maximum  strain  range,  Ae^ax,  is  equal  to  the  control  strain  range,  Acc;  whereas, 
when  the  extensometer  is  positioned  diametrically  opposite,  Ae^ax  =  Aec  +  4Aeb. 
Since  test  data  are  compared  on  reported  values  of  Acc  and  yet  failure  is  often 
thought  to  initiate  at  the  point  of  maximum  strain,  it  is  clear  that  the  use  of  a 
single  extensometer  will  lead  to  interlaboratory  differences  in  lifetime.  To  quan¬ 
tify  the  consequences  for  interlab  oratory  scatter,  Kandil  &  Dyson  (1993a)  made 
the  reasonable  assumption  that  the  angular  position  of  the  extensometer  relative 
to  the  plane  of  maximum  bending  would  remain  sensibly  constant  from  test  to 
test  within  a  single  laboratory  (provided  that  only  a  single  machine  were  used). 
The  maximum  uncertainty  in  the  strain  range  between  laboratories  conforming  to 
ASTM  Standard  E606-80  (1980)  now  becomes  20%  (4eb).  Figure  8  is  taken  from 
Kandil  &  Dyson  (19936)  to  illustrate  the  reasonably  good  agreement  between 
their  predicted  reproducibility-scatter  and  data  obtained  from  several  laborato¬ 
ries  participating  in  the  BCR  exercise.  The  data  selected  for  use  in  figure  8  was  a 
fraction  of  the  whole  database,  restricted  by  the  constraint  that  each  laboratory 
should  provide  evidence  that  bending  conformed  to  ASTM  E606-80.  Many  data 
were  excluded  for  this  reason,  from  which  it  is  reasonable  to  infer  that  this  inabil¬ 
ity  to  control  the  test  procedure  contributed  significantly  to  the  larger  scatter  of 
the  whole  database. 

Kandil  &  Dyson  (19936)  predicted  the  scatter-bands  in  figure  8  by  using  in¬ 
formation  derived  from  the  BCR  round  robin  experimental  datasets:  values  of  (3 
and  K  (equation  (3.1))  were  determined  for  each  strain  range  from  curves  of  the 
type  shown  in  figure  6.  Lifetime  scatter-bands  at  a  prescribed  total  strain  range, 
such  as  those  presented  in  figure  8  were  calculated  using  equation  (3.1)  with 
the  appropriate  levels  of  uncertainty  predicted  by  the  doad-train-offset’  model 
of  bending.  The  procedure  demonstrated  the  potential  of  the  ‘load-train-offset’ 
model  in  understanding  scatter  in  LCF  data  but  its  reliance  on  specific  experimen- 
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Figure  9.  Comparison  of  lcp  data-scatter  for  Nimonic  101  at  850  °C  with  lifetime  and 
associated  scatter-band  predictions  calculated  from  equation  (3.5). 

tal  data  precludes  general  applicability.  An  alternate  and  more  general  procedure, 
explored  in  the  following  section,  is  to  use  the  ‘load-train-offset’  model  of  bend¬ 
ing  in  conjunction  with  a  material-behaviour  model  and  data  from  independent 
sources. 


(h)  A  model-based  prediction  of  LCF  scatter-bands 

Although  complex  empirical  constitutive  models  of  material  behaviour  under 
reversed  loading,  similar  in  construction  to  equation-set  (2.1),  have  been  aired  in 
the  literature,  their  detailed  application  to  nickel-base  superalloys  is  still  debat¬ 
able.  A  very  simple  material-behaviour  model  will  be  used  here:  uniaxial  loading; 
no  transients;  no  time-dependency;  and  linear  cyclic  hardening.  The  stress  range, 
Act,  in  the  LCF  cycle  is  then  related  to  the  plastic  strain  range,  Acp,  by: 

Act  =  Aay  -|-  /iAcp,  (3.3) 

where  Aay  and  h  are  respectively,  the  material’s  cyclic  yield  stress  and  work¬ 
hardening  coefficient. 

Rather  than  using  equation  (3.1),  material  failure  in  LCF  is  better  represented 
by  relating  lifetime  to  plastic  strain  range  (Tavernelli  &  Coffin  1959): 


N,Ae;  =  C,  (3.4) 

where  C  and  z/  are  constants,  approximately  independent  of  material.  For  pre¬ 
dictive  purposes  in  engineering,  equation  (3,4)  has  to  be  put  in  terms  of  the 
total  strain  range  Ae,  controlling  the  test.  Using  equations  (3,3)  and  (3.4)  and 
Ae  =  Acp  -T  Aa/E,  where  E  is  Young’s  modulus,  gives 


Nf 


E 

E  +  h 


(Ae  -  Aey) 


U 


=  C, 


(3.5) 


where  Ae^  is  the  strain  range  at  yield. 

Equation  (3.5)  has  been  used  to  construct  figures  9  and  10,  which  plot  the 
predicted  number  of  cycles  to  failure,  A’f,  at  total  strain  range,  Ae  (thin  solid 
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Table  2.  Model  parameters  used  in  equation  (3.5)  to  construct  lifetime  and  associated 
scatter-bands  in  figures  9  and  10 


V  C  h/MPa 

d(Ae)/Ae 

<I 

2  10"^  0.3F 

zbO.l 

4  X  10“^  (Nim  101  at  850  °C) 

9  X  10"®  (IN  718  at  550  °C) 

Figure  10.  Comparison  of  LCF  data-scatter  for  IN  718  at  550  °C  with  lifetime  and  associated 
scatter-band  predictions  calculated  from  equation  (3.5). 


line)  and  the  associated  scatter-bands  (dashed  lines)  for  Nimonic  101  at  850  °C 
and  IN  718  at  550  °C,  respectively.  The  BCR  data,  plotted  as  thick  horizontal 
lines  are  the  same  as  those  shown  in  figure  8.  The  model  parameters  are  shown 
in  table  2. 

The  values  used  for  the  hardening  parameter,  h,  and  the  yield  strains,  Ae^, 
were  deduced  from  experimental  data  on  the  two  alloys  given  by  Thomas  & 
Varma  (1992):  there  was  much  scatter  in  these  stress/strain  data  and  so  the 
values  quoted  are  only  approximate.  The  value  of  =  2  is  the  same  as  that 
reported  by  Tavernelli  &  Coffin  (1959)  for  a  different  set  of  alloy  systems.  Strictly, 
the  uncertainty  in  the  strain  range,  d(Ae)/Ae,  should  be  used  as  a  range  term 
(operating  only  to  reduce  model-based  predicted  lifetimes)  and  not  as  a  term. 
However,  since  the  model  parameters  have  been  derived  from  averaged  data  and 
the  material  behaviour  parameters  from  approximate  data,  this  seems  justifiable. 
A  value  of  ±10%  has  been  used  since  the  maximum  uncertainty  range  predicted 
by  the  ‘load- train- offset’  model  in  §3a  is  20%,  assuming  that  ASTM  Standard 
E606-80  (1980)  is  obeyed. 

Figures  9  and  10  demonstrate  that  this  simple  model  has  all  the  necessary 
components  for  successfully  predicting  lifetime  and  scatter,  but  requires  fine- 
tuning  to  get  detailed  agreement  between  experiment  and  theory.  However,  fine- 
tuning  is  hardly  worthwhile  because  the  main  message  concerns  the  inevitability 
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of  large  deterministic  scatter  bands  when  the  control  strain  range  is  reduced 
towards  that  of  the  yield  strain  range.  Such  deterministic  scatter  is  in  addition  to 
probabilistic  scatter  associated  with  the  intrinsic  inability  to  define  yield  stress 
precisely  in  a  polycrystal. 


4.  Discussion  and  conclusions 

Scatter  in  mechanical  property  data  has  always  posed  a  problem  for  designers 
of  load-bearing  components  and  has  been  accounted  for  historically  by  so-called 
factors  of  safety.  A  more  descriptive  term  would  be  factors  of  ignorance  since  their 
magnitudes  evolved,  quite  properly,  through  experience  of  disastrous  failures. 
Factors  of  safety  also  reflect  early  inadequacies  in  the  design  process  and  should 
now  be  an  anachronism  in  an  age  when  lifetime  prediction  of  complex  components 
using  finite  element  analysis  (fea)  is  a  reality  although  not  yet  by  any  means 
common- place.  The  limitation  on  fea  lifetime  prediction  lies  not  in  computing 
power  but  in  (i)  improving  the  physical  basis  for  quantitatively  understanding 
materials’  behaviour  so  that  adequate  constitutive  equations  can  be  developed 
and  (ii)  ensuring  that  the  chosen  material  has  been  manufactured  consistently  and 
the  properties  measured  to  an  adequate  precision.  Point  (ii)  has  been  addressed 
in  this  paper  using  creep  and  LCF  as  case  studies,  although  ‘adequate  precision’ 
never  seems  to  have  been  quantified  by  structural  designers. 

The  paper  has  attempted  to  put  a  scientific  framework  around  this  area  which, 
despite  its  fundamental  importance  to  efficient  and  cost-effective  structural  de¬ 
sign,  has  received  relatively  little  attention.  Perhaps  in  the  past,  steady  advances 
in  materials  processing  and  performance  have  enabled  the  design  engineer  to  per¬ 
sist  in  his  use  of  ‘factors  of  ignorance’,  but  an  era  of  ‘materials-limited  design’  can 
now  be  foreseen  in  power  engineering  applications  and  this  will  encourage  a  bet¬ 
ter  use  of  the  existing  materials  resource.  The  continuing  dramatic  fall  in  the  cost 
of  computing  power  when  offset  against  the  spiralling  cost  of  prototype  testing 
has  similarly  tilted  the  balance  in  favour  of  better  quality  databases  or,  at  least, 
databases  of  known  pedigree.  An  example  of  the  usefulness  of  good  pedigree  data 
is  the  creep  case-study  where  the  understanding  and  potential  predictability  of 
materials-scatter  was  enabled  only  by  the  systematic  experimental  work  of  Toft 
&  Marsden  (1961). 

The  disappointing  quality  of  the  interlaboratory  data  arising  out  of  the  BCR 
round  robin  exercise  on  high-temperature  LCF  has  been  rationalized  by  Thomas  & 
Varma  (1992)  as  due  to  certain  inadequacies  in  the  test  method.  Whether  the  nec¬ 
essary  improvements  in  testing  practice  will  emerge  in  the  near  future  remains  to 
be  seen,  but  the  work  of  Kandil  &:  Dyson  (1993a,  b)  has  quantitatively  accounted 
for  a  large  fraction  of  the  scatter  and  provided  guidance  on  the  experimental  path 
to  follow  to  effect  such  improvements.  Perhaps  one  of  the  most  important  con¬ 
clusions  to  emerge  from  the  analysis  is  that  large  deterministic  scatter-bands  are 
inevitable  as  the  cyclic  yield  strain  is  approached.  This  is  just  the  region  of  most 
interest  to  the  design  engineer  and  any  scatter  is  usually  attributed  to  materials 
processing.  Perhaps  a  rethink  is  required  in  the  whole  area  of  usage  in  design  of 
data  from  strain-controlled  LCF  tests  at  high  temperatures! 

Dr  S.  Osgerby  (NPL)  kindly  supplied  digitised  data  of  creep  lifetime  as  a  function  of  stress, 
derived  from  the  paper  by  Toft  &  Marsden  (1961).  Comments  by  Dr  F.  A.  Kandil  (NPL)  on  a 
draft  of  the  manuscript  have  been  incorporated  into  the  final  text. 
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Discussion 

P.  Hirsch  {Department  of  Materials,  University  of  Oxford,  UK).  I  am  deeply 
concerned  about  the  quality  of  the  data  quoted  on  low  cycle  fatigue.  The  spread 
of  the  results  from  different  laboratories  exceeds  the  safety  factor  of  25  usually 
applied  in  safety  assessments  to  allow  for  various  uncertainties.  This  is  potentially 
serious  because  when  making  such  assessments  data  from  different  laboratories, 
which  might  indicate  the  presence  of  systematic  errors,  are  not  always  available. 
It  is  to  be  hoped  that  the  efforts  of  those  engaged  in  BCR  and  other  projects  will 
soon  lead  to  a  tightening  of  the  specifications  governing  measurement  techniques, 
so  that  these  systematic  errors  can  be  reduced  to  negligible  values. 

B.  F.  Dyson.  I  hope  that  Sir  Peter  Hirsch’s  concern  will  soon  be  allayed.  My  for¬ 
mer  colleague  at  NPL,  Dr  F.  A.  Kandil,  is  now  leading  an  investigation  sponsored 
by  BCR  and  aims  to  develop  a  theoretical  and  experimental  framework  for  quanti¬ 
fying  uncertainties  in  low  cycle  fatigue  lifetime  data  due  to  errors  in  measurement 
during  testing.  The  ultimate  objective  is  to  provide  a  robust  methodology  that 
will  reduce  interlaboratory  data- spread  to  a  factor  less  than  about  five  in  lifetime. 
Although  this  is  not  negligible  as  Sir  Peter  clearly  wishes,  it  is  still  an  extremely 
ambitious  target  because  of  the  difficulties  inherent  in  this  test. 

M.  McLean  {Imperial  College,  London,  UK).  Professor  Dyson’s  model  incor¬ 
porates  the  effect  of  the  coarsening  of  a  fixed  volume  fraction  of  strengthening 
particles,  and  it  clearly  gives  a  good  representation  of  the  high-temperature  be¬ 
haviour  of  this  class  of  alloy.  In  others  there  can  be  significant  changes  in  phase 
chemistry.  For  example,  we  have  recently  shown  in  a  12CrMoNbV  steel  that  MC 
transforms  to  M23C6  during  service.  This  reduction  in  the  volume  fraction  of  MC 
leads  to  a  reduction  in  strength. 

R.  C.  Thomson  {Cambridge  University,  UK).  Professor  Dyson  described  the 
data  presented  (Toft  &  Marsden)  by  a  single  coarsening  parameter,  S.  However, 
the  particles  present  in  the  lCr|Mo  steel  microstructure  undergo  transforma¬ 
tions  from  cement ite  to  alloy  carbides  M7C3  and  M23C6,  etc.  It  is  known  in  the 
literature  that  these  Cr  rich  alloy  carbides  coarsen  much  more  slowly  than  cemen- 
tite.  Could  he  comment  on  how  these  transformations  and  subsequent  changes 
in  coarsening  rate  might  be  incorporated  into  the  coarsening  parameter,  and  sec¬ 
ondly  on  whether  he  thinks  there  is  a  need  to  do  so  in  terms  of  explaining  the 
macroscopic  creep  behaviour? 

B.  F.  Dyson.  Professor  McLean  and  Dr  Thomson  state  quite  correctly  that  the 
present  model  is  concerned  only  with  the  effect  on  creep  rate  when  a  spherical 
particulate  dispersion  of  fixed  volume  fraction  coarsens  according  to  the  Lifshitz- 
Slyozov  equation.  Real  materials  are  usually  more  complicated  and  this  is  par¬ 
ticularly  the  case  with  low-alloy  ferritic  steels,  which  is  the  point  of  commonality 
between  the  two  comments.  A  succession  of  coarsening  carbides  could  in  princi¬ 
ple  be  incorporated  into  the  present  model  by  introducing  a  damage  parameter 
with  its  appropriate  evolution  equation  for  each  carbide.  However,  it  is  debatable 
whether  the  effort  involved  in  producing  such  a  sophisticated  model  would  be 
worthwhile,  except  as  an  academic  exercise.  A  better  first  attempt  in  my  view  is 
to  assume  the  dominance  of  a  single  carbide  particle  for  all  but  the  shortest  times, 
particularly  since  one  important  aim  of  developing  physically  based  constitutive 
equations  is  to  predict  behaviour  at  stresses  giving  lifetimes  of  the  order  10^  h. 
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Professor  McLean  suggests  that  in  the  currently  important  12CrMoNbV  steel, 
the  reduction  in  volume  fraction  with  time  of  one  of  the  carbides  is  life-limiting. 
In  such  a  situation,  the  Lifshitz-Slyozov  coarsening  relationship  in  equation-set 
(2.1)  would  need  to  be  replaced  by  one  containing  the  evolution  rate  of  volume 
fraction,  with  suitable  changes  also  being  made  to  the  strain-rate  equation  to 
accept  volume  fraction  as  a  damage  parameter. 

M.  S,  Loveday  {Division  of  Materials  Metrology,  National  Physics  Laboratory, 
Teddington,  UK).  Professor  Dyson  has  highlighted  in  a  very  clear  manner  the 
importance  of  assessing  measurement  uncertainty,  and,  in  particular,  the  role  of 
modelling  a  material’s  behaviour  to  provide  a  clearer  means  of  identifying  the 
causes  of  scatter  in  experimental  data. 

The  need  for  a  statement  of  uncertainty  of  measurement  is  now  a  requirement 
for  International  (ISO)  and  European  (CEN)  testing  standards;  in  addition  ac¬ 
creditation  agencies  such  as  NAMAS  (National  Measurement  Accreditation  Ser¬ 
vice)  now  require  an  assessment  of  uncertainty  of  measurement,  whether  it  be  for 
determining  material  properties,  or  for  any  other  physical,  chemical  or  electrical 
measurments.  A  recently  published  document  -  ‘A  guide  to  the  expression  of 
uncertainty  in  measurement’  -  has  been  issued  by  ISO,  lEC,  OIML  and  BIPM 
which  provides  an  approach  for  assessing  total  uncertainty.  Although  this  docu¬ 
ment  is  comprehensive  and  based  on  sound  statistical  methods,  it  is  difficult  to 
see  how  the  majority  of  technical  staff  in  testing  laboratories  would  be  able  to 
understand  and  implement  its  recommendations;  however,  simplified  guidelines 
in  the  UK  are  being  prepared  by  NAMAS  and  the  BMTA  (British  Measurement 
and  Testing  Association). 

B.  F.  Dyson.  I  agree  with  the  sentiments  expressed  about  the  document;  its 
incomprehensibility  certainly  extends  to  me.  I  wish  NAMAS  and  BTMTA  well 
in  their  endeavour  to  provide  us  all  with  a  translation! 
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Effect  of  matrix  cracking  on  the 
overall  thermal  conductivity  of 
fibre-reinforced  composites 
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Division  of  Applied  Sciences,  Harvard  University,  Cambridge,  MA  02138,  USA 


The  longitudinal  thermal  conductivity  of  a  unidirectional  fibre- reinforced  com¬ 
posite  containing  an  array  of  equally  spaced  transverse  matrix  cracks  is  calcu¬ 
lated.  The  cracked  composite  is  modelled  by  a  cylindrical  cell  which  accounts  for 
altered  heat  transfer  across  the  matrix  cracks  as  well  as  through  debonded  por¬ 
tions  of  the  fibre-matrix  interface.  Heat  transfer  mechanisms  across  the  cracks 
and  dedonded  interfaces  considered  are  contact,  gaseous  conduction,  and  radia¬ 
tion,  and  the  relative  importance  of  these  mechanisms  is  discussed.  Approximate 
closed  form  solutions  to  the  cell  model  for  the  overall  thermal  conductivity  are 
obtained  using  an  approach  reminiscent  of  the  shear  lag  analysis  of  stiffness  loss 
due  to  matrix  cracking  and  debonding.  Selected  numerical  results  from  a  finite- 
element  analysis  of  the  cell  model  are  presented  to  complement  the  analytical 
solutions.  Both  matrix  cracking  and  interfacial  debonding  have  the  potential  for 
significantly  reducing  the  longitudinal  thermal  conductivity. 


1.  Introduction 

The  rule  of  mixtures  holds  rigorously  for  the  overall  longitudinal  thermal  conduc¬ 
tivity  hfl  of  a  crack- free  composite  reinforced  by  continuous  unidirectional  fibres: 

where  is  p  the  fibre  volume  fraction,  k\  is  the  axial  thermal 
conductivity  of  the  fibre  and  is  the  matrix  conductivity.  This  result  continues 
to  apply  when  fibre  debonding  occurs  (i.e.  when  a  thermal  barrier  of  negligible 
thickness  emerges  at  the  debonded  portion  of  the  fibre-matrix  interface)  but  fails 
if  the  matrix  develops  cracks  perpendicular  to  the  fibres  which  impede  the  heat 
flow.  Such  matrix  cracking  may  occur  in  intermetallic  and  ceramic  matrix  com¬ 
posites,  arising  from  excessive  stressing  in  the  vicinity  of  notches  or  other  sources 
of  stress  concentrations.  Thus,  the  presence  of  these  matrix  cracks  will  degrade 
the  thermal  conductivity  of  the  composite  and  thereby  alter  heat  flow.  In  the  ex¬ 
treme,  heat  transfer  through  the  matrix  can  be  fully  interrupted  by  a  combination 
of  matrix  cracking  and  interfacial  debonding  such  that  the  overall  longitudinal 
thermal  conductivity  of  the  composite  is  due  entirely  to  heat  conducted  by  the 
intact  fibres.  It  is  evident,  therefore,  that  the  longitudinal  conductivity  will  range 
from  k^  for  the  uncracked  composite  to  as  little  as  pk{  when  matrix  cracking  and 
interface  debonding  reduce  the  effective  heat  flow  in  the  matrix  to  zero.  Matrix 
cracking  also  strongly  affects  other  thermo-mechanical  properties  of  the  compo- 
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site  such  as  stiffness,  coefficients  of  thermal  expansion  (cte),  thermal  diffusivity, 
etc.  These  issues  are  now  receiving  increased  attention  in  connection  with  the 
application  of  composite  materials  to  environments  involving  high  temperatures 
and  temperature  gradients. 

Several  analytical  procedures  have  been  developed  for  the  evaluation  of  the 
overall  thermal  conductivity  of  a  homogeneous,  isotropic  matrix  containing  dis¬ 
tributed,  weakly  interacting  cracks  or  voids  (e.g.  Hasselman  1978;  Hoenig  1983; 
Tzou  1991;  Tzou  &  Li  1993).  For  a  unidirectional  fibre-reinforced  matrix  com¬ 
posite  suffering  no  matrix  cracking,  the  influence  of  fibre-matrix  debonding  on 
the  overall  transverse  thermal  conductivity  of  the  material  has  been  studied  by 
Benveniste  (1987),  Hasselman  &  Johnson  (1987),  Bhatt  et  al  (1990)  and  Fadale 
&  Taya  (1991),  among  others.  In  the  case  where  the  fibres  are  perfectly  bonded 
to  the  matrix  with  intimate  thermal  contact  across  their  interface  or  in  the  case 
where  full  debonding  along  the  fibre-matrix  interface  occurs,  the  presence  of  ma¬ 
trix  cracking  perpendicular  to  the  fibres  does  not  affect  the  thermal  conductance 
capability  of  the  composite  in  the  transverse  direction.  Thus  in  the  analysis  to 
follow  the  focus  is  on  the  overall  longitudinal  thermal  conductivity  of  the  unidi¬ 
rectional  composite  as  influenced  by  matrix  cracking  and  interface  debonding. 

The  key  element  in  building  up  a  solution  to  the  titled  problem  is  the  deter¬ 
mination  of  the  disturbance  to  the  temperature  distribution  in  each  composite 
constituent  due  to  the  matrix  cracks  and  the  debonded  interfaces.  The  thermal 
conductance  mechanisms  that  are  in  play  across  the  cracks  and  the  debonded  in¬ 
terfaces  will  be  discussed.  The  same  cylindrical  cell  is  used  to  model  the  conduc¬ 
tivity  of  the  cracked  composite  as  was  used  by  He  et  al  (1994)  to  predict  tensile 
stress-strain  behaviour  and  by  Lu  &  Hutchinson  (1995)  to  study  CTE  changes. 
The  present  study  will  focus  on  a  composite  comprised  of  transversely  isotropic 
fibres  in  an  isotropic  matrix  such  that  the  effective  properties  of  the  composite  are 
transversely  isotropic  relative  to  the  fibre  direction.  Attention  is  mainly  directed 
to  systems  where  the  matrix  has  a  larger  thermal  expansion  coefficient  than  those 
of  the  fibres,  such  that  upon  cooling  from  the  processing  temperature,  residual 
tension  builds  up  in  the  matrix  parallel  to  the  fibres  while  compression  develops 
across  the  fibre-matrix  interfaces.  As  a  consequence,  once  formed,  the  matrix 
cracks  remain  open,  and  debonded  portions  of  the  fibre-matrix  interfaces  remain 
nominally  closed  but  with  reduced  thermal  contact.  The  thermal  barrier  at  the 
debonded  interfaces  is  modelled  by  an  equivalent  interfacial  heat  transfer  coef¬ 
ficient  comprised  of  the  sum  of  three  conductances:  fibre-matrix  contact  across 
the  interface,  gaseous  conduction  and  radiation  heat  exchange.  Only  the  latter 
two  mechanisms  operate  to  transfer  heat  across  the  matrix  cracks.  Based  on  the 
analogy  between  the  variables  describing  elasticity  and  those  for  steady-state  heat 
conduction,  an  approximate  analytical  solution  for  the  effective  thermal  conduc¬ 
tivity  as  a  function  of  crack  density  is  obtained  by  an  approach  analogous  to  the 
well-known  shear  lag  analysis  of  stiffness  loss  due  to  matrix  cracking  and  interface 
debonding.  The  accuracy  of  the  approximations  introduced  in  the  analysis  of  the 
cell  model  will  be  assessed  with  the  aid  of  selected  finite-element  calculations. 

The  organization  of  the  paper  is  as  follows.  In  §  2,  the  problems  are  formulated 
with  discussion  of  the  heat  transfer  boundary  conditions.  Solutions  for  the  overall 
thermal  conductivity  of  the  cracked  composite  with  perfect  fibre-matrix  bonding 
are  derived  in  §  3,  These  results  are  extended  in  §  4  to  account  for  the  combined 
effects  of  matrix  cracking  and  interface  debonding. 
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Figure  1.  (a)  A  unidirectionally  reinforced  fibre-matrix  composite  with  an  array  of  uniformly 
spaced  matrix  cracks;  and  (h)  a  single  unit  cell  of  the  periodically  cracked  composite. 

2.  Formulation  of  the  problems 

A  unidirectional,  continuous  fibre-reinforced  composite  has  through-the-thick- 
ness,  periodically  distributed  matrix  cracks  with  spacing  d,  as  depicted  in  figure 
la.  For  cases  in  which  fibre-matrix  debonding  has  occurred,  the  debonds  extend¬ 
ing  from  the  matrix  crack  surfaces  will  be  assumed  to  have  a  common  length  I 
such  that  the  periodicity  is  preserved.  The  average  heat  flux  in  the  composite 
parallel  to  the  fibres  is  denoted  by  The  cylindrical  cell  shown  in  figure  16  is 
introduced  to  model  one  of  the  periodic  cells  of  the  cracked  composite.  Boundary 
conditions  appropriate  to  the  cylindrical  cell  will  be  discussed  below.  A  set  of 
cylindrical  polar  coordinates  (r,  6,  z)  is  chosen  such  that  the  2:-axis  coincides  with 
the  axis  of  the  fibre  and  increases  in  the  direction  of  the  heat  flow,  with  z  —  0  at 
the  cell  centre.  The  radius  R  of  the  cylindrical  cell  is  related  to  the  fibre  radius 
Rf  via  R  =  Ri/^/p.  Debonding  over  a  cylindrical  portion  of  the  fibre-matrix  in¬ 
terface,  if  present,  is  modelled  by  an  interfacial  crack  extending  a  distance  I  on 
either  side  of  each  matrix  crack  surface.  It  follows  that  /  =  represents  complete 
debonding,  whereas  /  =  0  corresponds  to  no  debonding. 


(a)  Basic  heat  conduction  equations 

By  cylindrical  symmetry,  the  temperature  and  temperature  gradient  fields  in 
the  cell  depend  only  on  r  and  2:.  For  fibres  with  transversely  isotropic  properties, 
Fourier’s  law  reads 


where  ql{r,  z)  and  q^r^  z)  are  flux  components  in  the  radial  and  axial  directions, 
kl  (=  7/c^),  kl  are  transverse  and  longitudinal  thermal  conductivities  of  the  fibre, 
Tf(r,  2:)  is  the  current  temperature  in  the  fibre,  =  dTijdr^  etc.  The  corre¬ 
sponding  relation  for  the  isotropic  matrix  is 
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with  kjn  designating  the  thermal  conductivity  of  the  matrix.  In  the  analysis, 
taken  to  be  temperature-independent  constants. 

In  the  absence  of  internal  heat  sources,  conservation  of  heat  in  association  with 
Fourier’s  law  (2.1)  leads  to  the  following  steady-state  equation  of  heat  conduction 
in  the  fibre: 


1  d  f  dTA  d^Tf 


(2.3) 


This  equation  also  holds  for  the  matrix  material  except  for  the  replacement  of 
fibre  temperature  Tf(r,  z)  by  matrix  temperature  Tm(r,  z)  and  7  =  1.  For  isotropic 
fibres,  equation  (2.3)  reduces  to  the  more  familiar  Laplace  equation. 

The  perfectly  bonded  portion  of  the  interface  is  assumed  to  have  no  thermal 
resistance,  requiring 


■yklTf^r  =  fcmT)n,r 

II 

o 

|z| 

(2.4) 

i! 

on  r  =  Rf, 

1 

V/ 

TT 

(2.5) 

Symmetry  with  respect  to  the  z-axis 

implies: 

Tf^r  =  0  on 

II 

/A 

Id. 

(2.6) 

The  appropriate  condition  on  the  outer  surface  of  the  cell  which  models  the 
periodic  structure  of  the  solution  expected  for  the  cracked  composite  of  figure  la 
is  that  no  heat  is  transferred  there,  i.e. 


Tra,r  =  0  On  v  =  R,  \z\  ^  (2.7) 

Inside  the  cylindrical  cell,  on  every  cross-section  transverse  to  the  axis  of  the 
fibre,  the  following  heat  balance  condition  is  satisfied: 

(1  -  p)krr,fm,z  +  =  -<fz  1^1  <  2^i  (2-8) 

where 

R^-R] 

are  temperature  gradients  averaged  over  the  cross-sectional  areas  of  the  fibre  and 
matrix,  respectively.  Simple  arguments  based  on  the  periodicity  and  linearity 
of  the  temperature  field  of  the  cracked  (and  possibly  debonded)  composite  cell 
model  disclose  that  the  temperature  distribution  is  independent  of  r  on  each  of 
the  transverse  planes  half  way  between  the  matrix  cracks  such  as  those  at  0  =  0 
and  z  =  d.  It  is  also  independent  of  r  within  the  fibre  on  all  planes  containing 
matrix  cracks  such  as  2:  =  ^d.  Denote  by  AT  the  temperature  change  between 
z  =  0  and  z  =  d.  The  overall  longitudinal  thermal  conductivity  is  defined  by 


K 


5” 


AT/rf' 


(2.10) 


Apart  from  the  conditions  on  the  matrix  crack  surfaces  and  on  the  debonded 
portions  of  the  fibre-matrix  interface,  which  will  be  discussed  immediately  below, 
these  equations  fully  specify  the  problem  for  k^, 
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trapped  gas 


t  t 

"  heat  conduction  by 
radiation 

“  heat  conduction  by  gas 
heat  conduction  by 
fibre-matrix  contact 


Figure  2.  (a)  Schematics  of  the  heat  conductance  mechanisms  across  the  matrix  crack  surfaces 
and  the  debonded  portions  of  the  fibre-matrix  interface;  and  (6)  model  representation  of  the 
radiative  heat  exchange  between  fibre  and  matrix  over  a  typical  gap  at  the  interface. 


(5)  Boundary  condition  at  the  debonded  interfaces 

Heat  flow  will  be  impeded  on  portions  of  the  fibre-matrix  interface  which 
have  debonded.  Assume  the  heat  flow  through  the  interface  is  proportional  to 
the  temperature  jump  across  it.  Let  hi  be  the  interfacial  thermal  conductance 
defined  such  that 

jklTi^r  =  k^T^,r  =  hiT^i-Tn)  on  r  =  Rt,  -  I  ^  \z\  ^  ^d,  (2.11) 

where  Tfi(z)  and  T^fiz)  denote  respectively  the  temperatures  of  the  fibre  and 
matrix  at  the  interface.  If  the  mechanisms  of  heat  transfer  through  the  interface 
operate  independently,  hi  can  be  written  as  (Leung  &  Tam  1988;  Bhatt  et  al 
1990) 

T  hg  T  /if,  (2.12) 

where  he  is  the  component  contributed  by  heat  transfer  through  contacting  points 
between  the  fibre  and  matrix,  hg  is  due  to  the  interfacial  gaseous  heat  transfer, 
and  hj.  is  attributable  to  the  radiative  heat  transfer  across  the  non- contacting 
portions  of  the  interface  (figure  2a).  The  subject  of  thermal  resistance  is  itself 
a  complex  one,  and  no  complete  theory  is  available.  Several  theoretical  models 
as  well  as  experimental  results  for  solid-solid  interfaces  are  reviewed  recently  by 
Swartz  &  Pohl  (1989). 

Assuming  the  matrix  has  a  larger  thermal  expansion  coefficient  than  that  of  the 
fibre,  the  fraction  of  interfacial  conductance  due  to  fibre-matrix  contact  he  de¬ 
pends  in  a  complicated  manner  on  both  on  the  surface  roughness  of  the  debonded 
portion  of  the  interface  and  on  the  clamping  pressure  acting  over  the  interface. 
Since  the  latter  scales  with  thermal  expansion  mismatch  between  fibre  and  ma¬ 
trix,  it  is  expected  that  he  should  increase  with  mismatch.  Quantitative  estimates 
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of  he  are  difficult  to  establish  theoretically,  but  may  often  be  inferred  from  the 
measurement  of  the  total  conductance  hi  in  vacuum,  as  will  be  discussed. 

The  detailed  mechanism  underlying  the  transfer  of  heat  by  the  gas  filling  the 
spaces  of  the  interface  is  controlled  by  the  Knudsen  number  defined  as  the 
ratio  of  the  mean  free  path  of  the  gas  to  the  characteristic  width  of  the  interfacial 
gap.  When  TVk  1,  the  continuum  theory  of  heat  conduction  in  the  gas  applies. 
If  A^k  ^  1  the  energy  exchange  involves  collisions  of  gas  molecules  and  the 
interfacial  surface  with  relatively  few  intervening  interatomic  or  intermolecular 
collisions.  For  intermediate  values  of  TVk?  the  two  processes  are  in  transition. 
Since  the  mean  free  path  of  a  gas  depends  on  both  temperature  and  pressure,  the 
mechanism  controlling  hg  may  shift  as  environmental  conditions  imposed  on  the 
composite  change. 

To  gain  insight  into  the  radiative  heat  transfer  mode,  consider  radiative  heat 
exchange  between  two  parallel  surfaces  with  emissivities  and  Cf  and  absolute 
surface  temperatures  T^i  and  T^,  respectively,  as  depicted  in  figure  2b.  The  net 
rate  of  radiative  heat  exchange  between  the  two  surfaces  is  given  by 

,  <^iTi-TL)  V2.13) 

1  -  e^Sfiera  +  gf)’ 


where  a  =  5.67  x  10“®  W  m"^  K“^  is  the  Stefan-Boltzmann  constant  of  radiation. 
The  temperature  jump  —  Tmi  across  the  thin  interfacial  gap  is  expected  to  be 
small  compared  to  either  of  the  two  surface  temperatures.  With  Tj  denoting  the 
average  of  T^i  and  (2.13)  can  be  approximated  by 


^ri  — 


1  “1“  ^f) 


(Tfi  —  Tmi), 


(2.14) 


which,  in  the  light  of  (2.11)  and  (2.12),  yields 


hj.  oc 


4a(fi)^ 

1  ^m^f(^ni  H”  ^f) 


(2.15) 


As  an  estimation  of  the  relative  significance  of  the  radiative  effect,  take  = 
Cf  =  0.9  and  Ti  =  1200  K  in  (2.15)  to  get  hr  ^  7.1  x  10^  W  m“^  K“T  This  is  a 
very  small  value  compared  to  values  such  as  10^  W  m“^  or  larger  expected  for 
most  ceramic  and  intermetallic  matrix  composites  maintaining  nominally  closed 
debonded  interfaces  or  even  gas-filled  open  interfaces.  One  point  of  calibration 
is  the  value  of  hi  measured  experimentally  by  Bhatt  et  al.  (1990)  for  debonded 
interfaces  of  a  composite  consisting  of  double-coated  SCS-6  SiC  fibres  within  a 
reaction-bonded  silicon  nitride  matrix.  The  thermal  expansion  mismatch  of  this 
composite  system  is  such  that  the  debonded  interface  is  fully  opened.  Neverthe¬ 
less,  hi  was  found  to  be  in  the  range  10^  to  10^  W  m“^  K“^,  with  hg  overwhelming 
hr.  Thus  it  can  be  reasonably  expected  that  the  radiative  component  hr  will  gen¬ 
erally  be  negligible  for  temperatures  as  large  as  1200  K  and  probably  higher,  espe¬ 
cially  for  composites  for  which  the  debonded  interface  surfaces  maintain  nominal 
contact. 

The  competition  between  heat  transfer  by  surface  asperity  contact  and  gaseous 
conduction  vanishes  under  vacuum  conditions  with  the  gaseous  phase  removed. 
(Bhatt  et  al  (1990)  used  vacuum  testing  to  elucidate  the  role  of  gaseous  con¬ 
duction  in  their  study.)  Thus,  to  a  good  approximation,  the  interfacial  thermal 
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conductance  measured  in  vacuum  represents  the  contact  conductance  he.  Then 
to  obtain  the  component  hg,  one  may  measure  the  total  interfacial  conductance 
hi  in  the  gaseous  phase  of  interest  and  subtract  he  from  it. 

(c)  Boundary  condition  on  the  crack  surfaces 

As  has  been  already  emphasized,  attention  is  focused  on  composite  systems 
where  the  CTE  of  the  matrix  exceeds  that  of  the  fibre.  For  composites  with  either 
a  ceramic  or  intermetallic  matrix,  the  fibres  are  usually  bonded  to  the  matrix 
at  relatively  high  temperatures.  Under  cooling  from  the  fabricating  temperature, 
the  matrix  develops  residual  tension  in  the  direction  of  the  fibre  while  a  clamping 
pressure  acts  across  the  fibre-matrix  interface.  When  matrix  cracks  form  they 
remain  completely  open  even  under  no  applied  load.  Residual  crack  openings  are 
generally  in  the  range  0.01-1  pm,  depending  on  many  factors  including  residual 
stress,  extent  of  fibre  debonding  and  sliding,  and  fibre  diameter. 

Assuming  negligible  heat  loss  due  to  flow  of  gas  through  the  cracks  (which 
is  justified  for  crack  openings  as  large  as  0.1  mm),  it  follows  that  heat  transfer 
across  the  crack  surfaces  is  realized  by  two  mechanisms:  gaseous  conduction  and 
crack  surface  radiation.  Hence,  with  He  denoting  the  total  conductance  across 
the  matrix  crack, 

He  =  H^  +  H,,  (2.16) 

where  and  Hj.  are  defined  in  the  same  way  as  hg  and  h^.  The  qualitative 
arguments  advanced  above  for  the  relative  importance  of  the  two  conductance 
contributions  apply  here  as  well.  Specifically,  it  can  be  expected  that  Hj.  will  often 
play  a  minor  role.  In  general,  the  boundary  condition  governing  heat  transfer 
across  the  matrix  crack  surface  is 

kenT^,^  =  He{Tf;-T-)  ou  \z\  =  ^d,  R,  ^  r  ^  R,  (2.17) 

where  the  flow  of  heat  is  taken  to  be  in  the  positive  2:-direction,  and  T+  and 
T~  are  temperatures  on  the  upper  and  lower  surfaces  of  the  crack,  respectively. 
Under  the  limiting  condition  in  which  negligible  heat  passes  across  the  crack,  the 
boundary  condition  becomes 

hmTm,z  =  0  on  \z\  =  Rf  ^r  ^  R.  (2.18) 

Under  this  limit  when  the  cracks  act  as  perfectly  insulating  barriers,  and,  for  the 
cell  model,  all  the  heat  then  passes  the  plane  at  z  =  through  the  fibre,  i.e. 

3.  Thermal  conductivity  of  cracked  composites  with  perfectly  bonded 

interfaces 

The  set  of  governing  equations  of  steady-state  heat  conduction  in  a  unidirec¬ 
tional  fibre-reinforced  composite,  (2.1)-(2.3),  is  formally  analogous  to  that  of  the 
elasticity  problem  for  the  same  composite,  if  g*,  Tj,  kij  are  respectively  replaced 
by  €ij^  cTjj,  Sijkh  The  so-called  shear  lag  approximations  (Laws  &  Dvorak  1988; 
McCartney  1990;  Lu  &  Hutchinson  1995),  which  are  very  effective  for  estimat¬ 
ing  stiffness  loss  due  to  matrix  cracking  and  debonding,  can  be  adapted  to  the 
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thermal  conductivity  problem.  Details  of  this  approximate  solution  procedure  are 
elaborated  in  an  expanded  version  of  this  paper  available  from  the  second  author 
as  report  MECH-239. 

For  perfectly  bonded  fibre-matrix  interfaces,  the  governing  differential  equation 
which  emerges  for  the  average  fibre  temperature  gradient  in  the  presence  of  matrix 
cracking  is 

where  the  non-dimensional  coefficient  is  defined  by 

^  =  {87fc°/(l  -  (3.2) 

The  relevant  solution  to  (3.1)  is 

= -q°Jk°  +  AiCOsh.{^z/R{)  for  |2:|  <  (3.3) 

where  Ai  is  a  constant  to  be  determined  from  the  boundary  condition.  The  first 
term  is  recognized  as  the  uniform  temperature  gradient  in  the  uncracked  com¬ 
posite.  The  disturbance  to  the  uniform  field  by  the  matrix  cracks  is  represented 
by  the  second  term.  This  same  type  of  solution  for  this  geometry  carries  over 
to  problems  of  elasticity,  thermal  expansion,  electrical  conduction,  electrostatics, 
and  magnetostatics  owing  to  the  well  known  mathematical  analogy  that  exists 
between  the  subjects  (Batchelor  1974). 

(a)  Thermally  insulated  crack  surfaces 
If  the  matrix  crack  surfaces  are  thermally  insulated  under  condition  (2.18) 
discussed  earlier,  (3.3)  together  with  (2.19)  yields 


irf.  (3.4) 

The  overall  longitudinal  thermal  conductivity  kz  is  defined  by  (2.10)  where  AT  = 
Tf(d)  --Tf(O),  since  T  is  uniform  with  respect  to  r  on  z  =  0  and  z  =  d.  Geometric 
symmetry  with  respect  to  z  =  then  gives 

AT  =  2{T,{\d)  -  Tf(0))  =  2  ^  d.^.  (3.5) 

(Equation  (3.5)  applies  to  the  cell  model  for  all  boundary  conditions  considered 
in  this  paper.)  By  (2.10), 


dft  9°  f  l-pfc„,  cosh(^0/Ef)  ) 
dz  k^\  p  kl  cosh{^d/2Rf)  J  "" 


,  ;ofi  I  1  -  pfcm  tanh(|(i/2i?f)  ) 
n  P  kl  id/2Rt  J 


(3.6) 


Figure  3  gives  curves  of  k^/k^  against  normalized  crack  density  R{/d  for  five  values 
of  fibre  volume  fraction  p:  0.1,  0.2,  0,3,  0.4  and  0.5.  The  constitutive  parameters 
used  in  this  example  are  k\lk^~2  and  7  =  1. 

Also  included  in  figure  3  are  numerical  results  from  a  finite-element  analysis 
of  the  boundary  value  problem  for  the  cell  as  posed  above  for  p  =  0.1,  0.3,  0.5. 
The  finite-element  discretization  is  made  for  a  quarter  of  the  cell  (the  shaded 
region  of  figure  16)  with  eight-node  quadratic  axisymmetric  elements.  Quarter- 
point  elements  are  used  to  simulate  the  singular  behaviour  of  the  temperature 
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Rf/d 

Figure  3.  Cell  model  predictions  and  finite-element  results  for  normalized  longitudinal  conduc¬ 
tivity  kz/kz  as  functions  of  normalized  crack  density  R{/d  for  five  selections  of  fibre  volume 
fraction  p:  0.1,  0.2,  0.3,  0.4  and  0.5.  Other  constitutive  parameters  used  are  kl/km  =  2,  y  =  1 
and  Be  =  0. 


gradient  and  heat  flux  flelds  in  the  vicinity  of  the  crack  tip.  The  agreement 
between  the  approximate  solution  and  the  finite-element  results  is  clearly  very 
good.  For  d/R{  >  3,  the  dependence  of  kz  on  crack  density  is  nearly  linear.  This 
is  the  density  range  in  which  interaction  between  neighbouring  cracks  is  weak.  At 
higher  crack  densities,  kz/k^^  decays  relatively  slowly  and  gradually  approaches 
the  asymptote  pk\/k\.  In  the  limit  d  =  0,  all  the  heat  flows  through  the  fibre  so 
that  kz  =  pk\.  The  finite-element  results  are  relatively  insensitive  to  the  details  of 
the  mesh  around  the  crack  tip  when  the  crack  density  is  low.  They  become  more 
sensitive  to  mesh  refinement  at  high  densities,  but,  in  any  case,  crack  spacings 
less  than  about  2R{  are  rare. 

In  passing,  it  is  worth  noting  that  (3.6)  is  similar  in  form  to  the  shear  lag  ap¬ 
proximation  for  the  longitudinal  elastic  modulus  Ez  of  the  cracked  unidirectional 
composite, 

+  ,  (3.7) 

where  is  the  axial  elastic  modulus  of  the  uncracked  composite,  and  where 
and  S  are  dimensionless  functions  of  p  and  moduli  ratios  (Lu  &  Hutchinson 
1995).  Application  of  the  shear  lag  approach  to  the  stiffness  problem  requires 
some  numerical  analysis  to  evaluate  D^.  Similar  numerical  work  is  unnecessary 
for  the  lower  order  heat  conduction  problem. 

(6)  The  effect  of  gaseous  heat  conduction  within  matrix  cracks 

Gaseous  conduction  is  expected  to  be  the  most  important  mechanism  for  heat 
transfer  across  the  open  matrix  cracks,  as  previously  discussed.  Condition  (2.17) 
is  assumed  to  hold  on  the  cracks  where  is  the  heat  conductance  coefficient. 
This  coefficient  will  be  taken  to  be  independent  of  the  temperature  in  the  analysis. 
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Figure  4.  The  effect  of  varying  the  Biot  number  for  matrix  cracking  on  the  overall  longitudinal 
thermal  conductivity  for  =  2,  7  =  1  and  p  =  0.3. 


but  clearly  its  value  should  be  assigned  consistent  with  the  ambient  temperature 
in  the  composite. 

The  temperature  gradient  averaged  across  the  fibre  is  still  given  by  (3.3).  From 
(2.8)  and  (3.3),  the  temperature  gradient  in  the  matrix  immediately  follows  as 

Given  that  the  temperature  is  uniform  with  respect  to  r  at  z  =  0  and  z  =  d,  it 
follows  that  the  temperature  drop  across  the  crack  can  be  expressed  as 


.d/2 

Cl. 

a. 

3 

lo 

dz  dz 

2A,Rfk° 

(1  - 


sinh 


dz 


(3.9) 


When  (2.17)  is  rewritten  in  terms  of  T^,  and  (3.8)  and  (3.9)  are  substituted  into 
the  result,  one  finds 


Ai  — 


q°  (1  -  p)fcm 

pK 


+ 


2k°HgR{ 

p(k^K 


sinh 


(3.10) 


Finally,  the  overall  longitudinal  thermal  conductivity  of  the  composite  is  obtained 
from  relations  (2.10),  (3.3)  and  (3.10)  as 


(1  -  p)k^  t^nh{^d/2R,)/{^d/2R,)  \ 

pkl  1  +  {2k^^Bjp^km)  tanh(^d/2i^f)  J 


where  Be  =  HeRf/kl  is  the  Biot  number  for  matrix  cracking.  Relation  (3.11) 
reduces  to  (3.8)  for  adiabatic  crack  surfaces  {He  =  0). 

The  effect  of  Be  on  the  normalized  overall  thermal  conductivity,  kz/k^z^  is  il- 


Phil.  Trans.  R.  Soc.  Lond.  A  (1995) 


Matrix  cracking  and  fibre-reinforced  composites  605 


Table  1.  The  properties  of  dry  air  at  atmosphere  pressure 
(The  dimension  of  Hg  is  W  m”^  K~^.) 


T 

kg 

(K) 

(10“®  m) 

(W  m-‘  K-') 

6  =  0.01  pm 

6  = 

■  0.1  pm 

(5=1  pm 

300 

5.69 

0.032 

Nk  =  5.69 

Nk  = 

0.57 

Nk  =  0.057 

i/g  =  3.2  X  10® 

3.2  X  10® 

Hg  =  3.2  X  10^ 

1273 

11.1 

0.085 

Nk  =  11.1 

Nk  = 

1.11 

Nk  =0.11 

Hg  =  8.5  X  10® 

H,= 

8.5  X  10® 

Hg  =  8.5  X  10^ 

lustrated  in  figure  4,  for  =  2,  7  =  1  and  p  =  0.3.  The  limit  for  5c  =  0 

corresponds  to  perfectly  insulating  cracks  for  which  results  have  been  displayed 
previously,  while  the  limit  for  Be  =  00  leaves  the  overall  conductivity  unchanged 
at  k^.  The  value  of  Be  characterizing  the  transition  midway  between  these  two 
extremes  is  about  0.1.  To  acquire  some  feel  for  the  significance  of  crack  thermal 
conductance,  consider  a  ceramic  composite  with  a  fibre  of  radius,  R{  =  10  pm, 
and  conductivity  in  the  range  10^-10^  W  m“^  expected  for  SiC  fibres.  If  Be 
is  to  be  greater  than  0.1,  the  crack  conductance  parameter,  must  be  larger 
than  lO^-lO'^  W  m“^  K“h  As  already  discussed,  the  contribution  of  Hj.  to  He  is 
likely  to  be  orders  of  magnitude  smaller  than  this.  To  gain  some  insight  into  the 
contribution  from  ifg,  consider  the  parameter  values  for  dry  air  at  a  pressure  of 
one  atmosphere  given  in  table  1  for  T  =  300  K  and  T  ~  1273  K,  taken  from  Sears 
(1967).  The  mean  free  path  of  the  molecules  in  the  gas,  1^,  is  on  the  order  of 
0.1  pm  at  both  temperatures  giving  rise  to  the  Knudsen  number,  TVk,  shown  for 
each  of  the  three  values  of  the  crack  opening,  6.  The  continuum  conductance  of 
the  gas  /Cg  is  not  applicable  to  the  two  smallest  crack  openings  at  =  0.01  pm 
and  0.1  pm.  Nevertheless,  even  for  these  cases,  the  continuum  formula  Hg  =  kg/ 6 
should  give  a  rough  estimate  of  the  heat  conductance  across  the  crack,  an  esti¬ 
mate  which  is  expected  to  be  somewhat  below  the  value  appropriate  in  the  regime 
of  intermediate  to  large  Knudsen  numbers.  It  can  be  seen  from  the  values  of  Hg 
given  in  table  1  that  Be  is  likely  to  be  as  large  as  0.1  when  the  crack  openings 
are  in  the  range  from  0.01  pm  to  somewhat  less  than  0.1  pm,  but  Be  should  be 
well  below  0.1  for  darge’  openings  of  1  pm.  From  this  example,  we  conclude  that 
composite  thermal  conductivity  may  be  sensitive  to  conductance  by  the  gas  in 
the  matrix  cracks,  with  cracks  with  openings  well  above  0.1  pm  acting  as  barriers 
to  thermal  conduction  and  those  with  openings  below  0.1  pm  having  less  effect 
on  the  overall  heat  flow. 


4.  Thermal  conductivity  of  cracked  composites  with  partly  or  fully 

debonded  interfaces 

In  this  section  the  combined  effects  of  matrix  cracking  and  thermal  contact 
resistance  due  to  flbre-matrix  debonding  on  the  overall  longitudinal  thermal  con¬ 
ductivity  of  the  composite  are  considered.  The  thermal  barrier  at  the  debonded 
interface  may  be  modelled  either  by  an  equivalent  interfacial  heat  transfer  coef¬ 
ficient  hi  or  by  introducing  a  thin  cylindrical  layer  of  poor  conductivity  between 
the  fibre  and  the  matrix.  The  concept  of  interfacial  heat  transfer  in  the  form  of 
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(2.11)  will  be  adopted  below  due  to  its  simplicity.  As  discussed,  the  coefficient  hi 
depends  on  surface  asperities,  thermal  expansion  mismatch,  gas  in  the  interface, 
interface  temperature  and  possibly  other  factors.  As  in  the  study  of  the  effect  of 
matrix  crack  conductance,  h-,  will  be  taken  to  be  independent  of  temperature  in 
the  analysis. 

For  the  bonded  portion  of  the  fibre,  the  differential  equation  (3.1)  governing 
the  longitudinal  temperature  gradient  has  a  solution  in  the  form, 

Tf.z  =  +  A2  cosh.{^z/Rf)  for  \z\  (4.1) 

where  the  unknown  coefficient  A2  will  be  determined  from  the  continuity  of 
at  the  debond  tip.  For  the  debonded  portion  of  the  fibre,  the  analysis  gives 


where  the  dimensionless  coefficient  (  is  related  to  ^  by 

r  1  I 

<  =  •  '«> 

and  Bi  =  hjRf/kl  is  the  Biot  number  for  the  debonded  interface.  The  limiting  case 
of  0  represents  the  adiabatic  boundary  condition  in  which  the  debonded 

portion  of  the  fibre-matrix  interface  is  perfectly  insulated.  The  other  limit  Bi  — ^ 
00  refers  to  the  case  where  intimate  thermal  contact  obtains  between  the  fibre 
and  matrix  with  Tf,  =  T^i  everywhere  across  the  debonded  interface;  then,  (4.2) 
reduces  to  (3.1).  The  general  solution  to  (4.2)  for  a  gradient  which  is  symmetric 
with  respect  to  2;  =  0  is 

=  -qVkl  +  As  cosh{Cz/R{)  for  <  |z|  ^  |d!,  (4.4) 

where  the  unknown  coefficient  As  will  be  determined  from  the  boundary  condition 
on  the  matrix  crack  surface. 


(a)  Thermally  insulating  matrix  cracks 
If  debonding  of  length  I  has  occurred  at  the  fibre-matrix  interface  and  no  heat 
is  being  transferred  across  the  matrix  cracks,  combination  of  relations  (4.1),  (4.4) 
with  relations  (2.8),  (2.11)  and  (2.18)  gives  the  following  distribution  of  average 
temperature  gradient  within  the  fibre 

Ji  +  1- pk^cosHC{^d-l)/Ri]  cosh{^z/Rt)  \ 

/fco  \  p  fcf  cosh[f  (irf  -  l)/Ri]  cosh(Crf/2i?f)  J  ’ 
f  =j  for  \z\^^d-l,  .45^ 

g°  f.  l-pkm  cosh{Cz/R{)  \ 
k°{  p  kl  cosh{^d/2Ri)  J  ’ 
for  <  |2:|  ^ 


The  resulting  expression  for  the  effective  overall  longitudinal  thermal  conductivity 
of  the  composite  becomes 


fcz  =  k° 


1— rtanh((C(f/2i?f) 

p  V,  i  (d/mf 


+  F 


(4.6) 
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Figure  5.  Effect  of  fibre-matrix  debonding  on  the  overall  longitudinal  thermal  conductivity  of 
the  cracked  unidirectional  composite  for  (a)  Bi  =  0.1  and  (fe)  B\  =  0.01.  The  constitutive 
parameters  used  are  kl/km  =  2,  7  =  1,  p  =  0.3  and  Be  =  0. 

Here,  F  is  a  dimensionless  function  defined  by 


cosh[C(|d  -  l)/Rf]  [  tanh[^(|d  -  l)/Rf)  tanh[C(|d  -  l)/Rf) 
cosh(Cd/2Ff)  [  ^d/2R{  Cd/2Rf 


The  predicted  values  of  k^/k^  are  plotted  in  figure  5  against  Rf/d  for  five  choices 
of  normalized  debond  length:  l/Rf  =  0,  0.5,  1,  2,  d/2Ff,  and  two  values  of  the 
interface  Biot  number:  Bj  =  0.01  and  0.1.  The  parameters  k\/k^  =  2^  p  =  0.3 
and  7  =  1  have  been  used  in  plotting  these  curves.  Compared  with  the  case  of 
matrix  cracking  unaccompanied  by  fibre-matrix  debonding  where  a  fairly  high 
density  of  cracks  is  needed  to  cause  a  significant  reduction  in  the  axial  thermal 
conductivity  the  results  in  figure  5  clearly  show  that  debonding  associated 
with  a  low  Biot  number  can  reduce  k^  to  the  lowest  limit,  pk\^  even  at  relatively 
low  crack  densities. 

At  full  debonding,  when  I  =  F  vanishes  in  (4.6),  yielding 

;  _;o[,  ,  |■tanh(Crf/2i^f)]'^"^ 

^  P  kii  cdm  Ji  ’ 
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Figure  6.  The  effect  of  varying  the  interfacial  Biot  number  B,  on  the  overall  longitudinal  ther¬ 
mal  conductivity  of  the  cracked  unidirectional  composite  with  complete  debonding  over  the 
fibre-matrix  interface.  The  constitutive  parameters  used  are  the  same  as  those  listed  in  figure  5. 


which  has  the  same  form  as  that  of  (3.8)  for  the  case  of  perfect  bonding  except  that 
the  coefficient  ^  there  is  now  replaced  by  Moreover,  (4.8)  reduces  to  (3.6)  when 
the  fibre  and  matrix  are  in  intimate  contact  across  the  debonded  portion  of  the 
interface  [Bi  =  oo).  If  the  debonded  interfaces  are  perfectly  insulating  {Bi  =  0), 
kz  reduces  to  pkl  for  all  crack  spacing  d.  For  intermediate  values  of  Bi,  the  curve 
of  kz/k^z  against  R{/d  is  plotted  in  figure  6,  again  with  kl/k^  =  2,  p  =  0.3  and 
7  =  1.  For  composite  systems  having  values  oi  B^  <  0.1,  the  conclusion  to  be 
drawn  from  figure  6  is  that  the  debonded  portion  of  the  interface  can  be  safely 
taken  to  be  perfectly  insulating. 


(6)  The  combined  effect  of  B[  and  Be 

If  heat  is  transmitted  across  the  matrix  crack  surfaces  (.Be  >  0),  the  solution  for 
A2  and  As  follows  along  the  lines  outlined  in  §  3  and  for  the  case  just  discussed. 
The  result  is 


_  .  cosh[C(|c^-  l)/Ik] 

^  ^cosh[^(|(i  -  Z)/i?f)  ’ 


(4.9) 


As  — 


(1  -  p)k, 


pkl  cosh(Cd/2ilf) 


^  2klHR,  , 


2R{ 


-1 


The  corresponding  solution  for  the  overall  conductivity  kz  is 


(4.10) 


f  {l-p)k^te.nHCd/2R,)/{(d/2R,)AF{C,CJ/Rf^d/R,)\-^ 

/c,  _  ^  ^  iflk^BjCpkra)  tanh(Cd/2i^f)  J  ’ 

(4.11) 

where  C  depends  on  B^^  as  given  by  (4.3)  and  F  is  still  given  by  (4.7).  In  the  case 
of  complete  debonding  along  the  interface  (/  =  Id),  F  =  0  and  (4.11)  becomes 
formally  identical  to  (3.11)  except  for  the  replacement  there  of  ^  by  C* 

With  B\  fixed  at  0.1  and  with  k\/k^  =  2,  p  =  0.3  and  7  =  1,  the  values  of 
kz/kl  from  (4.11)  are  displayed  in  figure  7  for  several  choices  of  B^,  assuming 
that  full  debonding  has  taken  place  along  the  fibre-matrix  interface.  They  are 
bracketed  by  the  two  limiting  cases  5c  =  0  and  B^  =  00  corresponding  to  kz  =  pkl 
and  kz  =  kl^  respectively.  Apparently,  if  the  magnitudes  of  both  Bi  and  Be  are 
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Figure  7.  The  effect  of  varying  the  matrix  cracking  Biot  number  Be  on  the  overall  longitudinal 
thermal  conductivity  of  the  cracked  unidirectional  composite  with  complete  debonding  over  the 
fibre-matrix  interface.  The  constitutive  parameters  used  are  kl/km  =  2,  7  =  1,  p  =  0.3  and 

Bi  =  0.1. 

less  than  0.1,  then  the  approximations  of  adiabatic  crack  surfaces  and  adiabatic 
debonded  interfaces  can  be  justified. 


5.  Concluding  remarks 

Matrix  cracking  in  combination  with  interfacial  debonding  can  reduce  the  over¬ 
all  longitudinal  thermal  conductivity  of  a  unidirectional  fibre-reinforced  compos¬ 
ite  to  a  level  where  essentially  all  the  heat  is  conducted  through  the  fibres.  The 
reduction  can  be  as  large  as  50-70%  if  the  fibre  conductivity  is  comparable  to 
that  of  the  matrix  and  the  volume  fraction  of  the  fibre  is  in  the  range  of  0.3-0. 5. 
Significantly,  this  can  be  achieved  at  relatively  low  crack  densities  when  exten¬ 
sive  debonding  occurs,  if  the  relevant  Biot  numbers  for  the  matrix  cracks  and 
the  debonded  interfaces  are  both  less  than  about  0.1.  In  the  case  where  matrix 
cracking  is  not  accompanied  by  fibre  debonding,  correspondingly  large  reductions 
in  the  thermal  conductivity  of  the  composite  are  not  seen  until  the  cracks  reach 
a  relatively  high  density  rarely  observed  in  practice.  Matrix  cracking  perpendic¬ 
ular  to  the  fibres  does  not  affect  the  transverse  heat-carrying  capability  of  the 
composite  if  the  fibres  are  perfectly  bonded  to  the  matrix. 

Insightful  discussions  by  one  of  the  us  (T.J.L.)  with  Professor  H.  W.  Emmons  and  Professor  J. 
L.  Sanders,  Jr,  concerning  heat  transfer  boundary  conditions  have  been  very  helpful.  Financial 
support  from  ARPA  University  Research  Initiative  (Subagreement  P.O.  #KK  3007)  with  the 
University  of  California,  Santa  Barbara,  ONR  Prime  Contract  N00014-92-J-1808,  and  from  the 
Division  of  Applied  Sciences,  Harvard  University,  is  gratefully  acknowledged.  The  finite-element 
code,  ABAQUS,  was  used  to  provide  selected  numerical  solutions  to  the  cell  model. 
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Discussion 

D.  J.  Rodel  {GDP,  Darmstadt,  Germany).  Could  Professor  Hutchinson  get  an 
insight  into  asperity  contact  and  especially  into  the  change  of  asperity  contact 
after  cyclic  loading  from  thermal  conductivity  measurements  in  transverse  direc¬ 
tions  on  uniaxial  debonded  reinforcements? 

J.  W.  Hutchinson.  This  seems  quite  possible.  There  is  only  one  set  of  data, 
from  Hasselman.  They  measured  transverse  conductivity  in  vacuum  and  argon 
and  from  the  data  in  argon  one  could  get  an  insight  into  asperity  contact.  The 
micromechanics  would  not  help  much — you  would  have  to  calibrate. 
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The  historical  development  of  the  procedures  used  in  high-temperature  design  us¬ 
ing  isotropic  materials  is  described.  It  is  illustrated  how  knowledge  of  the  mech¬ 
anisms  causing  time-dependent  deformation  and  damage  can  help  to  describe 
the  influence  of  the  multi-axial  states  of  stress  occurring  in  practice  and  to  pro¬ 
vide  rational  procedures  for  extrapolating  the  results  of  short-term  tests.  Since 
the  procedures  are  based  on  mechanisms,  their  structure  lends  itself  readily  to  a 
concurrent  engineering  approach. 

Procedures  which  support  the  application  of  composites  to  high-temperature 
designs  are  much  less  well  developed  but  the  progress  to  date  supports  the  notion 
that  mechanism-based  design  procedures  are  practical,  economic  and  amenable 
to  concurrent  engineering. 


1.  Introduction 

The  procedures  of  design  with  monolithic  metals  are  now  well  established  hav¬ 
ing  been  in  a  state  of  constant  development  for  over  a  century.  The  concept 
of  ductility  (Fairbairn  1856)  enabled  engineers,  if  only  intuitively,  to  use  plas¬ 
tic  deformations  to  design  efficient  and  reliable  components.  The  experiments  of 
Wohler  (1860)  demonstrated  that  the  application  of  many  cycles  of  load  could 
cause  failure  at  levels  which  are  fractions  of  those  causing  short-time  failure.  The 
theory  of  elasticity  (Love  1892)  provided  the  theoretical  support  for  its  practical 
application  by  means  of  strength  of  materials.  The  rules  of  design  gradually  devel¬ 
oped  from  experience  combined  with  the  results  of  experiments  on  large  complex 
components  (Blair  1946).  By  the  middle  of  the  century,  the  theory  of  plasticity 
was  established  definitively  (Hill  1950)  and  the  results  were  being  applied  to  civil 
engineering  (Baker  et  al  1956)  and  pressure  vessel  technology  stimulated  by  the 
demands  of  nuclear  power  (Kennedi  1960).  The  combination  of  economic  and 
technological  factors  encouraged  the  increased  use  of  high-strength  steels.  Expe¬ 
rience  with  the  use  of  high-strength  steels  pointed  to  the  importance  on  perfor¬ 
mance  of  defects  introduced  during  the  process  of  manufacture  and  construction. 
These  circumstances  stimulated  renewed  interest  in  the  previous  studies  of  Grif¬ 
fith  (1920)  and  resulted  in  the  theory  of  fracture  (Irwin  1958)  which  is  now  widely 
practised  as  a  design  tool. 

The  availability  of  these  concepts  provides  a  box  of  design  tools  which  are 
sharp  enough  to  be  used  across  a  spectrum  of  applications  from  electronic  com¬ 
ponents  to  offshore  structures.  Each  application  has  its  own  set  of  nuances  but 
the  uniformity  of  language  eases  communication  between  the  disciplines  of  ma¬ 
terials  science,  design  and  manufacture.  Design  involves  many  decisions  which 
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are  easier  to  make  when  supported  by  a  small  number  of  robust  concepts.  Their 
application  must  avoid  complex  procedures  which  encumber  the  creative  process. 
As  design  progresses,  more  emphasis  and  effort  may  be  expended  on  details  and 
refinement,  but  these  must  be  compatible  with  the  overall  thrust  of  the  original 
design  concept. 

The  design  concepts  using  the  new  breed  of  materials,  such  as  those  proposed 
for  future  aircraft  engines  remain  to  be  established.  There  are  several  difficul¬ 
ties.  Material  development  is  characterized  by  rapid  change  so  that  only  small 
amounts  are  available,  for  even  the  simplest  tests.  Specimens  which  duplicate 
the  complex  states  of  stress  occurring  under  operating  conditions  are  extremely 
expensive,  even  if  sufficient  material  is  available.  Information  from  a  build  and 
test  experience  base  will  not  be  available.  Drawing  blindly  from  experience  with 
monolithic  metals  is  likely  to  result  in  failures,  which  are  the  consequence  of  un¬ 
suspected  mechanisms.  Under  these  circumstances,  new  design  procedures  must 
include  the  role  of  material  mechanisms  on  component  performance.  This  has 
been  possible  in  high-temperature  design  with  metals.  The  procedures  described 
in  R5  (1991)  are  simple,  robust,  science-based  and  provide  a  common  language 
between  materials  scientist  and  designer.  In  this  paper,  an  abbreviated  account 
is  given  of  attempts  to  establish  design  procedures  for  new  high- temperature 
composite  materials. 


2.  The  mechanics  and  mechanisms  of  current  high-temperature 

design 

The  mechanics  of  design  for  components  which  operate  at  high  temperature  are 
already  in  place  and  have  been  incorporated  into  working  design  codes  (R5  1991). 
Because  the  life  and  deformation  of  high-temperature  components  are  dictated 
by  the  time-dependent  failure  mechanisms,  it  has  been  essential  that  the  results 
of  materials  science  be  integrated  into  the  design  process.  Material  properties 
establish  the  connection  between  materials  science  and  the  continuum  mechanics 
as  described  in  the  text  of  Ashby  &  Jones  (1980). 

Mostly,  but  not  always,  components  operate  in  the  elastic  range.  The  elastic 
moduli  of  the  material  which  are  the  consequence  of  interatomic  forces  are  the 
parameters  needed  to  complete  the  elastic  analysis  of  a  component.  Hence,  the 
properties  provide  the  means  of  relating  the  microscale  to  the  scale  of  components 
according  to  the  relation  shown  below. 


mechanism 

— >  property 

— ^  continuum  mechanics 

— ^  design  concepts 

interatomic 

force 

E,  G 

theory  of  elasticity 
(Love  1892) 

strength  of 
materials 

stress 

concentration 

factor 

finite  element 

In  addition  to  connecting  scales,  the  properties  provide  information  about  the 
response  to  the  multi-axial  stress  states  occurring  in  practice.  Hence,  in  the  case  of 
isotropic  materials,  both  Young’s  modulus  E  and  shear  modulus  G  are  required  to 
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activate  the  theory  of  elasticity.  Elasticity  theory  can,  in  principle,  be  used  to  solve 
problems.  However,  the  theory  of  elasticity  is  an  enormous  intellectual  edifice  and 
it  is  the  simplified  methods  known  as  strength  of  materials  that  designers  use 
to  estimate  quickly,  deformations  and  stress  levels.  Stress  concentration  values 
are  also  important  in  helping  to  determine  design  limits  and  these  have  been 
catalogued.  For  more  complex,  unusual  problems,  the  finite-element  method  is  a 
well-developed  design  tool. 

An  elastic  response  is  normally  expected  when  the  component  operates  under 
normal  working  conditions.  However,  under  unusual  and  infrequent  operating 
conditions,  it  is  common  to  exceed  the  conditions  for  which  elasticity  is  valid.  It 
is  then  necessary  to  include  the  influence  of  irreversible  plastic  deformations.  The 
yield  stress  (jy ,  is  then  the  appropriate  material  property  which  relates  dislocation 
mechanics  to  the  continuum  theory  of  plasticity  as  indicated  below. 


mechanism 

— >■  property  — ^  continuum  mechanics 

— design  concepts 

dislocation 

(Jy,  J2  theory  of  plasticity 

limit  load 

mechanics 

(Hill  1950) 

bounds 

The  second  stress  tensor  invariant  J2  defines  the  influence  of  three-dimensional 
stress  states.  This  is  the  simplest  description  and  does  not  include  important 
effects,  such  as  work-hardening,  but  design  procedures  must  be  simple,  and  such 
concerns  are  left  to  a  more  detailed  level  of  design.  The  application  of  the  theory 
of  plasticity  has  been  a  fertile  ground  for  design  because  the  application  of  the 
bounding  theorems  allows  decisions  to  be  made  on  the  basis  of  quite  simple 
calculations  and  can  be  part  of  the  creative  process. 

Fracture  has  also  been  integrated  into  the  design  process  and  in  addition  to 
evaluating  the  influences  of  defects  introduced  during  manufacture  can  also  be 
used  as  a  creative  design  tool.  The  relationship  between  mechanisms  and  design 
is  indicated  below. 


mechanism 

— >•  property  — > 

continuum  mechanics 

— ^  design  concepts 

voids 

Kic 

fracture  mechanics 
(Irwin  1958) 

critical  crack 
length 

debonding 

Kiic 

leak  before  break 

Kmc 

test  procedures 

When  two  different  mechanisms  operate  simultaneously,  the  conditions  are  set 
for  the  appearance  of  additional  phenomena.  For  example,  under  cyclic  loading 
conditions,  when  both  elastic  and  plastic  deformations  occur,  then  the  shake- 
down  concept  provides  valuable  insight  into  component  behaviour.  Comparison 
of  the  limit  and  fracture  loads  suggests  the  ‘leak  before  break’  concept  defining 
the  condition  when  contained  fluid  can  leak  before  failure,  providing  additional 
safety  to  the  design.  The  material  parameter  describing  this  mechanism  param¬ 
eter  {Kic/ayY^  which  is  a  particular  example  of  the  material  indices  studied 
extensively  by  Ashby  &  Jones  (1980). 

The  methods  for  high-temperature  design  fit  into  a  similar  framework  by  using 
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the  reference  stress  as  a  material  property  which  removes  time  from  the  design 
process.  The  deformation  reference  stress,  ctd?  is  defined  usually  as  that  stress 
which,  when  applied  to  a  uniaxial  specimen  for  time  equal  to  the  design  life 
causes  a  strain  of  1%.  The  rupture  stress  is  that  uniaxial  stress  which  causes 
rupture  at  the  design  life.  The  need  to  extrapolate  data  and  identify  mechanisms 
necessitates  the  addition  of  a  column  headed  Identifier  so  that  the  chart  for  high 
temperature  is  shown  in  table  1. 

The  effect  of  multi-axial  states  of  stress  on  creep  deformation  is  defined  by 
the  function  (j).  The  function  cj)  is  usually  taken  to  be  the  second  stress  invariant 
J2,  but  under  conditions  dominated  by  diffusion  (j)  is  the  maximum  stress.  The 
studies  of  deformation  creep  mechanics  have  identified  deformation  bounds,  so 
that  deformations  can  be  estimated  for  constant  and  cyclic  loads  and  tempera¬ 
ture.  As  it  is  for  plasticity  theory,  the  bounding  principles  are  the  basis  of  design 
procedures.  When  the  function  (f)  =  J21  many  of  the  calculations  for  plasticity 
can  be  used  directly  with  the  reference  deformation  stress  ctd  replacing  the  yield 
stress  <jd.  This  means  that  the  extension  of  the  design  methods  of  plasticity  can 
be  extended  to  creep  and  this  is  the  basis  of  the  R5  procedure. 

The  mechanics  which  describes  component  behaviour  when  the  material  de¬ 
teriorates  with  time  is  known  as  continuum  damage  mechanics.  This  subject  is 
of  more  recent  origin  and  it  is  only  recently  that  the  first  text  on  the  subject 
has  been  published  by  Lemaitre  (1992).  The  function  A,  which  describes  the  ef¬ 
fect  of  three-dimensional  stress  states  on  damage  growth,  is  dependent  on  the 
underlying  damage  mechanism.  In  diffusional  creep  rupture,  A  tends  to  be  the 
maximum  stress,  (Xmax,  whereas  for  materials  with  changing  internal  dislocation 
state,  A  is  the  second  stress  invariant  J2.  The  functional  form  of  cj)  and  A  can  be 
determined  from  experiment,  but  the  tests  are  demanding,  expensive  and  time 
consuming.  Clearly,  the  ability  to  define  A  from  a  knowledge  of  the  underlying 
mechanism  offers  substantial  benefits.  This  need  has  led  to  the  interest  in  mech¬ 
anism  identifiers.  The  most  commonly  used  are  the  high-temperature  mechanism 
maps  (Frost  &  Ashby  1982),  which  identify  the  operating  limits  of  different  dam¬ 
age  mechanisms.  Another  identifier  is  the  creep  ductility  index  which  is  defined 
as  the  creep  strain  at  rupture  divided  by  the  product  of  the  steady-state  creep 
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Figure  1.  Diagnostic  diagram. 


rate  and  the  time  to  rupture.  The  deformation  is  illustrated  in  figure  1.  Dyson  & 
Leckie  (1988)  have  shown  that,  when  X  ^  1,  the  mechanism  is  diffusion  controlled 
and  A  =  cr^nax*  When  A  is  large  (A  =  10),  then  A  =  J2. 

It  is  a  constant  problem  in  high-temperature  design  that  the  experiments  are 
accelerated  and  failure  times  measured  in  the  laboratory  are  orders  of  magnitude 
less  than  the  design  life.  It  is  then  necessary  to  use  some  form  of  extrapolation  to 
estimate  the  reference  stress  corresponding  to  the  life  of  the  component.  A  knowl¬ 
edge  of  the  mechanism  and  the  conditions  under  which  they  operate  can  direct  an 
efficient  test  program  and  add  confidence  to  the  extrapolation  techniques.  Knowl¬ 
edge  of  the  mechanism  also  helps  to  provide  a  mathematical  description  needed 
for  design  calculations.  Finally,  the  mechanism  growth  laws  can  be  expressed  in 
terms  of  dimensionless  groups.  It  has  been  established  by  Frost  &  Ashby  (1982) 
that  data  obtained  for  one  material  may  be  used  to  describe  the  behaviour  of 
another,  provided  they  fall  within  defined  material  groupings.  This  implies  that 
the  results  of  long-term  tests  obtained  for  one  material  may  be  modified  to  pro¬ 
vide  information  of  another  material  within  the  same  classification  for  which  test 
data  are  not  available. 

Codes  of  practice  define  those  design  procedures  which  result  in  a  reliable  and 
functioning  product  without  the  need  for  expensive  build  and  test  verification. 
This  latter  requirement  is  especially  important  in  complex  systems.  The  most  re¬ 
cent  attempt  to  define  design  procedures,  for  high  temperature  operation  comes 
from  the  Assessment  Procedures  R5  from  Nuclear  Electric  pic  (1991).  The  pro¬ 
cedures  are  based  on  the  framework  described  above,  relating  mechanisms  and 
mechanics  by  means  of  the  reference  stress.  Extensive  use  is  made  of  bounding 
theorems,  so  that  only  elastic  analysis  is  required.  In  this  way,  complex  and  time- 
consuming  analyses,  which  impede  design  decisions,  can  be  avoided.  The  overall 
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Figure  2.  Space  Station  Freedom  solar  dynamic  power  module. 


clarity  of  the  approach  also  provides  the  flexibility  necessary  for  integrating  the 
effort  needed  to  solve  complex  technological  problems.  The  design  methods  have 
been  formulated  with  large  mechanical  components  in  mind  which  operate  up  to 
600  °C.  The  procedures  used  to  design  aircraft  engines  are  the  closely  guarded 
results  of  industrial  competitors,  but  it  is  clear  in  discussions  with  designers  that 
the  same  ingredients  govern  the  design  process. 

An  illustration  of  the  flexibility  of  the  R5  procedure  is  the  design  of  the  power 
plant  for  a  space  station  to  circle  the  Earth  for  30  years.  The  proposal  uses 
LiF-CaFe  salt,  as  the  heat  source  of  a  Brayton  thermodynamic  cycle.  When  the 
spacecraft  is  facing  the  Sun,  the  rays  are  directed  onto  pellets,  containing  the 
salt  eutectic  which  melts  at  750  °C  (figure  2).  When  the  spacecraft  passes  behind 
the  Earth  away  from  the  Sun,  the  melted  salts  solidify  and  supply  the  latent 
heat  required  to  operate  the  power  system  during  the  darkened  portion  of  the 
flight  while  maintaining  a  constant  temperature  heat  source.  The  design  life  is 
30  years,  the  cycle  time  around  the  Earth  is  90  min,  so  that  there  are  175  000 
operating  cycles.  The  pressure  of  the  working  fluid  is  308  kPa  and  operates  at 
750  °C.  Upset  conditions  include  the  plant  shutdown,  followed  by  restart  when 
the  a  temperature  increase  is  1000  °C.  The  purposed  material  is  the  cadmium 
alloy  Haynes  88.  Following  rhe  systematic  interpretation  of  the  R5  procedure 
reveals  that  the  most  critical  mechanism  is  the  creep  rupture  of  the  containment 
vessel  operating  at  750  °C.  An  instinctive  reaction  might  have  suggested  that  it 
is  the  severe  upset  conditions  which  are  critical.  It  is  an  advantage  of  the  R5 
procedure  that  there  is  no  prejudgement  of  the  failure  mechanism  and  each  must 
be  systematically  investigated.  The  biggest  unknown  is  long-term  creep  strength 
and  the  need  to  extrapolate  rupture  tests  lasting  30  000  h  to  the  263  000  h  life 
of  the  component.  It  is  then  that  the  mechanism  approach  allows  rational  and 
effective  interpretation  of  available  information  and  the  selection  of  the  reference 
stress. 


3.  Some  observations  on  the  use  of  composite  material 

In  addition  to  the  ability  to  operate  at  high  temperatures,  weight  saving  is  an 
important  design  consideration  for  aero-engines  so  that  the  strength/density  ratio 
features  in  material  selections.  However,  since  multi-axial  stress  states  are  the 
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normal  conditions  in  engineering  components,  the  axial  strength/density  values 
may  be  an  insufficient  indicator  of  material  behaviour. 

The  longitudinal  transverse  strength  and  strength/density  properties  of  the 
MMC  SiC~Ti,  with  unidirectional  continuous  fibres,  are  shown  in  figure  3a,  b.  The 
strength  in  the  fibre  direction  is  ctl  and  (Jt  in  the  transverse  direction.  Also  plot¬ 
ted  in  the  diagram  are  the  strength  and  the  strength/density  values  of  the  metal 
matrix.  It  can  be  readily  seen  that  the  addition  of  fibres  to  the  titanium  matrix 
improves  the  strength  of  the  matrix  in  the  fibre  direction,  but  reduces  it  in  the 
transverse.  However,  in  circumstances  when  the  stress  state  is  uniformly  biaxial 
and  there  is  equal  reinforcement  in  two  directions,  the  resulting  strength  and 
strength/density  values  indicated  in  figure  3  are  scarcely  better  than  those  of  the 
matrix.  The  message  is  clear.  To  gain  advantage  of  the  strength/weight  properties 
of  the  MMC,  the  loading  anisotropy  should  match  that  of  the  material.  An  appro¬ 
priate  application  of  MMCs  is  the  boron-aluminum  uniaxial  members  proposed  for 
a  space  station  (figure  4).  The  selection  of  a  monolithic  material  for  the  joints  is 
appropriate  on  two  counts.  The  stress  states  in  the  joint  are  multi-axial  so  there 
is  no  strength/density  advantage  to  be  gained  by  using  a  composite.  Further¬ 
more,  the  technology  of  monolithic  joints  is  much  more  advanced.  The  interface 
properties  between  composite  and  monolithic  are  a  new  unknown  introduced  into 
the  problem.  The  struts  proposed  to  position  nozzles  in  aero-engines  is  also  il¬ 
lustrated  in  figure  4,  with  the  SiC-Ti  composite  being  bonded  to  a  monolithic 
titanium  joint.  When  designing  the  joint,  the  load  is  assumed  to  be  transferred 
entirely  in  shear  between  the  join  and  MMC.  It  is  assumed  no  stress  is  carried 
across  the  normal  interface.  This  assumption  results  in  heavier  joints  and  creates 
interfaces  which  may  fail  by  fatigue. 

Another  application  to  be  discussed  later  is  the  composite  ring  of  an  aero¬ 
engine,  compressor,  in  which  the  dominant  stress  is  in  the  hoop  direction  (fig¬ 
ure  4).  The  centrifugal  loads  introduce  transverse  stresses  into  the  ring  which 
must  be  taken  into  consideration  when  attempting  to  determine  the  flow  of  the 
load  into  the  fibres  in  the  circumferential  direction, 

A  basic  concern  is  the  decrease  of  composite  performance  in  the  presence  of 
the  stress  concentrations  which  occur  at  holes  and  intersections.  Experiments 
performed  by  Connell  et  al  (1994)  on  SiC-Ti  MMC  plates  indicate  that  the  in¬ 
troduction  at  holes  and  slits  greatly  reduce  strength.  The  tensile  strength  of  the 
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Figure  4.  Typical  metal-matrix  composite  component. 


composite  is  1800  MPa  and  the  introduction  of  a  1  mm  diameter  hole  reduces  the 
strength  to  1100  MPa.  This  result  is  consistent  with  a  toughness  of  approximately 
100  MPa,  which  agrees  quite  closely  with  the  results  of  the  detailed  analysis  by 
Connell  et  al  (1994).  The  design  implication  is  evident.  In  the  longitudinal  direc¬ 
tion  the  MMC  is  brittle,  so  that  stress  concentration  must  be  avoided  or  special 
attention  given  to  reinforcement.  It  is  of  little  surprise  then,  that  current  applica¬ 
tions  appear  to  be  limited  to  simple  shapes  which  avoid  the  stress  concentrations 
associated  with  holes  or  intersections.  Similar  experiments  on  panels  of  CMCs  with 
notches  (Cady  1994)  indicate  that  these  materials  are  tough  and  notch  insensi¬ 
tive  so  that  failure  occurs  when  the  average  stress  at  the  point  of  minimum  cross 
section  equals  the  ultimate  strength  of  the  CMC.  During  such  tests,  it  is  observed 
that  there  is  multiple  matrix  cracking,  which  is  the  likely  source  of  the  negligi¬ 
ble  effect  of  stress  concentration.  CMCs  must  have  multidirectional  reinforcement 
and  since  they  are  notch  insensitive,  the  presence  of  stress  concentrations  is  of 
little  importance.  The  CMC  component  shown  in  figure  5  is  the  exhaust  chamber 
of  an  aero-engine.  The  mechanical  load  from  internal  pressure  is  small  but  the 
component  has  a  complex  shape  with  many  points  of  stress  concentrations. 

The  MMC  rotor  ring  and  the  CMC  exhaust  chamber  represent  examples  of  the 
application  of  composites  to  specialized  aero-engine  components.  Other  presen¬ 
tations  in  these  proceedings  deal  with  ceramic  matrix  composites,  so  that  further 
discussion  is  restricted  to  metal  matrix  composites. 
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4.  Behaviour  of  metal  matrix  composites 

The  behaviour  of  MMCs  is  strongly  dependent  on  the  strength  of  the  inter¬ 
face  between  the  fibre  and  matrix.  The  MMC  SiC-Ti  usually  has  a  weak  interface, 
while  AI2O3-AI  has  a  strong  interface.  A  weak  interface  ensures  that  the  strength 
of  the  fibres  can  be  fully  utilized,  but  this  is  achieved  at  the  expense  of  trans¬ 
verse  properties.  By  contrast,  the  MMCs  with  strong  interface  have  relatively  poor 
longitudinal  strength  but  good  transverse  properties. 

Because  the  effective  use  of  MMCs  implies  unidirectional  reinforcement,  it  is 
this  form  of  reinforcement  which  is  considered.  In  practice  however,  the  operat¬ 
ing  stress  states  are  multi-axial  and  it  is  necessary  to  determine  the  modes  of 
deformation  and  failure  for  all  stress  states.  Since  the  availability  of  materials 
under  development  is  usually  limited  to  a  small  number  of  small  plates,  it  is  not 
possible  to  perform  the  number  or  kind  of  tests  used  to  characterize  isotropic 
metals.  A  compensation  is  that  the  microstructure  is  usually  well  defined  and 
the  results  of  computation  using  homogenization  methods  can  help  to  investi¬ 
gate  stress  states  which  are  difficult  experimentally  (Gunawardeena  et  al  1993). 
Although  the  properties  of  MMCs  have  been  investigated  in  the  fibre  direction, 
perpendicular  to  the  fibres  and  in  shear,  only  the  effect  of  transverse  stress  is 
covered  for  the  present.  It  is  the  response  to  this  loading  which  infiuences  the 
behaviour  of  the  rotor  ring  discussed  later. 

The  maximum  stress  observed  in  the  transverse  stress-strain  relationship  (fig¬ 
ure  6)  for  the  SiC-Ti  composite  reaches  only  40%  of  the  strength  of  the  matrix. 
The  weak  fibre-matrix  interface  is  the  source  of  this  behaviour.  There  is  thermal 
mismatch  between  fibre  and  matrix,  so  that  the  HIPing  process  used  in  produc¬ 
tion  introduces  compressive  thermal  stresses  across  the  interface.  On  application 
of  the  transverse  stress,  the  compressive  interface  stress  is  reduced  until  the  resid¬ 
ual  stresses  are  overcome  when  the  interface  debonds.  The  presence  of  the  debond 
decreases  the  transverse  elastic  modulus  and  strength,  since  the  composite  now 
behaves  as  titanium  penetrated  by  holes  the  size  of  the  fibres.  These  features  are 
seen  in  the  transverse  stress-strain  curve  shown  in  figure  6,  with  debond  occur¬ 
ring  when  the  applied  stress  is  200  MPa.  The  reduction  in  the  elastic  modulus  is 
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Figure  6.  Transverse  stress-strain  relationship  for  SCS6-Ti  composite. 

substantial  and  the  strength  is  only  40%  of  the  strength  of  the  matrix.  Since  there 
is  no  build-up  of  triaxial  stresses,  the  failure  strain  of  1%  is  not  dramatically  less 
than  the  3%  observed  for  the  matrix  material. 


5.  Rotor  design 

Because  of  the  high  mechanical  loads,  the  rotor  of  the  compressor  presents  a 
demanding  design  problem.  By  replacing  the  conventional  rotor  by  an  MMC  ring, 
it  has  been  suggested  that  the  weight  of  the  compressor  may  be  decreased  by  as 
much  as  50%.  A  first  attempt  of  a  rotor  design  for  study  purposes  is  shown  in 
figure  7.  The  rotor  consists  of  a  SiC-Ti  composite  ring  in  a  Ti  cladding.  There 
are  25  blades  attached  to  the  outer  diameter.  The  rotor  speed  is  1900  r.p.m.  and 
the  total  centrifugal  load  from  the  blades  is  1.3  MN. 

The  rings  are  manufactured  using  the  HIPing  procedure  at  900  °C.  Because 
of  the  thermal  mismatch  between  fibre  and  matrix  and  the  MMC  ring  and  the 
cladding,  thermal  residual  stresses  are  introduced  into  the  microstructure  of  the 
composite  and  the  ring. 

The  distribution  of  blade  loading  is  not  uniform  along  the  perimeter  and  in¬ 
troduces  troublesome  multi-axial  stress  states  into  the  MMC  ring.  This  difficulty 
can  be  avoided  by  noting  the  load  can  be  divided  into  components,  one  of  which 
is  uniform  and  equal  to  the  average  load.  The  other  loading  is  periodic,  being 
alternatively  positive  and  negative,  repeating  itself  over  a  distance  equal  to  the 
circumferential  pitch  L  When  the  loading  has  the  periodic  form  indicated  in 
figure  8,  it  is  known  from  elasticity  theory  that  at  a  depth  equal  to  the  circum¬ 
ferential  pitch  I  the  stress  has  been  reduced  to  less  than  5%  of  the  magnitude  of 
the  periodic  loading  component.  Hence,  provided  the  distance  between  the  blades 
and  the  MMC  ring  is  greater  than  the  circumferential  pitch  of  the  blades  the  load 
applied  to  the  ring  is  uniform  and  the  irregularities  of  blade  loading  removed.  It 
can  be  seen  in  the  present  design  that  the  blade  spacing  is  substantially  less  than 
the  distance  between  blades  and  ring  so  that  an  immediate  weight  gain  should 
be  possible. 

To  understand  how  the  centrifugal  blade  load  is  transferred  into  the  ring,  consti¬ 
tutive  equations  have  been  developed  which  describe  the  behaviour  of  the  SiC-Ti 
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Figure  7.  Compressor  disc  with  MMC  ring. 
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Figure  8.  Components  of  blade  loading. 


MMC  and  can  be  used  in  finite- element  calculations.  The  constitutive  equations 
take  into  consideration  the  changes  in  the  elastic  and  plastic  deformations  fol¬ 
lowing  debonding  at  the  fibre-matrix  interface. 

The  tensile  stresses  in  the  fibre  direction  are  shown  in  figure  9.  Because  of  the 
debonding  (the  debond  angle  is  also  shown  in  figure  9),  the  radial  loading  does 
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Hoop  Stress 
a  (MPa) 


Figure  9.  Hoop  stresses  and  debond  angle. 


not  pass  smoothly  into  the  ring  with  some  of  the  load  being  transferred  down  the 
outside  cladding.  Consequently,  the  tensile  stress  in  the  mmc  ring  is  not  uniform, 
being  a  maximum  at  the  bore.  This  lack  of  uniformity  in  stress  means  that  the 
ring  is  not  used  efficiently.  Furthermore,  when  fibres  begin  to  break,  failure  is 
catastrophic,  which  is  clearly  undesirable.  By  adjusting  the  shape  of  the  cross- 
section,  it  is  possible  to  achieve  more  uniform  stress  in  the  ring  and  at  the  same 
time,  arrange  that  substantial  plastic  deformation  occurs  in  the  metal  ligament 
before  fibre  failure.  With  this  arrangement,  plastic  deformation  occurs  before  the 
onset  of  general  failure,  thereby  introducing  a  safety  mechanism. 

The  constitutive  equations  are  complex  and  need  the  results  of  non-standard 
tests  together  with  micro- mechanics  models.  Their  application  is  unlikely  to  ap¬ 
peal  to  designers  and  for  that  reason,  something  simpler  is  required.  It  has  been 
observed  in  this  study  that  the  most  important  influence  is  the  effect  of  debond 
of  the  fibre-matrix  interface  on  the  elastic  properties.  Hence,  elastic  calculations 
which  at  the  outset  assume  the  elastic  properties  of  the  MMC  with  debonded  inter¬ 
face  give  a  good  indication  of  how  the  flow  of  stress  supports  the  transverse  loads. 
These  calculations  are  very  much  simpler  than  those  which  follow  the  debonding 
process.  Apart  from  any  computational  advantage,  it  is  prudent  to  assume  that 
the  compression  stresses  following  processing  are  eliminated  by  small  amounts  of 
creep  so  that  the  continuity  of  the  fibre-matrix  interface  is  broken  and  transverse 
properties  are  reduced. 
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6.  Summary  and  conclusions 

The  design  methodology  for  metals  operating  at  high  temperature  is  well  de¬ 
veloped.  The  procedures  are  based  on  the  results  of  continuum  mechanics  and 
the  role  of  materials  is  defined  by  a  small  number  of  material  properties  and  func¬ 
tions  which  describe  the  behaviour  under  three-dimensional  stress  states.  When 
the  temperatures  are  such  that  time- dependent  phenomena  dominate,  the  selec¬ 
tion  of  material  properties  and  the  dependence  on  multi- axial  stress  are  dictated 
by  the  physical  mechanisms.  The  organizational  table  1  provides  a  comprehen¬ 
sive  understanding  of  the  role  of  each  mechanism  and  the  framework  needed  for 
concurrent  engineering.  High-temperature  mechanics  is  nonlinear  and  the  calcula¬ 
tions  required  to  predict  component  behaviour  are  expensive,  lengthy  and  impede 
design  decisions.  Codes  based  on  bounding  methods  have  been  formulated  on  the 
basis  of  elastic  calculations  which  are  completed  with  much  greater  ease. 

A  comparable  framework  for  high-temperature  design  with  composite  materials 
is  emerging  but  the  material  properties  are  dependent  on  the  mix  and  geometry 
of  the  constituents  on  the  composites.  The  increased  choice  adds  complexity 
and  emphasizes  the  need  for  a  mechanisms-based  methodology  which  increases 
understanding  and  avoids  crushing  knowledge  overload.  Some  examples  have  been 
covered  which  show  that  it  is  possible  to  connect  mechanism  indicators  with 
component  performance.  Generally  speaking,  understanding  of  the  mechanisms 
is  improving  and  the  procedures  are  available  formulate  constitutive  equations 
which  provide  faithful  representation  of  the  controlling  mechanisms.  However, 
the  calculations  are  complex  and  indicate  the  need  for  simple  procedures  which 
can  be  used  in  design. 
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